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1. Structure of the thesis 

This habilitation thesis presents the main achievements of my research at the Department of 

Physics of Materials during the years 2014 – 2020. My scientific activities focused mainly 

on the development of titanium-based materials for medical applications. The range of 

research spans from theoretical considerations and experimental characterization to applied 

research projects aiming to achieve commercially utilizable materials. I conducted a 

significant part of this investigation, but a successful research in such a complex topic 

requires a team consisting of members with different abilities, experiences and interests. 

Such team at the Department of Physics of Materials made this thesis possible. 

The habilitation thesis is a compilation of previously published works. However, the 

structure of the thesis is affected by the fact that recently I was invited and had the privilege 

to publish two chapters in the monograph Titanium in medical and dental applications 

published by Woodhead Publishing, Elsevier. Each of these two chapters introduced the 

topic, reviewed existing literature and presented some of our own experimental results. 

Based on these two chapters, which are included in this habilitation thesis, the scientific 

content of the thesis can be divided into two following parts:  

1) Development of Ti-Nb-Ta-Zr-O biomedical alloys 

2) Ultra-fine grained Ti alloys for biomedical use 

 

How to read this thesis 

Chapter 2 Introduction aims on introducing the reader to the topic of titanium alloys with 

the focus on medical applications. The text of this chapter is partly based on the introduction 

to the diploma thesis of my former PhD student Kristina Bartha: Microstructure and 

mechanical properties of ultra-fine grained titanium alloys.  

Chapter 3 Development of Ti-Nb-Ta-Zr-O biomedical alloys first briefly introduces this 

research topic. More detailed scientific overview is included in the chapter Biocompatible 

beta-Ti alloys with enhanced strength due to increased oxygen content from the monograph 

Titanium in medical and dental applications, which is reprinted in this thesis. The chapter 3 

continues with a list of published papers and their annotations. At the end of this chapter, 

some interesting, yet unpublished, results are presented.  

Chapter 4 Ultra-fine grained Ti alloys for biomedical use has a similar structure to the 

previous chapter. After a brief overview, the reader is referred to the chapter Microstructure 

and lattice defects in ultrafine grained biomedical α+β and metastable β Ti alloys from the 

monograph Titanium in medical and dental applications, which is attached to this thesis. 

The description of 7 published papers follows. At the end of this chapter, some unpublished 

results are presented.  

Chapter 5 Conclusion and outlook summarizes the thesis and describes current activities of 

myself and my research team in the field of titanium alloys.  
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2. Introduction 

2.1. Titanium and classification of titanium alloys 

Titanium was discovered by the English chemist William Gregor in 1791 in the mineral 

ilmenite (FeTiO3). In 1795 it was named after the Titans due to its resistance to be isolated 

as a pure metal. Titanium is a transition metal and as a chemical element with the atomic 

number of 22 it belongs to the Group 4 of the periodic table of elements [Lutjering2007].  

Titanium and its alloys are of great interest due to their outstanding properties such as high 

specific strength and excellent corrosion resistance. Titanium is not a noble metal, but it 

owes its corrosion resistance to a passivation layer, consisting mainly of TiO2, which is 

formed virtually immediately on the exposed surface and is stable at high temperatures and 

in many chemically aggressive environments [Welsch1993]. 

Aircraft industry comprises the biggest market for titanium alloys. Other applications 

include architecture, jewellery, sport goods and, most importantly for this thesis, medicine 

[Geetha2009].  

Under different conditions, titanium can exist in different crystal structures, which are 

referred to as allotropic modifications. Above so-called β-transus temperature (882°C), the 

structure of the material is the body-centered cubic (bcc) which is referred to as β phase. 

Upon cooling, the material transforms to the hexagonal close-packed (hcp) structure referred 

to as α phase. Nevertheless, the stability ranges of the α and β phases can be affected by 

additions of alloying elements as schematically shown in Figure 1. The  

β-transus temperature can be shifted by alloying, and a two phase region α + β is introduced. 

The β stabilizing elements decrease the β-transus temperature and shift the β-phase field 

towards lower temperatures. The β stabilizing elements are divided to β-isomorphous and β-

eutectoid. Sufficient amount of the β-isomorphous elements can stabilize β phase at room 

temperature, while the β-eutectoid elements can form a stable intermetallic compound. 

However, the intermetallic compound usually forms only at elevated temperatures and after 

a long time and, in many alloys containing β-eutectoid elements, it can be avoided 

completely [Smilauerova2017].   

 

 

Figure 1. Effect of alloying elements on phase composition of titanium alloys (schematically) 

[Lutjering2007] 
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The schematic phase diagram depicted in Figure 2 shows qualitatively the effect of the 

content of the β-stabilizing elements (horizontal axis) and temperature (vertical axis) on the 

phase composition. Equilibrium phase diagram is shown by the solid black curves, while the 

dashed red curve shows a martensite start (Ms) temperature corresponding to the beginning 

of a β  α'' phase transformation. α'' is an orthorhombic martensite phase [Davis1979]. The 

martensite start temperature decreases with increasing content of β-stabilizers.  

 

Figure 2. Pseudo-binary β isomorphous phase diagram (schematically) 

Based on this phase diagram, titanium alloys are divided into four classes according to their 

phase composition at room temperature. α phase is the only stable phase at room temperature 

for pure titanium and α alloys. Increasing content of the β-stabilizing element(s) stabilizes 

some amount of β phase at room temperature which is characteristic for α + β alloys. When 

the martensite start temperature is lowered below the room temperature, the formation of α 

phase and martensitic α'' phase can be fully suppressed. Such alloys are called metastable β-

Ti alloys and currently represent the most studied group of Ti alloys. Finally, a Ti alloy can 

be β stabilized to such extent that β phase is thermodynamically stable at ambient 

temperature, and the alloy is referred to as the stable β-Ti alloy. 

2.2. Phase transformations in metastable β-Ti alloys 

Apart from above mentioned stable α and β phases, many unstable and metastable phases 

were found in titanium alloys. Many titanium alloys in commercial practice are intentionally 

used in a metastable condition (metastable phase composition).  

The majority of the results presented in this thesis concerns metastable β-Ti alloys. 

Metastable β-Ti alloys, by definition, do not contain α, α', or α'' phase after quenching from 

a temperature above the β-transus temperature of the particular alloy (typically around 700 

– 800 °C) – this condition is referred to as beta solution treated condition.  
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After quenching, ω phase can be formed in some metastable β-Ti alloys by a diffusionless 

displacive transformation (ω athermal phase). ω phase can be also formed via diffusion-

assisted process at temperatures 200 – 550 °C depending on the alloy composition 

(ω isothermal phase). This phase has been thoroughly studied in numerous reports 

[DeFontaine1971, Devaraj2009]. A comprehensive discussion can be found in the PhD 

thesis by J. Šmilauerová [Smilauerova2016]. For the purpose of the present thesis, it must 

be stressed that ω phase causes a significant increase of elastic modulus [Tang2000].  

Controlled precipitation of incoherent α phase particles in the β matrix is the major 

strengthening mechanism in metastable β-Ti alloys and has been thoroughly studied by 

numerous researchers since 1960s. The nucleation of the α phase occurs heterogeneously at 

preferential sites - including grain and subgrain boundaries, dislocations and other types of 

lattice defects [Makino1996, Ivasishin2005]. 

In diffusion controlled transformations, such as precipitation of α phase particles in the β 

matrix, the formation of a new phase is accompanied by a change of composition, which is 

controlled by diffusion. At high cooling rates, diffusion fails to accomplish required 

compositional changes and phase transformations are generally suppressed. However, with 

increasing under-cooling, the driving forces for the transformation increase considerably and 

the crystal structure may change spontaneously without a change in chemical composition. 

These transformations are referred to as martensitic. Martensitic transformations involve 

organized movement (shift) of atoms from their initial positions in the crystal lattice into 

new positions creating a new crystal structure. The martensitic transformation is athermal, 

i.e. time-independent at a given temperature. The transformation initiates below Ms 

(martensite start) temperature, and the material is fully transformed below Mf (martensite 

finish) temperature [Gottstein2004]. Two main martensite phases occurring in titanium 

alloys are hexagonal α' phase and orthorhombic α'' (alpha double prime).  α'' can be formed 

martensitically upon quenching in alloys with composition near the borderline between α + 

β and metastable β-Ti alloys [Kharia2001, Elmay2013]. Ms temperature of the α'' phase 

formation is schematically shown in Figure 2 by a red dashed line. Martensite can be also 

formed with the aid of stress which causes organized mutual movement of atomic planes 

(stress induced martensite - SIM) [Orgeas1998]. α'' martensitic phase might be formed by 

mechanical loading in some metastable β-Ti alloys [Koul1970], which results in pseudo-

elasticity and shape memory effect [Kim2007, Kent2010]. 

2.3. Strengthening mechanisms in Ti alloys 

Plastic deformation in metals is promoted predominantly by dislocation movement. Shear 

stress necessary for activation of the dislocation slip (Peierls stress 𝜏𝑝) in a defect-free single-

crystal is surprisingly low, and strategies for material strengthening must be employed in 

order to achieve commercially viable properties.  
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Deformation strengthening is a basic strengthening mechanism and is utilized in materials 

prepared by severe plastic deformation (SPD) methods described below. Strength of a 

polycrystalline material is also increased by grain boundaries. This strengthening effect is 

related to the mean grain size 𝑑 via Hall – Petch relationship [Hall1951, Petch1953]: 

𝜎𝑦 =  𝜎0 +  𝑘𝑦𝑑−1/2,                                             (1)  

where σy is the yield stress of the material, σ0 represents the friction stress, ky is a material 

constant and d is the mean size of grains. Increasing strength via grain refinement is the main 

motivation for the development and production of so-called ultra-fine grained (UFG) 

materials [Valiev1993].  

In alloys, solute atoms interact with dislocations and increase the stress required for 

dislocation movement. The absolute increase of the mechanical strength strongly depends 

on the strength of the obstacle – for instance on the type of solute atom. Moreover, the 

strengthening effect is significantly enhanced if solute atoms impose large anisotropic 

distortions.  

It must be recalled that β-Ti alloys studied in this thesis have bcc structure and that interstitial 

strengthening by oxygen is of our primary interest. Oxygen atoms (along with carbon and 

nitrogen atoms) are interstitial atoms and considered as “heavy” interstitials (contrary to 

hydrogen or helium atoms). Interstitial oxygen atoms induce anisotropic elastic dipoles with 

tetragonal symmetry in bcc materials [Savino1981], because an interstitial atom in an 

octahedral void is closer to the pair of its neighbours and causes a significant asymmetric 

tetragonal distortion of the lattice. The effect of tetragonal distortions on hardening was 

described in a seminal paper by Fleischer [Fleisher1962]. The distortion increases the 

interaction of the interstitial atom with both edge and screw dislocations and promotes 

strengthening significantly. As a result, strengthening by interstitial atoms is more effective 

in bcc alloys than, for instance, in face-centered cubic (fcc) materials, where the lattice 

distortion is more isotropic [Cochardt1955]. 

Interstitial strengthening by increased oxygen content is used in commercially pure Ti (i.e. in 

hcp α phase). This type of strengthening is very efficient as recently explained in [Yu2015]. 

So-called commercially pure titanium (CP Ti) may contain up to 0.4 wt. % of oxygen, which 

guarantees its strength of 550 MPa. Titanium with higher oxygen content becomes brittle 

[Welsch1993]. Interstitial hardening by oxygen atoms also affects the strength and the 

ductility of Ti alloys. In α + β alloys or metastable β-Ti alloys, maximum allowed oxygen 

content is limited typically to 0.2 wt % [Welsch1993]. Interstitial strengthening by oxygen 

is also efficient in bcc structure of β alloys as explained above. Moreover, ductility of some 

β alloys is preserved even for oxygen content exceeding 0.5 wt % [Qazi2004].  

In metastable β-Ti alloys used in the commercial practice, the most used strengthening 

mechanism is the controlled precipitation of homogenously distributed α phase particles 

[Lutjering2007]. α phase precipitation is usually achieved via elaborated thermal or 

thermomechanical treatment [Zheng2016]. One of the topics of this thesis is the investigation 

of the effect of severely deformed microstructure on α phase precipitation.  
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2.4. Titanium as an implant material  

Replacement of big joints is considered as a major achievement in orthopaedic surgery in 

20th century. One of the most delicate issues in a hip endoprosthesis design is the femoral 

stem that is crucial for preventing the implant from loosening. Development of orthopaedic 

implants is a complex and multi-field scientific issue. 

Titanium alloys have been extensively applied in the orthopaedics due to their superior 

mechanical properties, excellent corrosion resistance and favourable biocompatibility for 

several decades. There are numerous studies reviewing outstanding properties of these 

materials for medical use [Long1998, Katti2004, Geetha2009]. Excellent biocompatibility 

of titanium was proven by many authors both in vitro and in vivo [Rao1997, Okazaki2005, 

Gepreel2013]. In the last two decades, specialized biocompatible β-Ti alloys were 

developed. Among commonly used alloying elements, Nb, Ta, Zr and also Mo are regarded 

as the most biocompatible, whereas V, Cr and Co are considered inappropriate [Steinemann 

1998], although Ti-6Al-4V alloy is still used for load-bearing implants [Niinomi2008].  

Ti-6Al-4V alloy is a two-phase α + β alloy originally developed for aerospace applications 

in 1950s and still constitutes the workhorse of titanium industry. The strength of Ti-6Al-4V 

alloy can exceed 1000 MPa after proper thermomechanical treatment. The elastic modulus 

of the alloy is around 115 GPa, which is half of the elastic modulus of steels [Welsch1993]. 

Despite its original application in aerospace industry, Ti-6Al-4V alloy is nowadays used for 

manufacturing of vast majority of load-bearing body implants such as hip joint implants 

[Rack2006].  

The strength of the implant material is the most important parameter for implant 

construction. The yield stress above 800 MPa is a typical requirement as this is the low-limit 

of the strength of Ti-6Al-4V alloy. Common elastic modulus of Ti and Ti alloys is around 

100 GPa, which is much higher than the elastic modulus of the cortical bone (10-30 GPa) 

[Niinomi2012].  This difference in stiffness of the implant and the surrounding bone causes 

so-called stress shielding effect. The applied load is transmitted through the implant stem, 

and therefore the surrounding bone is not loaded and becomes atrophied and prone to failure. 

As a result, a material with a sufficient strength and a reduced elastic modulus is required 

[Niinomi2008].  

Metastable β-Ti alloys have been developed since 1960s [Lutjering2007]. The principal 

advantages of these alloys is their increased strength. The dominant area of application is the 

aircraft manufacturing – namely landing gear structures. However, in the last three decades, 

specialized biocompatible alloys have also been developed [Kaur2019].  

  



7 

 

2.5. Ultra-fine grained Ti alloys  

Ultra-fine grained (UFG) materials are defined as polycrystalline materials with grain sizes 

lower than 1 µm but typically greater than 100 nm. These materials usually have excellent 

mechanical properties – high strength, hardness and fatigue resistance. A common 

disadvantage is a reduced ductility of the material [Langdon2013]. The reduction of grain 

size in polycrystalline materials results in changes in mechanical and physical properties, 

namely an increase in strength.  

UFG bulk materials can be fabricated by severe plastic deformation (SPD) methods, which 

refer to techniques that introduce intensive plastic deformation to the material by repetitive 

processing [Valiev2000, Huang2013]. The most used SPD methods are Equal Channel 

Angular Pressing (ECAP) [Segal1981] and High Pressure Torsion (HPT) [Smirnova1986].   

The principle of ECAP is a repetitive pressing of a small rod or billet through a die consisting 

of two intersecting channels with the same cross-section. The geometry of the die is 

characterized by two angles: Φ and Ψ shown in Figure 3.  

 

Figure 3. Schematic representation of the ECAP process 

A conventional ECAP die has the angle Φ equal to 90°; however, titanium alloys, due to 

their high strength and limited ductility, can be usually repeatedly successfully processed 

only using a die with an increased angle Φ (e.g. 120° as shown in Figure 3).  

The specimen pressed through the ECAP die is deformed by a simple shear, and the imposed 

von Mises strain after N passes can be expressed [Iwahashi1996]: 

 𝜀𝑉𝑀 =
𝑁

√3
[2 cotg (

𝜙

2
+

𝜓

2
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The equivalent von Mises strain calculated from eq. (2) for  a die with angles Ф = 120° and 

𝜓 = 0° is εVM = 0.67 for each pass. Pressing temperature is a crucial parameter of the ECAP 

which influences both the processability and the microstructure of the deformed material. 

During high pressure torsion (HPT) a disc-shaped sample is placed between two anvils which 

compress the sample at high pressure (several GPa). One of the anvils is subsequently rotated 

and deforms the sample in torsion. The schematic representation of the procedure is shown in 

Figure 4.  

 

 

Figure 4. Schematic representation of the HPT process [Song2011] 

 

The total von Mises strain imposed by HPT in the sample can be expressed using a simple torsion 

model [Valiev1996]:  

 𝜀𝑉𝑀 =
2𝜋𝑁𝑟

√3ℎ
, (3) 

where 𝑁 is the number of rotations,  𝑟 is the distance from the sample centre and ℎ is the 

sample thickness.  Due to the geometry of the deformation, the imposed strain is not 

homogeneous and increases from the centre to the edge of the sample. HPT is usually carried 

out at room temperature and its main advantage is the high degree of imposed deformation. 

Small size of samples and inhomogeneous deformation which restrict commercial 

production are the main disadvantages of HPT processing [Zhilyaev2008]. In contrast, 

ECAP is capable of producing specimens with a reasonable size for various biomedical 

applications [Valiev2009]. 

Ultra-fine grained titanium was first prepared by the SPD methods at Ufa State Aviation 

Technical University (USATU), Ufa, Russia [Popov1997] Ultra-fine grained titanium alloy 

Ti-6Al-4V was later prepared by ECAP [Semenova2004]. Manufacturing of dental implants 

benefits from the enhanced strength of UFG titanium [Valiev2009]. Recently, SPD 

processing has been proposed to fabricate ultra-fine grained metastable β-Ti alloys with high 

strength, reduced modulus of elasticity and excellent biocompatibility [Xu2009, Zafari2015, 

Polyakov2019]. It has been shown that severe plastic deformation of these alloys leads to 

improved strength due to grain refinement and substructure evolution [Valiev2014]. These 

materials are of significant interest for biomedical use [Xie2013].  
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3. Development of Ti-Nb-Ta-Zr-O biomedical alloys 

This chapter describes our achievements in the field of development and characterization of 

new biocompatible β-Ti alloys. 

Within the last 25 years, the development of biocompatible β-Ti alloys with decreased 

modulus of elasticity focused mainly on the Ti-Nb-Ta-Zr alloying system due to an excellent 

biocompatibility of the used alloying elements [Okazaki2005]. The two most investigated 

alloys are Ti-29Nb-13Ta-4.6Zr [Kuroda1998] (Japan alloy) and Ti-35Nb-7.3Zr-5.7Ta (US 

alloy). The latter alloy was developed in the 1990s in the USA, patented in 1999 

[Ahmed1999] and used as a benchmark material for alloy development described in this 

thesis. The alloy was designed experimentally by testing many different chemical 

compositions aiming to achieve the minimum elastic modulus. Ti-35Nb-7Zr-5Ta was the 

most β-stabilized alloy tested in [Tang2000]. The elastic modulus of this alloy can be as low 

as 50 GPa, because α, α’’ and ω phases are avoided in the β solution treated condition. The 

main disadvantage of this alloy is its low strength of only 500 MPa that is not sufficient for 

manufacturing of implants of big joints.  

The main objective of our own investigation was to develop strategies for increasing strength 

of Ti-35Nb-7Zr-6Ta alloy while maintaining low elastic modulus and good 

biocompatibility. The majority of our research in this field focuses on biocompatible β-Ti 

alloys with an increased oxygen content. Our findings, along with a comprehensive literature 

review, are summarized in the chapter in the monograph:  

[A0] J. Stráský, M. Janeček, P. Harcuba, D. Preisler, M. Landa, Chapter 4.2.: 

Biocompatible beta-Ti alloys with enhanced strength due to increased oxygen 

content, in Titanium in Medical and Dental Applications, Editors: Francis H. Froes, 

Ma Qian, Woodhead Publishing in Materials, Elsevier 2018 

This chapter provides the very first comprehensive review on β-Ti alloys with increased 

oxygen content. This class of alloys intended for biomedical applications with knowledge-

based design is very promising for manufacturing of load-bearing orthopaedic implants. The 

chapter describes theoretical considerations of interstitial strengthening of bcc materials, 

which include β-Ti alloys. Moreover, it provides a comprehensive literature review of 

reports on β-Ti alloys in which the oxygen content was increased (intentionally or 

unintentionally) and properly measured. The immense effect of interstitial oxygen atoms on 

the strength enhancement was documented. Our experimental results describing the 

development of biomedical Ti-Nb-Zr-Ta-O alloys with varied oxygen content are introduced 

in the text, as well. 

I wrote the whole chapter with the help of my student Dalibor Preisler who prepared the 

overview of the properties of various alloys characterized in available literature. Other co-

authors contributed by the experimental characterization. 
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[A1] I. Kopová, J. Stráský, P. Harcuba, M. Landa, M. Janeček, L. Bačáková: Newly 

developed Ti-Nb-Zr-Ta-Si-Fe biomedical beta titanium alloys with increased 

strength and enhanced biocompatibility, Materials Science & Engineering C, Vol. 60, 

2016, 230 -238 

The paper published already in 2016 represents our first attempt to increase the strength of 

Ti-35Nb-7Zr-6Ta alloy by utilizing the combined strengthening effect of iron and silicon. 

Fe causes simple solution strengthening in β-Ti alloys, while Si addition causes precipitation 

of silicides which may increase the strength via precipitation strengthening. The results show 

that the strength of the material increased from 500 MPa to 800 MPa. However, the modulus 

of elasticity increased from 60 GPa to 80 GPa. We ascribe such significant increase of 

modulus of elasticity to the stabilization of β phase by Fe content.  

This contribution resulted from a long-term cooperation between Department of Physics of 

Materials and the Institute of Physiology, Czech Academy of Sciences. This cooperation 

initially focused on surface treatment of Ti alloys [Harcuba2012, Stráský2013, 

Havlíková2014]. Biocompatibility (cell adhesion and toxicity) of the newly developed 

biomedical Ti-based alloys was assessed at the Institute of Physiology headed by prof. Lucie 

Bačáková and complemented by the investigation of mechanical properties conducted by 

our group. The most important original finding is that the addition of other alloying elements 

does not have any harmful effect on the biomedical response of the alloys, and the 

biocompatibility of all studied alloys was superior to that of benchmark Ti-6Al-V alloy. 

Based on discussions in our team, I designed the new alloys arranged for their manufacturing 

and managed their experimental characterization. I wrote the introduction to the paper and 

the part describing the development, microstructure and mechanical properties of the alloys.  

 

[A2] J. Stráský, P. Harcuba, K. Václavová, K. Horváth, M. Landa, O. Srba, M. Janeček: 

Increasing strength of a biomedical Ti-Nb-Ta-Zr alloy by alloying with Fe, Si and 

O, Journal of Mechanical Behavior of Biomaterials, Vol. 71, 2017, 329 – 336  

This is the key publication in which we describe the strengthening of the Ti-35Nb-7Zr-6Ta 

titanium alloy by three different mechanisms: substitutional solid solution strengthening by 

Fe, precipitation hardening by silicide particles and interstitial strengthening by oxygen. It 

was proven that interstitial strengthening is much more efficient than the other mechanisms, 

and increased content of oxygen proved to be the most promising for achieving optimal 

combination of desired mechanical properties. Addition of oxygen, which is obviously a 

biotolerant element, resulted in doubled strength of the material. At the same time, ductility 

of the material exceeded 20 %, which is sufficient for practical use. On the other hand, 

modulus of elasticity increased to 80 GPa due to reasons explained below.  

The strategy of designing new alloys was developed by me and my colleague Petr Harcuba. 

I performed the measurements of mechanical properties, summarized all achieved results, 

discussed them and wrote the manuscript.  
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[A3] D. Preisler, J. Stráský, P. Harcuba, F. Warchomicka, M. Janeček, Enhancing 

mechanical properties and microstructure of Ti-Nb-Zr-Ta-O biomedical alloy 

through hot working. Acta Physica Polonica A, Vol. 134 (2018) 

The newly developed alloy with composition Ti-35Nb-7.3Zr-5.7Ta-0.7O was granted a 

Czech patent no. 307793 in 2018. The alloy was thoroughly characterized with the focus on 

its use as a material for manufacturing of load-bearing implants of big joints, namely for the 

stem of the hip joint endoprosthesis. The paper investigates  hot-formability of this alloy. 

Deformation tests at high temperatures with high strain rates were undertaken to determine 

parameters of hot-working of the material, which is commonly required for the 

manufacturing of the implant.  

The publication could not be possible without a close cooperation bewteen our team and the 

team of dr. Fernando Warchomicka, Technical University Graz, Austria. This foreign partner 

provided us the possibility to use Gleeble machine allowing deformation at high 

temperatures and at high strain rates, and immediate water quench after the deformation. 

 

[A4] J. Stráský, D. Preisler, K. Bartha, M. Janeček, Manufacturing of Biomedical Ti-Based 

Alloys with High Oxygen Content and Various Amount of Beta-Stabilizing 

Elements, Materials Science Forum, Conference proceedings: Thermec 2018, Paris  

The above mentioned drawback of oxygen addition is the undesired increase of elastic 

modulus. We found that elastic modulus can be retained at low level (60 GPa) by decreasing 

content of the β stabilizing elements. The paper Manufacturing of Biomedical Ti-Based 

Alloys with High Oxygen Content and Various Amount of Beta-Stabilizing Elements in 

the conference proceeding of conference Thermec 2018 represents the first experimental 

characterization of alloys with reduced content of β stabilizing elements. This paper with 

limited length shows only initial experimental results. Most achievements remain 

unpublished and are described below in this thesis.  

 

[A5] D. Preisler, M. Janeček, P. Harcuba, J. Džugan, K. Halmešová, J. Málek, 

A. Veverková, J. Stráský, The Effect of Hot Working on the Mechanical Properties of 

High Strength Biomedical Ti-Nb-Ta-Zr-O Alloy, Materials 12 (2019) 4233 

Our most recent published contribution in the field of development and characterization of 

Ti-Nb-Ta-Zr-O based alloys describes the possible thermomechanical treatment of the alloy. 

Most importantly, this paper includes experimental results from fatigue testing. Fatigue 

performance is a key property which decides applicability of the developed material and 

determines the life-time of an implant. Testing of fatigue properties is extremely material 

demanding and rarely published for newly developed biomedical β-Ti alloys. The 

publication results from a long-term cooperation between our team and Beznoska Ltd., an 

important Czech implant manufacturer. Cooperation with industrial partner (currently 

supported by a project by Ministry of Industry and Trade, Czech Republic) is promising in 

terms of application and commercialization of achieved results.  
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My current research in the development of new biocompatible β-Ti alloys with increased 

oxygen content focuses on the reduction of elastic modulus without sacrificing strength. The 

majority of this research has not been published yet and therefore is introduced in the rest of 

this section.  

Elastic modulus (E) of different phases in Ti alloy can be ordered as:  Eβ ≈ Eα’’ ≈ 70 GPa <  

Eα ≈ 100 GPa < Eω ≈ 130 GPa [Fischer 1970, Niinomi 1998, Tane 2013, Nejezchlebova 

2016]. The stability of individual phases is connected to the electron-per-atom ratio (e/a 

ratio) and the elastic modulus decreases with decreasing e/a ratio as long as the material 

retains the pure β phase [Hao 2007]. Therefore, in order to achieve material with a reduced 

elastic modulus, an alloy should retain the pure β phase, but the stability of this phase must 

be low: in ‘proximity’ to β  α'' martensitic transformation [Tane 2010].  

During elastic deformation, atoms are slightly shifted from their initial positions due to 

stress, but after relieving the stress, atoms return to their original positions. Elastic 

deformation in shear is crucial for overall macroscopic Young’s modulus of polycrystalline 

materials. Therefore, in the proximity of the martensitic transformation, which would occur 

at slightly lower temperature, the atoms can be shifted further away from their initial 

positions by the shear stress, although they return back after relieving the stress without any 

change in crystal structure. Such material exhibits lower elastic constants (so-called 

abnormal softening) due to the ‘proximity’ to the martensitic transformation, although no 

martensitic transformation actually occurs [Nakanishi1980].  

The effect of ‘proximity’ of martensitic transformation was studied in different systems such 

as Ti-Ni [Ren2001] or Co-Ni-Al [Seiner2013]. Abnormal softening of elastic constants was 

measured in single crystals of biomedical Ti-Nb-Ta-Zr alloy, but it was not ascribed directly 

to the ‘proximity’ of martensitic transformation [Tane2010]. Biomedical alloys with the 

lowest elastic modulus such as Ti-29Nb-13Ta-4.6Zr, Ti-35Nb-7Zr-5Ta or GUM Metal (Ti-

35Nb-2Ta-3Zr-0.3O) were developed mostly experimentally and in my opinion these alloys 

owe their low-modulus property to the ‘proximity’ of martensitic transformation, although 

the inventors of these alloys may have not realized this at the time of the alloy development.  

In the Ti-35Nb-7Zr-6Ta-0.7O alloy, which we have thoroughly studied, high oxygen content 

affects the phase stability of the β matrix. Oxygen is an α stabilizing element in terms of 

increasing the β transus temperature in pure Ti [Waldner1999] and in metastable β-Ti alloys 

[Qazi2005, Geng2011]. The relationship between oxygen content and β  α'' martensitic 

transformation is less understood. Results from a few experimental studies suggest that in 

the competition between β and α'' phases, interstitial oxygen acts as a β stabilizing element 

and shifts the martensite start (Ms) temperature of α'' formation to lower temperatures 

[Furuta2007, Tane2016, Abdel-Hady2006, Obbard2011]. Consequently, by adding 

significant amount of oxygen to a low-modulus β-Ti alloy, the stability of β phase increases, 

causing an increase of the elastic modulus.  

These considerations are depicted in Figure 5 which presents a schematic pseudo-binary 

phase diagram of Ti-Zr-Nb-Ta-O alloys. The diagram is pseudo-binary in terms that one 

constituent is not pure Ti (cf. Figure 2), but Ti-7Zr composition. The other constituent is a 

β-Ti stabilizing element (cf. Figure 2), in this particular case the total Nb + Ta content. 
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Horizontal axis therefore represents the content of Nb + Ta in wt % (the effect of Ta on 

phase stability is similar to Nb within the limits used in the studied alloys). This unusual 

construction allows us to show the position of quaternary Ti-35Nb-7Zr-6Ta alloy in the 

diagram. Note that blue lines are relevant for the alloys without oxygen.  

The effect of oxygen is incorporated into the diagram such that the first constituent in the 

diagram (along vertical axis on the left hand side) is not Ti-7Zr but Ti-7Zr-0.7O composition, 

and the diagram is drawn by red lines. It can be observed that oxygen increases the stability 

of α phase. This diagram allows us to depict the position of Ti-35Nb-7Zr-6Ta-0.7O alloy.  

Apart from  solid lines representing the equilibrium diagram, the dotted lines represent the 

start of martensitic transformation β  α'' (cf. Figure 2). In the diagram, elastic modulus of 

Ti-35Nb-7Zr-6Ta and Ti-35Nb-7Zr-6Ta-0.7O is also shown. Low modulus of the former 

alloy is given by the partial abnormal softening due to the ‘proximity’ of martensitic 

transformation. On the other hand, the elastic modulus of Ti-35Nb-7Zr-6Ta-0.7O alloy is 

much higher, because oxygen is a β stabilizing element with respect to β  α'' martensitic 

transformation (Ms line is shifted to the left).  

The key idea is therefore to decrease the total content of β stabilizing elements (Nb and Ta) 

to restore the low elastic-modulus of the alloy with high oxygen content, which must be kept 

sufficiently high to retain the high strength. In this respect, Ti-29Nb-7Zr-0.7O alloy was 

tested, and its elastic modulus of 65 GPa confirms the discussed effects. 

 

Figure 5. Schematic pseudo-binary phase diagram. Blue lines are drawn for the addition of  

β-stabilizing Nb/Ta to Ti-7Zr alloy. Red lines correspond to adding of Nb/Ta to Ti-7Zr-0.7O 

composition.  
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Recently, we have manufactured and tested several alloys derived from the Ti-35Nb-7Zr-

6Ta-0.7O alloy with reduced Nb content (26 – 35 wt % Nb) and reduced Ta content (0 or 6 

wt %). Figure 6 shows the elastic moduli of the developed Ti-Nb-(Ta)-Zr-O alloys and 

clearly demonstrates that the elastic modulus decreases with decreasing Nb content and 

also when Ta is absent. These alloys were subjected to tensile testing and all of them 

achieved the high yield strength of at least 800 MPa (Figure 7), which is attributed to the 

interstitial strengthening by oxygen. 

 

Figure 6. Elastic modulus of Ti-Nb-(Ta)-Zr-O alloys with various content of Nb and Ta 

 

 

Figure 7. Flow curves for Ti-Nb-(Ta)-Zr-O alloys with various content of Nb and Ta 

Simultaneous achievement of low elastic modulus and high strength is very promising in 

terms of potential application in implant manufacturing. Figure 8 shows a comparison of the 

newly developed alloys with results from other authors. Our newly developed alloys possess 

the strength of around 900 MPa and the elastic modulus of around 70 GPa. Such combination 

of mechanical properties has not been reported, yet.  
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Figure 8. Elastic modulus and yield strength of our Ti-Nb-(Ta)-Zr-O alloys (highlighted by the 

red circle) in comparison with results of other authors. Materials having the strength above 

800 MPa are prospective candidates for load-bearing implants of big joints. 
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4. Ultra-fine grained Ti alloys for biomedical use 

This chapter summarizes our results achieved in the development, manufacturing and 

characterization of ultra-fine grained (UFG) Ti based materials for biomedical use. Our 

contribution of this long-term research is mainly in the methodology of experimental 

characterization. 

Ultra-fine grained (UFG) materials contain, by definition, the high amount of grain 

boundaries. SPD methods for fabrication of UFG materials also typically produce high 

density of dislocations. Complex characterization of the UFG metallic materials requires 

utilizing numerous experimental methods such as x-ray diffraction (XRD), scanning electron 

microscopy (SEM), transmission electron microscopy (TEM) and indirect methods such as 

electrical resistivity measurement, positron annihilation spectroscopy or microhardness 

measurement [Čížek2016]. Defect structure significantly affects mechanical properties of 

materials and is therefore of significant importance. 

Our work in investigation of lattice defects and microstructure of UFG titanium alloys is 

thoroughly reviewed in the chapter: 

[B0] J. Stráský, M. Janeček, I. Semenova, J. Čížek, K. Bartha, P. Harcuba, V. Polyakova, S. 

Gatina, Microstructure and lattice defects in ultrafine grained biomedical α+β and 

metastable β Ti alloys, in: Titanium in Medical and Dental Applications, ed. F. Froes, 

M. Qian, pp. 455-475 (2018) 

The chapter in the monograph contains a thorough introduction to UFG Ti alloys, methods of 

their manufacturing and methods of experimental characterization of UFG Ti-based materials. 

The chapter contains our own experimental data and underlines the importance of employing 

various complementary experimental techniques. Output of each of the experimental methods 

must be thoroughly understood in order to get the full picture about microstructure and 

properties of these novel materials. Superior properties of the UFG materials are based on 

strengthening via grain refinement and increase of dislocation density.  

The chapter was written by me in a cooperation with my former PhD student Kristina Bartha.  

[B1] M. Janeček, J. Stráský, J. Čížek, P. Harcuba, K. Václavová, V.V. Polyakova, I.P. 

Semenova: Mechanical properties and dislocation structure evolution in Ti6Al7Nb 

alloy processed by high pressure torsion, Metallurgical and Materials Transactions, 

Vol. 45A, 2014, 7 – 15. 

As mentioned in the Introduction, the workhorse of Ti industry is Ti-6Al-4V alloy, which is 

still used for implant manufacturing despite known toxicity of vanadium. Vanadium-free Ti-

6Al-7Nb alloy is an α + β alloy for biomedical applications which was developed as a non-

toxic alternative to Ti-6Al-4V alloy. Our first study on an UFG biomedical alloy, 

summarized in the paper, describes the evolution of microstructure and mechanical 

properties in Ti-6Al-7Nb alloy prepared by high pressure torsion (HPT). The material was 

studied by microscopic methods, microhardness measurement and an advanced method of 

positron annihilation spectroscopy, which is able to determine the density of dislocations 

and also the concentration of vacancies or vacancy clusters. I wrote the majority of the 
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manuscript in cooperation with prof. M. Janeček and I supervised my student K. Bartha  

(neé Václavová) during preparation of this publication.  

The publication is the first outcome of the cooperation between our research group and the 

research team at the Ufa State Aviation University, Ufa, Russia. This team was formed by 

one of the leading experts in the field of UFG materials prof. Ruslan Z. Valiev and is headed 

by prof. Irina P. Semenova. Intensive cooperation is based on the complementarity of the 

research groups and available equipment. The UFG materials were manufactured by SPD 

methods in Ufa and thoroughly characterized at the Department of Physics of Materials and 

at other cooperating institutes in Prague.  

 

[B2] J. Stráský, P. Harcuba, M. Hájek, K. Václavová, P. Zháňal, M. Janeček, V. Polyakova, 

I. Semenova: Microstructure evolution in ultrafine-grained Ti and Ti-6Al-7Nb alloy 

processed by severe plastic deformation, NanoSPD6, IOP Conference Series: 

Materials Science and Engineering, Vol. 63, 2014, pp. UNSP 012072. 

The contribution in the conference proceedings from the conference NanoSPD 

(nanostructured materials prepared by SPD methods) Microstructure evolution in ultrafine-

grained Ti and Ti-6Al-7Nb alloy processed by severe plastic deformation investigates the 

use of in-situ electrical resistivity measurement to reveal microstructural changes during 

heating of UFG commercially pure Ti and UFG biomedical Ti-6Al-7Nb alloy. Results from 

the electrical resistivity measurements were compared to the results from other experimental 

techniques. The UFG condition is thermodynamically unstable and undergoes processes of 

recovery and recrystallization at elevated temperatures. Moreover, in the case of Ti-6Al-7Nb 

alloy, the transition between α and β phases occurs during heating. Enhanced thermal 

stability of the UFG structure was revealed for the Ti-6Al-7Nb alloy in comparison to 

commercially pure Ti. Thermal stability at high temperatures discussed in this paper is 

clearly not important for the use of the material in human body, but it is of significant 

importance for manufacturing of implants from semi-products which is performed at high 

temperatures.  

 

[B3] K. Bartha, P. Zháňal, J. Stráský, J. Čížek, M. Dopita, F. Lukáč, P. Harcuba, M. Hájek, 

V. Polyakova, I. Semenova, M. Janeček: Lattice defects in severely deformed 

biomedical Ti-6Al-7Nb alloy and thermal stability of its ultra-fine grained 

microstructure, Journal of Alloys and Compounds, Vol. 788, 2019, pp. 881-890 

This extensive paper underlines the necessity of using several complementary methods for 

comprehensive microstructural characterization of multi-phase UFG materials. Indirect 

methods, namely electrical resistivity measurement, x-ray diffraction or positron 

annihilation spectroscopy are combined with direct observations by scanning electron 

microscopy. The investigation focused on UFG microstructure and its thermal stability in 

Ti-6Al-7Nb alloy. The publication completed our investigation of this α + β biomedical Ti 

alloy. I coordinated the research and wrote the manuscript with significant help of my PhD 

student K. Bartha.  
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[B4] K. Václavová, J. Stráský, V. Polyakova, J. Stráská, J. Nejezchlebová, H. Seiner, I. 

Semenova, M. Janeček: Microhardness and microstructure evolution of ultra-fine 

grained Ti-15Mo and TIMETAL LCB alloys prepared by high pressure torsion, 

Materials Science and Engineering A Vol. 682, 2017, pp. 220-228 

Since 2014, our investigation focused on UFG metastable β-Ti alloys [Janecek2014]. Two 

metastable β-Ti alloys were studied. Binary Ti15Mo alloy is intended and currently also 

certified for biomedical use. Ti-6.8Mo-4.5Fe-1.5Al (TIMETAL LCB) is referred to as low-

cost β-Ti alloy (LCB) and is designed for application in aerospace and automotive industry. 

Both materials were deformed by high pressure torsion (HPT) and thoroughly characterized. 

The results are summarized in publication Microhardness and microstructure evolution of 

ultra-fine grained Ti-15Mo and TIMETAL LCB alloys prepared by high pressure torsion. 

Detailed observations by electron back-scattered diffraction (EBSD) technique proved that 

the twinning (and multiple twinning – i.e. formation of secondary twins in primary twins) 

significantly contributes to the grain refinement in these body-centred cubic titanium alloys. 

This fact was reported for the first time in a β-Ti alloy. The alloys were investigated in the β 

solution treated condition, which typically exhibits a low strength. Nevertheless, the 

microhardness of the studied UFG alloys in the β solution treated condition exceeded the 

microhardness achievable by standard thermomechanical treatment involving precipitation 

of α phase. It is therefore of significant interest to combine microstructural refinement by 

SPD methods and subsequent ageing treatment to achieve even higher strength levels.  

The manuscript was prepared in a close cooperation between me and my student Kristina 

Bartha (neé Václavová). 

[B5] K. Bartha, A. Veverková, J. Stráský, J. Veselý, P. Minárik C.A. Corrêa, V. Polyakova, 

I. Semenova, M. Janeček, Effect of the severe plastic deformation by ECAP on 

microstructure and phase transformations in Ti-15Mo alloy, Materials Today 

Communications 22 (2020) 100811 

The effect of SPD deformation on phase transformations was studied in Ti15Mo alloy 

prepared by two SPD methods: ECAP and HPT. The article Effect of the severe plastic 

deformation by ECAP on microstructure and phase transformations in Ti-15Mo alloy 

summarizes the characterization of phase transformations in the biomedical Ti15Mo alloy 

prepared by ECAP in the β solution treated condition, which is a thermodynamically 

metastable condition. As described in the Introduction, achieving the stable composition 

requires the precipitation of α phase particles by heterogeneous nucleation and growth. UFG 

structure significantly affects both the nucleation and growth process.  

The publication was prepared by K. Bartha under my supervision. It results from continuing 

cooperation with the research team in Ufa, Russia.  
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[B6] K. Bartha, J. Stráský, A. Veverková, P. Barriobero-Vila, F. Lukáč, P. Doležal, P. 

Sedlák, V. Polyakova, I. Semenova, M. Janeček, Effect of the High-Pressure Torsion 

(HPT) and Subsequent Isothermal Annealing on the Phase Transformation in 

Biomedical Ti15Mo Alloy, Metals 9 (2019) 1194 

Ti15Mo alloy prepared by high pressure torsion (HPT) contains a high density of 

dislocations and the grain structure is significantly refined. The nucleation of α phase 

therefore occurs at lower temperatures and results in very fine equiaxed α phase precipitates 

upon isothermal heating due to the dense net of nuclei. Combination of severe deformation, 

grain refinement and subsequent thermal processing is promising in terms of achieving 

enhanced mechanical properties of the alloy.  

Apart from the isothermal annealing and ex-situ measurements included in the last 

mentioned publication, the phase transformation in Ti15Mo alloy were studied also in-situ 

during linear heating by high energy synchrotron x-ray diffraction (HEXRD). These results 

have not been published yet and therefore are presented here.  

Phase transformation in Ti15Mo alloy were studied both in the coarse-grained solution 

treated condition and the UFG condition prepared by HPT.  

 

Figure 9 High energy synchrotron x-ray diffraction (HEXRD) of Ti15Mo alloy in-situ during linear 

heating at the rate of 5 °C/min from room temperature to 800 °C.  

a) non-deformed material, b) UFG material deformed by HPT. Horizontal axis represents 

interplane distances dhkl; temperature is shown on the vertical axis and the measured intensity is 

represented by the colour code. 

Figure 9 shows the HEXRD patterns measured in-situ during linear heating at the rate of 5 

°C/min from room temperature up to 800 °C. The horizontal axis represents the interplane 

distances dhkl; temperature is shown on the vertical axis and the measured intensity is 

represented by the colour code. The most intense peaks are those of β phase; however, more 

interesting peaks are related to ω phase and to α phase. Peaks corresponding to ω phase often 
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coincide with the more intense β phase peaks. A notable exception is the peak at dhkl = 1.2 

Å. ω peaks are most intense at 450 °C, while α peaks at 650 °C. Figure 9 a) shows HEXRD 

patterns for the coarse-grained material, while in Figure 9 b), HEXRD patterns for the UFG 

material deformed by HPT are presented. Red boxes highlight the biggest difference between 

the two studied conditions. In the non-deformed material, ω phase dissolves completely at 

550 °C and only at a higher temperature, α phase starts to precipitate [Zhanal2018]. On the 

other hand, in the UFG condition, the severe plastic strain introduced by SPD enhances the 

α phase precipitation, which occurs at lower temperatures already in the presence of  

particles and the co-existence of all three phases (ω, α and β) was observed. 

For a comprehensive description of the effect of microstructure on the α phase precipitation, 

the reader is referred to the dissertation thesis Phase transformations in ultra-fine grained 

titanium alloys by my former doctoral student Kristina Bartha [Bartha2019].  

 

[B7] R. Z. Valiev, E. A. Prokofiev, N. A. Kazarinov, G. I. Raab, T. B. Minasov, J. Stráský, 

Developing nanostructured Ti alloys for innovative implantable medical devices, Materials 

13 (2020) 967 

The last publication included in this habilitation thesis is a review paper by a team of authors 

headed by prof. Ruslan Z. Valiev. This invited review paper was published in a special issue 

Alloys for Biomedical Use of journal Materials, MDPI. I had the privilege to serve as a guest 

editor of this issue and used this opportunity to invite prof. Valiev to submit a review paper 

to this issue. I contributed to this paper by a comprehensive literature review of the UFG β-

Ti alloys for biomedical use. The paper discusses not only properties of UFG Ti-based 

alloys, but also describes specific applications of these materials in practical medical use. 
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5. Conclusion and outlook  

Research and development of titanium alloys still represent a vast scientific field for 

exploration. This habilitation thesis is devoted to two important scientific areas. The first 

one – development of biomedical titanium alloys – is of primary interest to the titanium 

community and I am convinced that our contribution will lead to application of the newly 

developed alloys in medical practice.  

The second part is devoted to ultra-fine grained Ti alloys for biomedical use. UFG materials 

constitute a very interesting field of materials science as they exhibit superior mechanical 

properties. Potential application of metallic UFG materials is still in the beginning. 

Manufactured products suffer from small size and the low efficiency of production. Despite 

that, first potential biomedical applications of UFG Ti alloys have already emerged. 

Apart from continuing research in the areas described in this thesis, my scientific activities 

in the field of Ti alloys include two other topics.  

1. Powder metallurgy (PM) is an emerging processing technology. PM is particularly 

useful for manufacturing products from Ti alloys, because conventional manufacturing 

methods (casting, forging and machining) are complicated in Ti alloys due to their 

affinity to oxygen, high toughness and low thermal conductivity. One of the promising 

PM methods is so-called Spark Plasma Sintering (SPS) allowing compaction of powder 

materials at shorter times and lower temperatures than conventional sintering methods. 

My PhD student Jiří Kozlík demonstrated the feasibility of processing of commercially 

pure Ti by cryogenic milling followed by compaction by SPS [Kozlik2019, 

Kozlik2020].  

Currently we focus on manufacturing of bulk material by SPS from Ti alloys – either 

from a pre-alloyed powder or from elemental powders. We used Ti15Mo alloy powder 

to show the effect of cryogenic milling and SPS on phase composition and 

microstructure of the alloy [Veverkova2019] Our recent, yet unpublished, results show 

that it is possible to manufacture biomedical β-Ti Ti-Nb-Zr-O alloy with homogeneous 

composition, controlled oxygen content and promising mechanical properties from 

elemental powders and TiO2 powder.  

Another important branch of powder metallurgy is the Additive Manufacturing (3D 

printing), which is believed to be a feasible option for net-shape or near-net-shape 

production. Apart from interesting technological issues associated with 3D printing, the 

possibility of additive manufacturing opens a brand new field for alloy development and 

characterization. Required properties of 3D printed materials will significantly differ 

from the properties required for ‘standard’ metallic materials, for instance in terms of 

high temperature formability. Simultaneously, new issues emerge, such as limited 

fracture toughness and overall fatigue performance of final products prepared by 

additive manufacturing. A breakthrough in this field is anticipated – in terms of new 

technologies, new materials and new applications.  
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2. The second area of my interest relates to the investigation of plastic deformation 

mechanisms associated with phase transformations in metastable β-Ti alloys. 

Although dislocation movement is a major mechanism of plastic deformation in 

metals, in some advanced metallic materials, other plastic deformation mechanisms 

such as transformation induced plasticity (TRIP) and twinning induced plasticity 

(TWIP) operate. Well-known examples include so-called TRIP/TWIP steels. 

Nevertheless, recently also TRIP/TWIP Ti alloys emerged. It is now qualitatively clear 

that TRIP and TWIP effects depend on the chemical composition of an alloy – in 

particular on the degree of its β phase stabilization. However, interrelations between 

martensitic transformation, twinning in various twinning systems and activity of 

dislocation slip systems are not fully explored and deserve systematic investigation. 
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4.2Biocompatible beta-Ti alloys

with enhanced strength due

to increased oxygen content
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4.2.1 Introduction

In commercially pure Ti (α-Ti), oxygen content significantly affects the strength of the
material [1]. Depending on the amount of oxygen, commercially pure Ti is divided

into four grades. The strongest, Grade 4, contains 0.4wt% of oxygen. It is known that

oxygen content exceeding 0.4wt% leads to embrittlement [2]. This is caused by

immobilization of dislocations by interstitial oxygen atoms [3].

Excessive oxygen content is a serious concern in the casting and processing of Ti

alloys, including high strength metastable β-Ti alloys used in the aerospace industry.

These alloys are used in fully aged α+β condition and excessive oxygen content

reduces the ductility due to the brittleness of the α phase. On the other hand, β-Ti
alloys for biomedical use should be used in a pure β condition due to lower elastic

modulus of the β phase. It was found that bcc β phase accommodates higher amounts

of oxygen without deterioration of ductility. This chapter aims to review the outstand-

ing properties of biomedical Ti alloys with increased oxygen content.

An apparent effect of oxygen on the strength of the biomedical Ti-35.3Nb-7.3Zr-

5.7Ta (TNTZ) alloy is shown in Fig. 4.2.1. Three alloys were prepared by arc melting

and tested in tension. The oxygen content was 0.06O (TNTZ), 0.35O (TNTZ+0.4O),

and 0.66O (TNTZ+0.7O) in weight %. One can see in Fig. 4.2.1 that both the yield

stress and the ultimate tensile strength (UTS) are more than doubled by the addition of

0.7wt% of oxygen content without sacrificing the ductility.

4.2.1.1 Oxygen as an interstitial element in bcc materials

Oxygen atoms in titanium and titanium alloys occupy interstitial positions. There are

tetrahedral voids with rvoid/ratom¼0.225 ratio and larger octahedral voids with rvoid/
ratom¼0.414 in a hexagonal closed packed structure (α-Ti). Oxygen atoms occupy

larger octahedral sites surrounded by six titanium atoms [1]. In a body-centered cubic

structure (β-Ti), tetrahedral sites are bigger than octahedral ones with rvoid/
ratom¼0.291, and 0.155, respectively [4]. It is well known that interstitial carbon

atoms in bcc Fe occupy octahedral sites; it was also proven that O occupies octahedral
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sites in bcc vanadium [5]. Also O in Ti is believed to be in octahedral sites, which also

follows from thermodynamic and first principle calculations [6,7].

Oxygen atoms (along with carbon and nitrogen atoms) are considered to be

“heavy” interstitials and to induce anisotropic elastic dipoles with tetragonal symme-

try [8]. In other words, an interstitial atom in an octahedral void is closer to two of its

neighbors and causes an asymmetric distortion of the lattice. Two interesting conse-

quences follow from this fact.

Firstly, there are three groups of octahedral sites with equal distribution of the inter-

stitial atoms. However, the application of stress leads to a redistribution of interstitials

because one group of sites is preferred. The redistribution of interstitial atoms gives

rise to anelastic relaxation, which can be identified by internal friction measurements

and is known as the Snoek relaxation [9,10]. Measurements of the Snoek effect allow

us to determine solution-interstitial interactions. For instance, the region around the

substitutional iron forbidden to oxygen was reported to extend to the second nearest

neighbor [11]. Such repulsive interaction affects the solubility of interstitial atoms and

may affect the elastic modulus [10,12].

Secondly, the anisotropy of lattice distortion increases interaction of interstitial

atom with dislocations and promotes hardening. Therefore, the hardening by intersti-

tial atoms is more effective in bcc alloys than in fcc materials, where the lattice dis-

tortion is isotropic. At larger solute concentrations, the interstitial atoms interact and

may occupy one of three types of octahedral sites leading to long-range distortion and

change of the crystal lattice from bcc to body-centered tetragonal (bct) [13]. A very

hard bct phase forms due to carbon interstitials in bcc iron and is famously known as

the martensite. A similar effect in bcc titanium due to oxygen interstitials has yet to be

discovered.
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Fig. 4.2.1 Tensile properties of Ti-35.3Nb-7.3Zr-5.7Ta alloys with different oxygen content.
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4.2.1.2 Controlling amount of oxygen during casting

During production of titanium ingots, a large effort is put on limiting the oxygen con-

tent below a certain level. In the production of β titanium alloys, the task is usually

how to add a controlled amount of oxygen during casting of the alloy from pure con-

stituents. The most-used approach is based on dissolution of an appropriate amount of

titanium dioxide in the melt [14–17]. The melting point of rutile (TiO2) is 1855°C
while other forms of TiO2, such as anatase and brookite, have lower melting points.

These melting temperatures are much lower than the melting temperatures of other

typical constituents, namely niobium and tantalum. Note that due to these alloying

elements, the melting temperatures of the manufactured alloys are significantly higher

than those of pure Ti. Common precautions during melting must be taken, such as

processing in pure inert atmosphere, reduced contamination from a crucible [18],

and patient mixing of constituents.

An alternative (and probably more commercially viable) option for manufacturing

of alloys with increased oxygen content is to use an appropriate amount of low-purity

Ti with high oxygen content (3at.%) [19]. The disadvantage of this approach is that

low-purity Ti usually contains not only excessive amounts of oxygen but also exces-

sive iron and nitrogen. The former influences the stability of the β phase affecting the
modulus of elasticity while the latter has a negative effect on the ductility, although

technical standards restricting interstitial content of nitrogen for α-titanium (0.07wt%

N) might be unnecessarily strict for alloys used in the pure β condition. A unique

approach for manufacturing of alloys with different oxygen content was presented

in [20] and can be rephrased as “waiting for good fortune”: The different oxygen con-

tents were achieved by selecting different melt batches [20].

4.2.1.3 On the design of low-modulus biocompatible
β-Ti alloys—a brief overview

The outstanding properties of biomedical β titanium alloys are reviewed elsewhere in

this book, namely in chapters by Dr. Carsten Siemers and Prof. Mitsuo Niinomi.

Moreover, the background for designing low-modulus alloys was provided in the

chapter “TheMolecular Orbital Approach and its Application to Biomedical Titanium

Alloy Design” by Prof. Masahiko Morinaga. In this section, the main considerations

are briefly reviewed along with an overview of the most common alloying systems.

Multiple (and often contradictory) requirements include using biocompatible ele-

ments only, achieving the lowest elastic modulus possible, and simultaneously

reaching sufficient strength.

Among commonly used alloying elements, Nb, Ta, Zr, and Mo are regarded as the

most biocompatible ones whereas V, Cr, and Co are inappropriate [21]. The typical

elastic modulus of Ti is around 100GPa, which is the half of the elastic modulus of

steel but still five times higher than the elastic modulus of the cortical bone

(10–30GPa) [22]. The elastic modulus (E) of different phases typical for various tita-
nium alloys can be ordered as:

Eβ�Eα00 �60–90GPa<Eα�100GPa<Eω�130–220GPa [23–26].
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It is now generally believed that the lowest elastic modulus can be achieved in

alloys that retain pure β phase; at the same time these alloys possess a low phase sta-

bility due to “proximity” to the β! α00 martensitic transformation [27]. As discussed

in [28], the phase stability is connected to the electron-per-atom ratio (e/a ratio) and

the elastic modulus decreases with decreasing e/a ratio as long as the material retains a

pure β phase [29]. Another approach relates the elastic modulus of Ti alloys to the

bond order (Bo value) and d-electron-orbital energy (Md value) in the so-called

Bo-Md diagram [30–32]. Unfortunately, the latter approach does not allow us to

include the effect of oxygen directly.

In order to stabilize the β phase at room temperature in Ti alloys, an appropriate

β-stabilizing element must be used. In biomedical β-Ti alloys, such alloying elements

are molybdenum and niobium. Despite the fact that the only commercially used ortho-

pedic implant made of β-Ti alloy (Stryker Accolade TMZF Femoral Hip Stem) is

made from a Ti-12Mo-6Zr-2Fe alloy, the majority of developed biomedical alloys

are based on the Ti-Nb system. Apart from the high biocompatibility of Nb, the

Ti-Nb based alloys are less prone to the adverse formation of ω phase.

The beneficial effects of using other alloying elements such as Ta and Zr were also

reported. Tantalum is another biocompatible β-stabilizing element providing some

solid solution strengthening. Finally, Zr prevents formation of both the ω phase

and martensite α00 phase. As a result, Ti-Nb-Ta-Zr (abbreviated as TNTZ) quaternary
system provides an optimal combination of mechanical properties. Three different

compositions of the TNTZ system became the most investigated: Ti-35.3Nb-5.7Ta-

7.3Zr developed by American inventors [33], Ti-29Nb-13Ta-4.6Zr developed in

Japan [34], and finally Ti-35Nb-2Ta-3Zr known as Gum Metal [35] (see also

Table 4.2.1). All three alloys contain only the β phase at room temperature and possess

the low elastic modulus due to proximity to β ! α00 transformation, despite the fact

that the macroscopic α00 phase does not form even during deformation (so-called stress

induced martensite).

The Ti-35Nb-2Ta-3Zr-0.3O alloy famously known as GumMetal [36] possess sev-

eral unique properties, including good biocompatibility [37], a low elastic modulus,

and high strength in cold-worked condition. These properties were attributed to

dislocation-free plastic deformation by ideal shear, which is possible due to elastic

softening and by a simultaneous increase of critical stress for the dislocation slip

by interstitial oxygen [35]. This explanation supported by the observation of

so-called “giant faults” by TEM [38,39] was, however, later. It is assumed that

stress-induced martensite (SIM) is formed before the alloy can be deformed by ideal

shear. The SIM in this particular alloy was not found before, because

Table 4.2.1 Ti-Nb-Ta-Zr based biomedical alloys

Gum Metal Ti-35Nb-2Ta-3Zr [35]

“Japanese” TNTZ Ti-29Nb-13Ta-4.6Zr [34]

“American” TNTZ Ti-35.3Nb-5.7Ta-7.3Zr [33]
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(i) The volume fraction of SIM is low due to the presence of oxygen that limits the α00 growth
via an increase of the C0 elastic constant [40].

(ii) SIM grows only in nanodomains due to the presence of oxygen that limits the size of α00
regions [41].

(iii) SIM is fully reversible and therefore cannot be identified after unloading [42].

As a result, Gum Metal is stronger but has a lower superelastic strain when compared

to other superelastic β-Ti alloys, which undergo massive β! α00 stress-induced trans-
formation. However, due to the low stability of the β phase, the material is elastic and a

low elastic modulus of the β phase dominates over the superelastic effect.

Summary

Oxygen in bcc (β) titanium is an interstitial element and its atoms occupy octa-

hedral interstitial positions. Oxygen causes significant interstitial strengthening.

A Ti-Nb-Ta-Zr quaternary alloying system is often used for designing low-modulus

biocompatible β titanium alloys. A minimum elastic modulus is achieved in alloys

with low β phase stability due to the “proximity” to martensitic β! α00 transformation,

which may occur either during cooling to room temperature or during deformation at

room temperature (stress-induced martensite—SIM). Oxygen affects the formation of

the α00 phase.

4.2.2 Effect of oxygen content on phase stability
and elastic modulus in biomedical β-Ti alloys

The reason for using controlled amounts of oxygen as an “alloying element” is

simple—oxygen affects mechanical properties of biomedical β-Ti alloys. Two major

mechanisms were outlined in the previous section:

(a) Oxygen atoms cause strong interstitial strengthening.

(b) Oxygen affects phase composition and phase stability, which subsequently influences the

elastic modulus of the material.

In this section, the particular effects of oxygen on the phase composition and phase

stability are reviewed, followed by discussion on the influence of oxygen on the elastic

modulus. The strengthening effect of oxygen is reviewed at the end of this section.

4.2.2.1 Effect of oxygen on phase stability

4.2.2.1.1 Oxygen and α phase

Oxygen is an α stabilizing element. Increased oxygen content significantly increases

the β transus temperature in pure Ti [7] and in (metastable) β-Ti alloys. The β transus
temperature was determined in the Ti-29Nb-13Ta-4.6Zr alloy with 0.14, 0.33, and

0.70wt% of oxygen. The alloy was annealed at different temperatures for 3 days

and water quenched. Optical microscopy revealed α phase particles, which
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disappeared after annealing at temperatures higher than the β transus temperature. It

was found that β transus temperature equals to (429 O+619)°C where O is oxygen

content in wt% [2].

The diffusion of oxygen atoms into α phase in alloys with two-phase α+β compo-

sition also demonstrates the α stabilizing ability of oxygen. Direct proof of this fact

was obtained by a 3D atom probe tomography in Refs. [43,44].

The α stabilizing effect of oxygen can also be traced after aging of metastable β-Ti
alloys, provided that temperatures are sufficient for α phase particle precipitation (typ-
ically >400°C) but still below the β transus temperature. It was found that oxygen

slightly increases both the volume fraction and the size of α phase particles after aging
the Ti-29Nb-13Ta-4.6Zr alloy at 450°C [16]. On the other hand, the α stabilizing

effect of oxygen was not seen after annealing at 850°C/30min of Ti-30Nb-12Zr-

(0.08–0.50)O alloys. It is argued that the annealing temperature of 850°C might have

been just around the β transus temperature even for the alloy with the highest oxygen

content [45]. On the other hand, the same study showed that 0.49wt% of nitrogen

increased the β transus temperature to a temperature >850°C and α phase is present.

It is therefore suggested that the α stabilizing effect of oxygen is weaker than that of

nitrogen [45].

4.2.2.1.2 Oxygen and ω phase

The ω phase is a hexagonal phase (but not hexagonal close packed) that is present in
various bcc metals including many β-Ti alloys [46]. The ω phase is formed upon

quenching by a diffusionless displacive transformation [47,48]. The transformation

can be described as a collapse of two neighboring (111)β planes into a single one. Such

hexagonal structure is coherent with the parent β phase [49]. This displacive β!ω
transformation is completely reversible at low temperatures at which diffusion does

not play a role. This ω phase is often referred to as the athermal ω phase (ωath). The

particles of the ω phase further evolve and grow during aging through a diffusion-

controlled reaction [50]. This process is irreversible and is accompanied by the rejec-

tion of β stabilizing elements from the ω phase. This ω phase is referred to as the iso-

thermal ω phase (ωiso).

It is widely agreed that interstitial oxygen suppresses the diffusionless β ! ωath

transformation. In an extensive TEM study of Ti-(17-19V)-(0.025–0.125)O alloys,

Paton and Williams [51] showed that the ωath-start temperature decreases below

the room temperature with increased oxygen content. Furthermore, oxygen creates

a hysteresis of the nondiffusional β$ ωath transformation, suggesting that interstitial

oxygen pins linear defects required for this shuffle transformation. This hypothesis is

supported by theoretical considerations in [47,49], assuming that the collapse of

atomic planes associated with ωath can be hindered by interstitial atoms.

A reduced amount of ωath due to increased oxygen content was also observed in

solution-treated Ti-(11�12)Cr-(0.2–0.6)O alloys [18,52]. Furthermore, selected

alloys were subjected to intensive cold-rolling. Selected area electron diffraction

(SAED) in TEM proved that cold-rolling is responsible for the formation of the

deformation-induced ω phase, the amount of which decreases with increasing oxygen
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content [18,53]. The deformation-induced ω phase increases the elastic modulus and

therefore the elastic modulus in the studied alloys can be varied by cold rolling

[18,53]. Unfortunately, the lowest achieved elastic modulus values are around 80GPa.

The evolution of the ωiso phase is associated with the diffusion of β stabilizing ele-
ments from ωiso particles while α stabilizing elements (and also Ti atoms) diffuse from

the β matrix into ωiso particles. It is natural to assume that oxygen as an α stabilizing

element diffuses into ωiso particles, but direct supporting evidence was delivered only

recently using a 3D atom probe (atom probe tomography) in [44]. Two alloys with

different oxygen content—Ti-29Nb-13Ta-4.6Zr-0.1O and Ti-29Nb-13Ta-4.6Zr-

0.4O—were subjected to annealing at 300°C/72h, which is ideal for ωiso phase evo-

lution without α phase precipitation. A higher-volume fraction of the ωiso phase was

found in the alloy with higher oxygen content. Furthermore, after the second step of

annealing at 450°C/24h, ωiso was present only in the alloy with higher oxygen content.

It is therefore suggested that oxygen extends the stability of the ωiso phase to higher

temperatures [44].

Conversely, in another recent study [54] oxygen atoms are claimed to cluster at the

β/ωiso interface and to be responsible for precipitation of α phase platelets just next to

ellipsoidal ω particles. Finally, under the coexistence of all three β, α, and ωiso phases,

oxygen seems to predominantly stabilize the α phase and therefore the overall ωiso

content is decreased due to oxygen in Ti-35Nb-5Ta-7Zr-(0.06–0.68)O [55].

4.2.2.1.3 Oxygen and α00 phase

Understanding the relationship between oxygen content and martensitic β! α00 trans-
formation seems to be crucial for designing low-modulus alloys with increased

oxygen content.

α00 is an orthorhombic martensitic phase formed by lattice displacement, which sig-

nificantly affects the geometry of the octahedral interstitial positions [41,56,57].

An assertion that oxygen prevents the formation of the α00 phase in Ti-Nb-based

alloys is based on numerous experimental studies reviewed below and also supported

by first principles theoretical studies [56,58]. In competition between β and α00
phases, interstitial oxygen acts as a β stabilizing element and shifts the martensite

start temperature of α00 (Ms) to lower temperatures, as documented in

Ti-(32–36)Nb-2Ta-3Zr-(0.3–0.5)O [59] or in Ti-35Nb-2Ta-3Zr-(0.09–0.51)O single

crystals [60]. Interstitial oxygen has therefore a similar effect on the Ms. of α00 phase
as substitutional zirconium atoms [61]. Moreover, first principles calculations

indicated that Zr-O bonding is energetically favorable and leads to Zr-O

nanoclustering, which was confirmed experimentally by 3D atom-probe tomography.

Consequently, the coexistence of Zr substitutional atoms and oxygen interstitial atoms

improves the elastic stability of the β phase in Gum Metal [62].

Alloys with increased oxygen content are often developed from benchmark low-

modulus alloys in which substitutional β stabilizing elements are finely tuned to allow

for superelastic behavior at room temperature. The formation of SIM by β! α00 mar-

tensitic transformation, which is fully reversible upon unloading, causes a very high

nonlinear recoverable strain referred to as superelastic behavior. Once oxygen is
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added to such finely tuned superelastic alloys, the β stability is enhanced and the SIM
formation is either fully or partially suppressed.

In Ti-30Nb-12Zr-(0.08–0.50)O alloys, already 0.20wt% of oxygen completely

suppresses the double yielding behavior, which is typical for SIM transformation dur-

ing loading [45]. In a Ti-37Nb benchmark alloy, 0.28wt% of added oxygen postpones

SIM transformation to higher strength levels [57]. As described in [20], interstitial

oxygen atoms reduce the nonlinear recoverable strain by two mechanisms

(a) Raising the critical stress for α00 formation and reducing ultimate α00 volume fraction.

(b) Reducing the transformation strain of displacive β ! α00 transformation due to structural

convergence of parent β and martensite α00 phases with increased interstitial content.

As the result, the stress plateau that is typical for superelastic behavior is shifted to

higher stress levels closer to the critical stress for common dislocation slip. Simulta-

neously, the stress plateau is shorter (in strain) due to lower transformation strains.

Both effects contribute to diminishing the double yielding behavior with increasing

interstitial oxygen content [20].

The β stabilizing effect of oxygen was used in cold-rolled Ti-38Nb-0.14O alloys, in

which oxygen postpones the SIM transformation to high stress values. In such alloys,

the stability of the β phase at room temperature is very low (i.e., very close to β! α00
transformation). As a result, the elastic modulus of the β phase is very low and can be

tuned by oxygen content [63]. A Ti-38Nb-0.14O alloy after 90% of cold rolling

achieves an elastic modulus of only 54GPa without apparent SIM transformation [17].

Note that stabilization of the β phase by oxygen has only been rarely studied in

alloys with oxygen content >0.5wt%.

4.2.2.2 Oxygen and elastic modulus

Elastic deformation is conventionally defined as a reversible deformation. Elastic

deformation in metals commonly occurs by (small) changes in the shape of the atomic

lattice (mainly by shear). Such elastic deformation is linear and therefore obeys the

Hooke’s law, which allows the determination of Young’s modulus (in this chapter

simply referred to as “elastic modulus”). An alternative mechanism of reversible

deformation is a reversible martensitic transformation—the formation and vanishing

of SIM upon loading and unloading, respectively—referred to as pseudoelasticity or

superelasticity. Such reversible deformation is nonlinear and the elastic modulus

cannot be unambiguously determined.

The “true” Young’s modulus (elastic modulus) unaffected by martensitic transfor-

mation can be evaluated by resonance techniques—namely by the electromagnetic

acoustic resonance (EMAR) [64] and resonant ultrasound spectroscopy [65].

On the other hand, the determination of the elastic modulus from tensile tests often

leads to underestimated values due to the deformation of the tensile machine and

possible SIM formation.

The relation between oxygen content and the resulting linear elastic deformation of

a Ti alloy is predominantly related to the phase composition and stability of particular

phases. The formation of α and ωiso phases should be avoided due to their high elastic
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modulus. Both phases are formed during annealing by the diffusion transformation;

oxygen contributes to their stabilization and may increase their volume fraction

[16,44].

The elastic modulus of bcc material strongly depends on the number of valence

electrons per atom (e/a ratio). For instance, the elastic modulus of bcc chromium

or molybdenum having 6 valence electrons is close to 300GPa while the elastic mod-

ulus of vanadium and niobium with 5 valence electrons is 128 and 105GPa, respec-

tively. The elastic modulus of the bcc β phase further decreases with a decreasing e/a
ratio until approximately e/a¼4.2, when the bcc β phase loses its stability and trans-

forms by displacive transformation to α00 martensite or partially to ωath, depending on

the type of alloying elements. However, it is not clear how to include interstitial

oxygen into the e/a ratio calculation. One approach is to include six valence electrons
per oxygen atom into the sum of electrons (e), but not to include oxygen atoms into the

sum of atoms (a) because interstitial atoms do not occupy lattice positions. This

approach is consistent with calculations of valence electron concentration (VEC)

which subsequently affects bulk moduli [66]. However, the effect of oxygen on the

e/a ratio is often completely neglected in the reports on low-modulus β-Ti alloys
[35,67].

However, the elastic modulus cannot be estimated directly from the e/a ratio

[27,68]. Anomalous softening of elastic constants (namely c44) can be explained by

features in the electron band structure in the immediate vicinity of the Fermi level

as determined for Nb-based alloys in [69,70]. The contribution of interstitial oxygen

to bonding, the Fermi level, the density of states at the Fermi level, and consequently

to elastic constants unfortunately remains for such complicated alloying systems

unknown [71].

The relationship between the elastic modulus and the proximity to martensitic

transformation is described by the measurement of temperature evolution of the elas-

tic modulus in the range of 200–300K [27]. The temperature corresponding to the

minimum in elastic modulus increases with decreasing Nb content, suggesting that

β stabilizing niobium shifts the Ms temperature associated with the lowest elastic

modulus to lower temperatures. Similar measurement in the same temperature range

was performed for three Ti-35-2Ta-3Zr-based alloys containing 0.09, 0.36, and

0.51wt% oxygen [67]. In the 0.09 O alloy, the elastic modulus increases with decreas-

ing temperature below RT. This alloy contains both β and α00 phases and with decreas-
ing temperature, the volume fraction of stiffer α00 (and even ωath) increases. On the

other hand, in 0.36 and 0.51 O alloys, the Ms temperature is shifted far below room

temperature. Therefore, the elastic modulus decreases with decreasing temperature,

which is explained by the decreasing stability of the β phase [67]. The same alloys

were subjected to cold rolling, which caused an increase in the elastic modulus due

to deformation induced α00 and ωath. However, the increase in the elastic modulus

due to cold rolling was the smallest in the alloy with the highest oxygen content,

because oxygen reduced the amount of newly formed stiff phases.

The anisotropy of the elastic modulus was measured by EMAR and RUS in single

crystals of biomedical β-Ti alloys. The lowest elastic modulus of 35GPa was found in

direction h100i in the Ti-29Nb-13Ta-4.6Zr alloy while in the direction h111i, the
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elastic modulus reached 80GPa [68]. A less-stabilized Ti-25Nb-13Ta-5Zr alloy

exhibits qualitatively similar anisotropy but a higher stiffness due to ωath particles

[68]. The results are consistent with a detailed study on the Ti-15Mo alloy [24].

The elastic modulus was determined in three different directions in the Ti-36Nb-

2Ta-3Zr-0.3O alloy single crystal by tensile tests [72]. The softest direction was again

h100i (40GPa) while the stiffest one (85GPa) is h111i. Note that SIMwas observed in

the h110i direction (the initial elastic modulus before the SIM was 60GPa) while it

was absent in other directions. The results on single crystals indicate that the strong

texture of polycrystalline material would affect the elastic modulus of the material via

the anisotropy of the bcc β phase and possible anisotropy of the SIM formation.

A detailed investigation is, however, not available.

Summary

Oxygen increases the temperature range of stability of α and ωiso phases and stabilizes

them by diffusion. On the other hand, interstitial oxygen atoms prevent the formation

of ωath and α00 phases by displacive transformations. A martensite start temperature of

β ! α00 transformation is shifted to lower temperatures and the formation of SIM is

either fully suppressed or postponed to higher stress levels due to oxygen. Such β
stabilizing effects of oxygen lead to an increase in elastic modulus.

4.2.3 Effect of oxygen on strength

Oxygen significantly increases the strength of the bcc β phase by interstitial strength-
ening. The relative magnitude of the effect is comparable to the effect of oxygen

content of commercially pure Ti (Grades 1–4). Interstitial oxygen atoms create a

Cottrell atmosphere around edge dislocations and a Snoek atmosphere around screw

dislocations while acting as obstacles for dislocation motions [2,9,73].

Table 4.2.2 presents an overview of the mechanical properties of Ti-Nb-based bio-

medical β-Ti alloys focusing on the effect of oxygen content. As discussed above, a

low elastic modulus is achieved when the precipitation of α and ωiso phases during

aging is avoided. Therefore, Table 4.2.2 includes only alloys after solution treatment

and eventual cold working. The third column in Table 4.2.2 shows whether the SIM

formation occurs in the material during a tensile test. Note that if SIM is present, then

both the elastic modulus and yield stress are not properly defined. The elastic modulus

is usually determined from the initial stage of the deformation and the yield stress is

resolved as the first deviation from linearity (therefore associated with SIM formation

rather than the dislocation slip).

The effect of oxygen on mechanical properties is rather complex. Several mecha-

nisms of plastic deformation—namely the slip, twinning, SIM α00, and stress-induced
ωath—can operate in a single alloy [74]. The dominant mechanisms of plastic defor-

mation change with increasing content of oxygen and of other alloying elements,

previous thermomechanical treatment, and even during tensile plastic deformation.

380 Titanium in Medical and Dental Applications



Table 4.2.2 Overview of mechanical properties of Ti-Nb-based biomedical alloys with increased oxygen
content

Composition (wt%)

Oxygen

(wt%) SIM

Elastic

modulus

Yield stress

(MPa) UTS (MPa)

Elong.

(%) Thermomechanical treatment Ref.

Ti-35Nb-5.7Ta-7.3Zr 0.06 NO – 530 590 21 ST 850°C 1h WQ [75]

Ti-35Nb-5.7Ta-7.3Zr 0.46 NO – 937 1014 19 ST 850°C 1h WQ [75]

Ti-35Nb-5.7Ta-7.3Zr 0.68 NO – 1081 1097 21 ST 850°C 1h WQ [75]

Ti-29Nb-13Ta-4.6Zr 0.12 NO 58 500 600 27 ST 790°C 1h WQ [16]

Ti-29Nb-13Ta-4.6Zr 0.20 NO 70 600 700 20 ST 800°C 1h WQ [16]

Ti-29Nb-13Ta-4.6Zr 0.42 NO 75 840 900 17 ST 820°C 1h WQ [16]

Ti-35Nb 0 YES – 350 500 38 CR (98.5%)+ST 900°C 0.5h WQ [76]

Ti-35Nb 0.14 YES – 170 700 27 CR (98.5%)+ST 900°C 0.5h WQ [76]

Ti-35Nb 0.28 YES – 350 850 27 CR (98.5%)+ST 900°C 0.5h WQ [76]

Ti-35Nb 0.41 YES – 450 900 9 CR (98.5%)+ST 900°C 0.5h WQ [76]

Ti-35Nb 0.55 YES – 500 1050 6 CR (98.5%)+ST 900°C 0.5h WQ [76]

Ti-36Nb 0.04 YES – 180 250 – CR (98.5%)+ST 900°C 0.5h WQ [57]

Ti-36Nb 0.28 YES – 350 500 – CR (98.5%)+ST 900°C 0.5h WQ [57]

Ti-38Nb 0 YES 60 300 445 32 CR (90%)+ST 850°C 0.5h WQ [17]

Ti-38Nb 0.14 YES 54 665 810 21 CR(90%)+ST 850°C 0.5h WQ [17]

Ti-30Nb-2Ta-3Zr 0.49 YES 58 – 1500 8 Hot rolled + cold worked (90%) [59]

Ti-33Nb-2Ta-3Zr 0.49 NO 50 – 1250 14 Hot rolled + cold worked (90%) [59]

Ti-36Nb-2Ta-3Zr 0.47 NO 60 – 1100 15 Hot rolled + cold worked (90%) [59]

Ti-30Nb-12Zr 0.08 YES 67 – 545 48 ST 850°C 0.5h WQ [45]

Ti-30Nb-12Zr 0.20 NO 67.4 – 675 37 ST 850°C 0.5h WQ [45]

Ti-30Nb-12Zr 0.29 NO 68.2 – 720 30 ST 850°C 0.5h WQ [45]

Ti-30Nb-12Zr 0.37 NO 68.9 – 850 25 ST 850°C 0.5h WQ [45]

Ti-30Nb-12Zr 0.50 NO 72 – 995 18 ST 850°C 0.5h WQ [45]
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Table 4.2.2 Continued

Composition (wt%)

Oxygen

(wt%) SIM

Elastic

modulus

Yield stress

(MPa) UTS (MPa)

Elong.

(%) Thermomechanical treatment Ref.

Ti-35Nb-2Ta-3Zr 0.26 NO 65 650 750 17 ST 780°C 30min AC [77]

Ti-35Nb-2Ta-3Zr 0.38 NO 59 750 770 10 ST 780°C 30min AC [77]

Ti-35Nb-2Ta-3Zr 0.52 NO 60 800 840 4 ST 780°C 30min AC [77]

Ti-35Nb-2Ta-3Zr 0.59 NO 90 860 883 1 ST 780°C 30min AC [77]

Ti-35Nb-2Ta-3Zr 0.14 YES 60 350 600 21 Hot rolled + ST 730°C 1h WQ [2]

Ti-35Nb-2Ta-3Zr 0.33 NO 65 700 800 13 Hot rolled + ST 810°C 1h WQ [2]

Ti-35Nb-2Ta-3Zr 0.70 NO 75 1050 1050 19 Hot rolled + ST 970°C 1h WQ [2]

Ti-35Nb-2Ta-3Zr 0 YES 55 280 400 33 ST 850°C 0.5h WQ [14]

Ti-35Nb-2Ta-3Zr 0.32 NO 60 830 880 12 ST 850°C 0.5h WQ [14]

Ti-35Nb-2Ta-3Zr 0.44 YES 45.3 880 940 5 Cold-worked (96%) [78]
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The strength values in Table 4.2.2 unambiguously document the strength enhance-

ment by oxygen. UTS exceeds 800MPa in all alloys with oxygen content around

0.4wt%. A positive effect of combining Zr and O on strength can be also revealed.

Cold working—usually either cold rolling (CR) or rotary swaging—is beneficial

for strength enhancement due to induced deformation and microstructural refinement

as well as for decreasing the elastic modulus, arguably due to the crystallographic tex-

ture. The direct effect of cold rolling in the Ti-35Nb-2Ta-3Zr-0.32O alloy is demon-

strated in Table 4.2.3 [19]. On the other hand, cold rolling without subsequent solution

treatment reduces the total plastic elongation.

Material ductility generally decreases with increasing oxygen content [45,76] and

especially the low elongation values reported in [77] were attributed to intergranular

failure, which may be caused by oxygen segregation at grain boundaries. However,

nitrogen content, which deteriorates the ductility of β-Ti alloys, is not quoted in [77].
Despite the fact that oxygen content reduces the ductility, two exceptions can be

found in Table 4.2.2—for alloys with oxygen content higher than 0.6wt%. In the

Ti-35Nb-5.7Ta-7.3Zr alloy [75] and the Ti-35Nb-2Ta-3Zr alloy [2], the elongation

was found to increase when the oxygen content was increased from approx. 0.3wt

% and 0.7wt%. The reason is described in [2] and can be seen in Fig. 4.2.1 in the

introduction to this chapter. When the oxygen content exceeds a certain level (approx.

0.6wt%), the material exhibits significant work hardening. Work hardening

suppresses the premature necking and higher plastic elongation is achieved. More-

over, in the flow curves (see Fig. 4.2.1), the sharp-yield point is observed, which dem-

onstrates the interaction between the atmosphere of interstitial oxygen atoms and

dislocations in the alloys.

Ti-35Nb-5.7Ta-7.3Zr alloys with increased oxygen content, high strength, and

high ductility were recently studied by the authors of this chapter; the main results

are presented in the following section.

Summary

Oxygen significantly increases the strength by interstitial strengthening, but generally

leads to some reduction in ductility. In alloys exhibiting SIM formation, the yield

stress defined as the deviation from the linear deformation is usually low. Cold rolling

Table 4.2.3 The effect of cold working on strength in the
Ti-35Nb-2Ta-3Zr-0.32O alloy [19]

Elastic modulus (GPa) Yield stress (MPa) Elongation (%) Cold working

70 750 18 0%

60 900 10 20%

58 900 10 40%

55 900 10 60%

55 950 10 80%

55 1050 10 90%
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increases the strength of the material but usually reduces the elongation. The yield

stress of 800MPa is achievable by 0.4wt% of oxygen. Even higher yield stress levels

are found in alloys with 0.7wt% oxygen. These alloys also exhibit enhanced elonga-

tion due to work hardening during tensile straining.

4.2.4 The case study: The Ti-Nb-Zr-ta-O alloy
for load-bearing implant manufacturing

A laboratory amount of Ti-35.3Nb-5.7Ta-7.3Zr-based alloys was cast by arc melting

with appropriate TiO2 addition to achieve the final oxygen content of 0.06, 0.15, 0.35,

and 0.66wt%. The as-cast material was subsequently hot forged at approximately

1100°C. Tensile tests performed at room temperature indicated the apparent strength

enhancement by oxygen. Fig. 4.2.2 shows that true yield stress increased from

400MPa to almost 1000MPa and seems to saturate with increasing O content while

the UTS increases almost linearly. The difference between yield stress and UTS

indicates clearly that the alloy with 0.66 exhibits significant work hardening (see also

Fig. 4.2.1).

4.2.4.1 Alloy manufacturing

Based on achieved results, the Ti-35.3Nb-5.7Ta-7.3Zr-0.7O alloy was selected for

larger-scale manufacturing. The alloy was prepared at Retech Co. by plasma-arc melt-

ing of pure elements and TiO2 to produce small compacts (approx. 150g). These com-

pacts were subsequently remelted by sequential pour melting; ingots with the diameter

of50mm and the length of 1m were prepared.

The as-cast material was subsequently processed by two different industrial tech-

niques. A hip implant semiproduct was successfully manufactured by die forging of

the as-cast material heated to 1100°C. Another piece of as-cast material was processed

by hot rolling of the material heated to 1200°C. In both cases, the material was water

quenched after the last processing step.
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Fig. 4.2.2 The evolution of

the yield stress and the

ultimate tensile strength

(UTS) with increasing

oxygen content in

Ti-35.3Nb-5.7Ta-7.3Zr-

based alloys.
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4.2.4.2 Microstructure

The microstructure of as-cast material is shown in Fig. 4.2.3A. The very coarse grain

structure of pure β-Ti phase contains micropores (black spots) and chemical inhomo-

geneity due to the lack of homogenization treatment on the right side of the image.

The microstructure after die forging is significantly refined and partly rec-

rystallized as depicted in Fig. 4.2.3B. Pores could not be found (rare black spots

are remnants form polishing as evidenced by more detailed observations).

4.2.4.3 Mechanical properties

Elastic moduli of as-cast alloys with 0.06, 0.35, and 0.66wt% O determined by res-

onant ultrasound spectroscopy are 63, 81, and 80GPa, respectively. The increase of

elastic modulus is attributed to the stabilization of the β phase.

Typical flow curves (selected out of three samples per condition) of the as-cast, the

as-(die)-forged and the as-rolled material are shown in Fig. 4.2.4. The yield stress of

(A) (B)

Fig. 4.2.3 (A) Ti-35.3Nb-5.7Ta-7.3Zr-0.7O alloy as cast. (B) Ti-35.3Nb-5.7Ta-7.3Zr-0.7O

alloy, die forged.

TNTZO - as-cast
TNTZO - as-forged
TNTZO - as-rolled
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Fig. 4.2.4 Flow curves of

Ti-35.3Nb-5.7Ta-7.3Zr-

0.7O in different processing

conditions.
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the hot-worked material is significantly increased while the difference between the

die-forged and rolled conditions is insignificant. All specimens exhibited an apparent

sharp-yield point but it was more pronounced in hot-worked ones, which suggested

that oxygen atoms clustered around dislocations during hot working. Elongation is

also slightly increased by hot working; in particular, as-cast material fails without

significant necking.

4.2.4.4 The applicability of the developed alloy
for load-bearing implant manufacturing

A reduced elastic modulus and high biocompatibility [79] are the key advantages of a

developed alloy as compared to the common Ti-6Al-4V alloy. The developed TNTZO

alloy exhibits sufficient strength and ductility at room temperature to be used for

orthopedic implants of big joints. The initial as-cast material prepared by sequential

pour melting has sufficient dimensions while preliminary tests indicate that hot form-

ability allows cost-effective implant manufacturing. The key requirement for implant

material—the fatigue performance—has, however, not yet been mentioned through-

out this chapter. Fatigue tests indicate that there is only a limited correlation between

material performance under static and dynamic loading. The fatigue performance of

the as-cast condition was found to be inferior to hot-worked conditions. The complete

understanding of the relation between the processing, the microstructure, and fatigue

performance is yet unclear.

Summary

A Ti-35.3Nb-5.7Ta-7.3Zr-0.7O alloy was manufactured in the form of a rod with the

diameter of 50mm. The material was successfully hot rolled and also die forged.

Resulting hot worked conditions exhibit the high strength (>1000MPa) and satisfac-

tory elongation (>15%).

4.2.5 The applicability of biomedical β-Ti alloys with
increased oxygen content in orthopedics

Biomedical β-Ti alloys with increased oxygen content simultaneously achieve low

elastic modulus, high strength, and sufficient ductility. It is assumed that oxygen does

not deteriorate material biocompatibility, which has been thoroughly studied for

Ti-Nb-based alloys. However, several issues must be resolved to produce the material

for industrial application.

Fatigue: Fatigue properties are critical for employment of the material in ortho-

pedics. Unfortunately, results on fatigue resistance of biomedical β-Ti alloys with

increased oxygen content are not available. Fatigue testing is extremely material-

demanding but investigated alloys are usually prepared only in laboratory amounts.
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It is assumed that performance under dynamic loading will be more sensitive to

particular microstructural conditions than properties determined during static

loading.

Dimensions: The most-demanded metallic implants are endoprostheses of big

joints—hip and knee. Certain dimensions of input material—typically a rod with

the diameter of 20–30mm or a plate with thickness around 10mm—are required. This

fact literally disqualifies material prepared by intensive cold rolling. In extreme cases,

cold rolling with a thickness reduction of 98.5% led to the final thickness of 150μm
[57]. Despite these facts, there are several applications of Ti alloys in small implants

(mainly in traumatology).

Product manufacturing: β-Ti alloys with increased oxygen have many disadvan-

tages as compared to other groups of Ti alloys: extreme reactivity with gases, high

toughness, and low thermal conductivity. Moreover, alloying with Nb and Ta is com-

plicated due to the very high melting temperatures of these elements. As a result, the

melting point of these alloys is high and forging temperatures exceed those typical for

steels. Biomedical alloys with increased oxygen have another specific disadvantage.

High strength levels due to interstitial oxygen are almost unknown, but it can be

assumed that the effect of oxygen will prevail up to relatively high temperatures,

which may further complicate hot forming. Furthermore, these alloys should be used

in pure β conditions, which exhibit even higher toughness than the more-common

aged α+β conditions. Data on machinability of these alloys are not available. The

optimal processing route of biomedical alloys is to be determined. However, it is clear

that the processing route will be completely different from those of Ti-6Al-4V alloy or

high-strength metastable β-Ti alloys in the aircraft industry.

It must be considered that the final products of specialized Ti-Nb-based alloys will

be much more expensive than that of Ti-6Al-4V alloy, both due to expensive alloying

elements and complicated processing. On the other hand, production for medical use

has high added value and direct material costs create only a small margin of the final

price of biomedical products.

Summary

Biomedical β-Ti alloys with increased oxygen content are promising candidates for

manufacturing of orthopedic and other medical implants. Depending on the required

application, an alloy with a favorable combination of strength and elastic modulus can

be selected. For the manufacturing of big joint implants, detailed assessment of fatigue

performance and optimization of processing parameters remain critical issues.
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Beta titanium alloys are promising materials for load-bearing orthopaedic implants due to their excellent corro-
sion resistance and biocompatibility, low elastic modulus and moderate strength. Metastable beta-Ti alloys can
be hardened via precipitation of the alpha phase; however, this has an adverse effect on the elastic modulus.
Small amounts of Fe (0–2 wt.%) and Si (0–1 wt.%) were added to Ti–35Nb–7Zr–6Ta (TNZT) biocompatible
alloy to increase its strength in beta solution treated condition. Fe and Si additions were shown to cause a signif-
icant increase in tensile strength and also in the elastic modulus (from 65 GPa to 85 GPa). However, the elastic
modulus of TNZT alloy with Fe and Si additions is still much lower than that of widely used Ti–6Al–4V alloy
(115 GPa), and thus closer to that of the bone (10–30 GPa). Si decreases the elongation to failure, whereas Fe in-
creases the uniform elongation thanks to increased work hardening. Primary human osteoblasts cultivated for
21 days on TNZT with 0.5Si + 2Fe (wt.%) reached a significantly higher cell population density and significantly
higher collagen I production than cells cultured on the standard Ti–6Al–4V alloy. In conclusion, the Ti–35Nb–
7Zr–6Ta–2Fe–0.5Si alloy proves to be the best combination of elastic modulus, strength and also biological prop-
erties, which makes it a viable candidate for use in load-bearing implants.

© 2015 The Authors. Published by Elsevier B.V. This is an open access article under the CC BY-NC-ND license
(http://creativecommons.org/licenses/by-nc-nd/4.0/).
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Bone implants
1. Introduction

Titanium alloys have been applied extensively in orthopaedics for
several decades due to their superior mechanical properties, excellent
corrosion resistance and favourable biocompatibility [1,2]. Numerous
studies have reviewed the outstanding properties of these materials
for medical use. Excellent biocompatibility of titanium has been proven
bymany authors, both in vitro and in vivo [3,4]. Commercially pure tita-
nium is used in some orthopaedic and dental applications. However,
limited strength (up to 500 MPa) disallows its use as a material for or-
thopaedic endoprostheses, which constitutemost of themarket for me-
tallic implants [2].

Although Ti–6Al–4V alloy was developed for the aerospace industry,
it is still theworkhorse of the orthopaedic implants industry [5]. Despite
the generally good properties of this alloy, there are several limitations.
Special concern relates to thepresence of vanadium, because an increas-
ing number of studies have reported a cytotoxic effect of this element [6,
7]. The presence of aluminiumhas been associatedwith the induction of
neurotoxicity and neurodegenerative diseases reviewed in [8].
a).

. This is an open access article under
Moreover, there is a risk of implant-induced oxidative stress and subse-
quent inflammatory activation caused by Ti–6Al–4V [9].

Another principal adverse property is its excessively high elastic
modulus (around 115 GPa for Ti–6Al–4V alloy), which is much higher
than the elastic modulus of cortical bone (10–30 GPa) [10]. The load,
which is normally applied to the bone is carried by the stiff implant,
and the bone tissue atrophies due to lack of functional stimulation. Con-
sequent osteoporosis results in fractures of the surrounding bone or
loosening of the implant. For any of these reasons, the lifetime of an or-
thopaedic implant made of Ti–6Al–4V alloy is usually limited to 15–
20 years [11,12]. At the same time, the excessively low elastic modulus
causes large amounts of shear motion between the stem and the bone,
leading to the formation of fibrous tissue and to failure [13]. Current in-
terest is therefore focused on metastable β-titanium alloys with in-
creased biocompatibility and a moderate elastic modulus [10].

1.1. Metastable beta-Ti alloys

The first metastable β-Ti alloys were developed in the 1960s [14].
The principal advantages of these alloys are their good response to
heat treatment, their enhanced ductility, weldability and high strength
[15]. The dominant area of application has been in the aerospace indus-
try [16]. However, in the last two decades, specialized biocompatible
the CC BY-NC-ND license (http://creativecommons.org/licenses/by-nc-nd/4.0/).
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Table 1
Manufactured alloys with different amounts of Fe and Si (wt.%).

Ti–35N–7Zr–5Ta Ti–35N–7Zr–5Ta–0.5Si–1Fe
Ti–35N–7Zr–5Ta–1Si Ti–35N–7Zr–5Ta–0.5Si–2Fe
Ti–35N–7Zr–5Ta–2Fe Ti–35N–7Zr–5Ta–1Si–1Fe
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alloys have also been developed. The most widely-used alloying ele-
ments are vanadium, chromium, iron, molybdenum and niobium. Nb
and Zr are regarded as biocompatible alloying elements, whereas V, Cr
and Co are considered inappropriate due to their potential cytotoxicity
[17].

Metastable beta-Ti alloys after quenching from a temperature above
the beta transus (typically around 600–800 °C) do not contain the alpha
phase. The major hardening mechanism in metastable β-Ti alloys is the
formation of omega and alpha phases by subsequent ageing. Underlying
phase transitions including schematic phase diagrams for metastable
beta-Ti alloys and effects on mechanical properties are overviewed in
[18]. It has been shown experimentally and explained theoretically
that the Young'smodulus of β-phase is lower than the Young'smodulus
of the alpha phase or the omega phase [19,20]. Ageing treatment there-
fore increases the elastic modulus of the alloys. Alternative strengthen-
ing mechanisms are solid solution strengthening and precipitation
strengthening by small dispersed particles. Both of these mechanisms
are utilized and investigated in the present study.

1.2. TNZT alloy

Ti–Nb–Zr–Ta based alloys are known as highly biocompatible mate-
rials with favourablemechanical properties. Various types of Ti–Nb–Zr–
Ta have been developed. The two most widely used and most widely
investigated compositions are Ti–29Nb–13Ta–4.6Zr [12] and Ti–
35.3Nb–7.3Zr–5.7Ta (in the following text abbreviated as TNZT). TNZT
was developed in the 1990s in the USA and was patented in 1999
[21]. This particular composition was used as a benchmark material
for experimental investigations in this study. The TNZT alloy contains
only biocompatible elements [11], and consists of beta phase only
after quenching from temperatures above the beta transus. In this con-
dition, the elastic modulus is as low as 55 GPa. A considerable disadvan-
tage is the relatively low strength of this alloy of around 550 MPa,
depending on oxygen content [22].

The aim of this study is to investigate TNZT alloys as an implant ma-
terial for hip total endoprostheses, which constitute the majority of
market. The strength of basic TNZT alloy in solution treated condition
does not exceed 500 MPa and as such cannot be used for hip implant.
A relatively low bending strength (e.g. in comparison with Ti–12Cr) of
Ti–29Nb–13Ta–4.6Zr limits its application in spinal fixation [23]. In an-
other TNZT alloy, i.e. Ti–35Nb–5.7Ta–7.2Zr, attempts were made to im-
prove its strength by small boron addition and TiB formation. However,
the presence of boron decreased the attachment of human osteoblast-
likeMG-63 cells to thematerial [24] and also deteriorates its wear resis-
tance of the alloy [25].

The strength can be significantly improved by ageing involving
alpha precipitation [26]. However, the elastic modulus is increased to
above 100 GPa, which is similar to the modulus of widely-used
alpha + beta alloys. The purpose of our study is to employ small Fe
and Si additions to strengthen TNZT alloy without increasing the elastic
modulus excessively, and to assess the effects of Fe and Si on the bio-
compatibility of the material.

1.3. Fe and Si additions

The solubility of iron in beta-Ti matrix reaches 22 at.% [27]. Iron acts
as a strong beta stabilizer and causes simple solution strengthening in
beta alloys due to different electron bonding. However, Si has very
low solubility in both the alpha and beta phases and contributes to
hardening via the creation of dispersed precipitates Ti5Si3 [28]. More-
over, the even more stable (Ti,Zr)5Si3 compound is formed in alloys
containing Zr [28]. An Si content of 0.2–0.4 wt.% is often utilized in
high-strength and high-temperature alloys in the aerospace industry
to increase the strength and to suppress excessive creep [15,29]. The
combined effect of Fe and Si was explored by Lee et al. [30] for the
alpha phase only. According to Lee et al., Si increases the strength up
to 2wt.% content, and themost pronounced increase is achieved already
for 0.5wt.% content. On the other hand, Si content in excess of 1wt.% re-
duces elongation drastically. Fe additions above 2 wt.% increase the
strength substantially. As a result, combined alloying by Fe and Si
leads to higher strength levels. Kim et al. [31] studied Ti–(18–
28)Nb–(0.5–1.5)Si metastable beta Ti alloys. It is reported that an Si
content up to 1 wt.% decreases the elastic modulus to 48 GPa. However,
this fact is related to the lower concentration of beta stabilizing ele-
ments which leads to the lower stability of the beta phase rather than
to an intrinsic effect of Si on the beta phase matrix. To the best of our
knowledge, no other authors have yet considered combined additions
of Fe and Si to a biomedical beta Ti alloy.

Apart from the mechanical properties, the effect of Fe and Si on the
cells and tissues of the living organismmust be evaluated. In vivo animal
experiments on pure iron stents showed good biocompatibility, with no
evidence of local or systemic toxicity or of an inflammatory reaction [32,
33]. Similarly, porous silicon microparticles studied as a multistage de-
livery carrier showed biocompatibility with immune cells, endothelial
cells, and erythrocytes [34]. Internalization of these microparticles by
endothelial cells did not affect cellular integrity, proliferation, viability,
mitosis or the release of pro-inflammatory cytokines [35]. Moreover,
in vivo studies demonstrated that acute or subchronic intravenous ad-
ministration of these siliconmicroparticles produced no obvious chang-
es in blood chemistry, microscopic histology or immunoreactivity in
mice [36,37]. In addition, the combination of Fe and Si in silica–iron
phosphate nanocomposites exhibited good biocompatibility, and there
was no cytotoxicity or reduced viability of the human mesenchymal
stem cells, even if the nanocomposites penetrated the cells [38]. Porous
silicon is already clinically used for drug delivery, and also by pSivida
Corp as a sustained release device for the treatment of chronic eye dis-
ease. Moreover, great biocompatibility of different alloys containing Fe
(Fe–Mn, Ti–Zr–Nb–Fe, Ti–Fe–Mo–Mn–Nb–Zr, Au–Fe, Fe–Pd) was re-
ported in numerous studies [39–43]. Alloys with silicon additions (Ti–
Zr–Pd–Si–(Nb) and Mg–Si) or Si-coating also show good cell prolifera-
tion, viability and biocompatibility [44–47]. However to verify these
finding, adhesion, proliferation and potential cytotoxicity as well as dif-
ferentiation of the cells cultivated on all manufactured TNZT–Si–Fe al-
loys was performed in this study.

2. Material and experimental procedure

2.1. Manufacturing TNZT alloys

Six different alloys were designed and manufactured. A TNZT alloy
with chemical composition 51.7Ti–35.3Nb–7.3Zr–5.7Ta (wt.%) or
68.7Ti–24.2Nb–5.1Zr–2.0Ta (at.%) was used as a benchmark. Six tai-
lored alloys with 0–2 wt.% Fe and 0–1 wt.% Si additions are listed in
Table 1.

All alloys were prepared by arc melting of pure elements under low
pressure of a clean He atmosphere (350 mbar). Each part of the sample
was remelted at least six times by the electric arc to ensure homogene-
ity. Samples approximately 200 g in weight were homogenized at 1400
°C for two hours andwere furnace cooled. Before forging into the shape
of rods, the material was heated to approximately 1100 °C; however,
the forging temperature was not precisely controlled. This is referred
to as the as-forged condition. Some samples were sealed into a quartz
tube and a beta solution treated at 1000 °C/2 h, followed by water
quenching. This is referred to as the solution treated (ST) condition.
The final samples (flat rounded discs, 11 mm in diameter) were
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polished by common grinding and polishing techniques using grinding
papers and alumina.

2.2. Mechanical and microstructural characterization

Samples for observations by scanning electron microscopy were
carefully polished using SiC abrasive papers. Subsequently, a three-
step procedure using alumina (0.3 μm and 0.05 μm) and colloidal silica
on a vibratory polisher (Buehler–Vibromet) was employed to obtain an
optimally clean and flat sample surface.

Extensive SEM observations were performed using the FEI Quanta
200F scanning electron microscope with the FEG cathode at an acceler-
ating voltage of 20 kV, and the EDX analyser. The elastic modulus was
measured on samples 3 mm in thickness, using a resonant ultrasound
spectroscopic pulse-echo method [48]. For the tensile tests, we
employed a computer controlled Instron 5882 machine and a strain
rate of 10−4 s−1.

2.3. Simulated body fluid (SBF)

To evaluate mineralization of TNZT samples, simulated body fluid
experiment following Kokubo's protocol was performed [49]. Samples
were incubated for 14 days in Hank's Balanced Salt Solution (Life tech-
nologies, Cat. No. 14,025,092) at 37 °C in a humidified air atmosphere
containing 5% of CO2. The samples were subsequently analysed by
SEM and TF-XRD.

2.4. Cells and culture conditions

TNZT alloyswith various Fe and Si additions, and also thebenchmark
Ti–6Al–4V alloy, were sterilized by autoclaving and were inserted into
polystyrene 24-well tissue culture plates (TPP, well diameter
15.4 mm). For the initial experiments (to evaluate cell adhesion and
proliferation), sterile samples were seeded with human osteoblast-like
U-2 OS cells (ATCC-LGC, Cat. No HTB-96) with an initial density of
about 6000 cells/cm2 andwere cultured for 7 days in 1mL of Dulbecco's
Modified Eagle'sMedium (D-MEM; Sigma, Cat. NoD5648) supplement-
ed with 10% fetal bovine serum (Sebak GmbH,) and gentamicin
(40 μg/mL; LEK,). For differentiation experiments, human primary oste-
oblasts (HOB-p; PromoCell, Cat. No C12760) in an initial density of
about 9000 cells/cm2 were seeded on samples and were grown in the
osteoblast growth medium (PromoCell, Cat. No C 27001) to cell conflu-
ence. After confluence was reached, the cells were differentiated for
14 days in the osteoblast growth medium with additives promoting
osteogenic differentiation: 10 mM β-glycerolphosphate, 2 mM L-
glutamin, 1 μM 1,α25dihydroxyvitamin D3, 100 nM dexamethasone,
280 μM L-ascorbic acid (all purchased from Sigma). Both cell types
were cultivated at 37 °C in a humidified air atmosphere containing 5%
of CO2. The SSM1 Mini Orbital Shaker (circular motion with an orbit of
16 mm; Stuart) was used for cultivation under dynamic conditions.
The seeding speed was set to 40 rpm for the first 24 h, followed by
90 rpm for the rest of the cultivation. A polystyrene culture dish and
Ti–6Al–4V alloy were used as reference materials. Three samples were
analysed for each experimental group and time interval.

2.5. Cell adhesion

After 3 and 7 days of cultivation, all samples seededwithU-2OS cells
were vigorously shaken in 0.5 mL of a four times more concentrated
trypsin-EDTA solution (2 g porcine trypsin and 0.8 g EDTA per litter of
saline; Sigma) for 15 min at 37 °C on the SSM1 Mini Orbital Shaker.
The detached cells were washed away with phosphate-buffered saline
(PBS; Sigma). The samples with cells, which remained attached to the
samples, were fixed with 4% paraformaldehyde (PFA; Sigma) for
20 min, followed by permeabilization with 0.1% Triton X-100 in PBS
(Sigma) for 20 min and incubation in propidium iodide (5 μg/mL;
Sigma) for 5 min at room temperature (RT). The stained cells were
photographed using an Olympus IX-71 epifluorescence microscope
equipped with a DP-71 digital camera.

2.6. Evaluation of proliferation and potential cytotoxicity (XTT assay)

The commercial II XTT Cell Proliferation Kit (Roche, Cat. No 11 465
015 001) was used to investigate the proliferation of human
osteoblast-like U-2 OS cells. After 3 and 7 days of cultivation, a 1 mL so-
lution of XTT and D-MEM without phenol red (Gibco, Cat. No 11053-
028) supplemented with 10% fetal bovine serum (Sebak GmbH) and
gentamicin (40 μg/mL; LEK) in the ratio of 1 portion of XTT to 2 portions
of D-MEM (according the manufacturer's protocol) were added to each
sample. After 4–6 h of incubation at 37 °C, the absorbance of the
resulting solution was measured at a wavelength of 470 nm. Solutions
from alloys or a polystyrene culture dish without seeded cells were
used as the blank samples. Three parallel samples were used for each
experimental group and time interval.

2.7. Differentiation study: evaluation of cell number and collagen I staining

After 14 days of differentiation (induced after reaching the conflu-
ence of human primary osteoblasts HOB-p), all samples were fixed in
4% PFA (Sigma) for 20 min at RT. Subsequently, the cells were perme-
abilizedwith 0.1% TritonX-100 in PBS (Sigma) for 20min at RT. Primary
antibody anti-collagen type I (2.5 μg/mL; Sigma), followed by secondary
antibody coupled to Alexa Fluor 488 (4 μg/mL; Invitrogen) for 1 h at RT
were used. The nuclei were visualized by DAPI (1 μg/mL; Sigma). To de-
termine the cell numbers, the cell nuclei were counted on the micro-
photographs that were obtained. For each experimental group, three
samples were used, and from each sample, 10 randomly taken micro-
photographs (homogeneously distributed on the surface of the sample)
were evaluated.

2.8. Statistical analysis

The quantitative data were presented as the mean ± S.E.M. (Stan-
dard Error of the Mean). Three samples for each experimental group
and time interval were evaluated. A comparison between the groups
was analysed with the ANOVA, Student–Newman–Keuls method. p-
Values equal to or less than 0.05 were considered statistically
significant.

3. Results

3.1. SEM observations

Fig. 1a–f shows SEM micrographs of the microstructure of all pre-
pared alloys in as-forged condition. The channelling contrast makes it
possible to distinguish between individual grains, thanks to their differ-
ent crystallographic orientation. The microstructure of the alloys with-
out an Si content (Fig. 1a and c) is very coarse, with grain sizes
N100 μm. The iron content has no observable effect on the grain size.
However, Si serves as a grain growth inhibitor. The grain size decreases
with increasing Si content (compare Fig. 1d and e with Fig. 1b and f).
Small black dots in Fig. 1b, d, e and f are silicide intermetallic precipitates
and are depicted in greater detail in Fig. 2. Energy dispersive X-ray spec-
troscopy (EDS) measurements summarized in Table 2 proved that
particles observed in Fig. 2 are indeed silicide particles, which are addi-
tionally enriched by zirconium. Note that EDS results should be taken
only qualitatively. Two types of silicide particles are present in the
material. Bigger particles (2–3 μm) are usually formed along grain
boundaries that serve as preferential nucleation sites, whereas smaller
particles (~1 μm) are distributed more homogeneously.



Fig. 1. SEMmicrographs of TNZT alloys in as-forged condition (channelling contrast).
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3.2. Mechanical properties

The elastic modulus of all alloys was measured by a pulse-echo
method for both as-forged and solution treated (ST) conditions. The re-
sults of themeasurements are summarized in Fig. 3. The elasticmodulus
of the benchmark TNZT alloy is around 65 GPa, which is in accordance
with the literature [21]. The elastic modulus increases with increasing
Fig. 2. SEM image of silicides of the TNZT + 1Si alloy.
Fe and Si content. The highest elastic modulus is observed for
TNZT + 0.5Si + 2Fe alloy. However, the value of 85 GPa is still signifi-
cantly lower than the value for the widely-used Ti–6Al–4V alloy. Fig. 4
shows the yield stress and the ultimate tensile strength (UTS) of the
studied alloys (as-forged condition) determined from the flow curves.
The values presented here are the averages from three samples, and
the standard deviation is shown by the error bar. The yield stress of
the benchmark TNZT alloy is below 500 MPa. Both Fe and Si increase
the yield stress and UTS and, moreover, the combined effect of Fe and
Si leads to an evenhigher strength level. TNZT+0.5Si+2Fe alloy yields
above 700MPa, and its ultimate strength is higher than 800MPa. These
are relatively high values, considering that the alloy is not hardened by
ageing treatment.

Fig. 5a summarizes the total plastic elongation measured after frac-
ture (as-forged condition). All the alloys are ductile at room tempera-
ture, but Si significantly reduces the total elongation. Fe content
Table 2
Chemical composition of TNZT + 1Si alloy and composition of silicide particles deter-
mined by EDS (qualitative results).

wt.% Matrix Particle #1 Particle #2

Ti 46.4 24.8 33.5
Nb 40 11.8 16.7
Zr 7.1 45.7 34.8
Ta 5.5 1.8 3.0
Si 1.0 15.9 12.0



Fig. 3. Elastic modulus measurements of TNZT alloys (solution treated and as-forged condition).
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surprisingly increased the total elongation when compared to the
benchmark alloy. Flow curves in Fig. 5b show that Fe contrary to Si is re-
sponsible for work hardening, which avoids premature necking and
therefore increases the overall ductility.

3.3. Cell adhesion

The initial biological experiments showed that human U-2 OS
osteoblast-like cells adhered well on all evaluated alloys. Interestingly,
stronger adhesion and higher resistance of cells to the detachment by
a trypsin-EDTA solution was observed on TNZT alloys (especially on
the benchmark TNZT and on TNZT with the addition of 1Si, 2Fe or
0.5Si + 1Fe) than on reference materials, such as Ti–6Al–4V alloy and
a polystyrene culture dish (Fig. 6).

3.4. Cell proliferation

In order to investigate the proliferation of human osteoblast-like
cells on different alloys, the XXT assay was used to measure the
activity of mitochondrial enzymes. This activity is considered to be
proportional to the cell number; the XXT assay is therefore often
used for evaluating cell proliferation. U-2 OS cells were cultivated
for seven days under static or dynamic conditions. The metabolic ac-
tivity of the cells grown on all tested TNZT alloys under static condi-
tions was comparable to the activity on the reference polystyrene
culture dish, and was significantly higher than the metabolic activity
Fig. 4. Yield stress and ultimate tensile strength
of cells cultured on the reference Ti–6Al–4V alloy (Fig. 7 a). These
significant differences were not observed on cells cultivated under
dynamic conditions, where the metabolic activity of cells cultured
on all tested samples was similar (Fig. 7b).

3.5. Cell differentiation study: cell number and collagen I production

The counting of primary human osteoblast HOB-p cells on day 21
after seeding within the cell differentiation study showed significantly
higher population densities of HOB-p grown on TNZT with the addition
of 2Fe and 0.5Si + 2Fe (wt.%) than on the standard Ti–6Al–4V alloy
(Fig. 8). Production of collagen I was used as a marker of the osteogenic
differentiation of the cells. Higher collagen I productionwas observed in
cells cultured on TNZT with the addition of 2Fe, 0.5Si + 1Fe and
0.5Si + 2Fe (wt.%) than on the reference polystyrene culture dish.
Moreover, TNZT with 0.5Si + 2Fe additions promoted better differenti-
ation of HOB-p cells (evaluated by collagen I production) than the
standard Ti–6Al–4V alloy (Fig. 9).

4. Discussion

It follows from the SEM results (Figs. 1 and 2) that Si serves as a grain
growth inhibitor. Grain growth suppression during annealing is caused
by underpinning the grain boundaries by silicide intermetallic particles.
It is known that the composition of intermetallic silicides in zirconium-
containing Ti alloys is (Ti,Zr)5Si3 [28]. EDS analysis summarized in
(UTS) of TNZT alloys (as-forged condition).



Fig. 5. Total elongation (A5 elongation) (a) and true strain curves (b) of TNZT alloys (as-forged condition).
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Table 2 proved that these precipitates are obviously Si enriched and also
strongly Zr enriched, which confirms that Zr is preferred for the forma-
tion of silicide particles. However, it is impossible to determine the exact
chemical composition of these tiny particles by EDS. It has been argued
that these particles are also responsible for the increased elastic modu-
lus of Si containing alloys. In addition, these incoherent homogeneously
distributed fine particles cause significant precipitation strengthening,
as described by the Orowan mechanism [50].

An Fe content of 2 wt.% significantly increased both the elastic mod-
ulus and the ultimate strength of the material. The effect on the elastic
modulus is related to the strong beta stabilization effect of iron. Two
recent approaches relate the e/a ratio and the position in the so-called
Bo-Md diagram to the elastic modulus of metastable beta Ti alloys in
as-quenched condition [51,52]. The electron per atom ratio, the
bonding-order (Bo) and the metal d-orbital energy (Md) values can
be calculated simply, and are shown in Table 3 for the benchmark
TNZT alloy and TNZT + 2Fe alloy (the effect of the Si additions on the
e/a, Bo and Md values is negligible). Fe increases the average electron
per atom ratio (e/a ratio) in the alloy, which is associated with an in-
creased elastic modulus [53,54]. Similarly, the beta stabilization effect
of Fe decreases the Md value and increases the elastic modulus. This is
in excellent agreement with a study by Laheurte et al. [55].

Fe addition also increased the plastic elongation of the material at
room temperature, as shown in Fig. 5a. This surprising effect is
associated with work-hardening occurring during the tensile test,
which is apparent from the flow curves (Fig. 5 b) and also from the
difference between the yield stress and the UTS for the TNZT + 2Fe
alloy (Fig. 4). More pronounced work-hardening avoids premature
necking and increases the uniform elongation. It is argued that Fe
atoms (or their clusters) cause dislocation pinning and consequent
dislocation multiplication during straining resulting in work harden-
ing. This also explains the sharp yield point observed for alloys con-
taining 2 wt.% of Fe. The dislocation created during hot-working
might be pinned in the atmosphere (clusters) of Fe atoms and the
macroscopic stress decreases once dislocations are released from Fe
atmosphere during yielding.

The biological experiments proved that all TNZT alloys are biocom-
patible and promote stronger adhesion as well as higher proliferation
of U-2 OS cells cultured under static conditions than the standard Ti–
6Al–4V alloy. These observations are in accordance with another study
comparing a similar TNZT alloy with Ti–6Al–4V alloy, where a higher
proliferation of MG-63 cells cultured on Ti–35Nb–3Zr–2Ta was ob-
served [56]. Similarly, higher viability of L-929 cells (proven by MTT
assay) when incubated in a solution extracted from Ti–29Nb–13Ta–
4.6Zr rather than in a Ti–6Al–4V extract has been reported [57]. The
lack of differences in proliferation under dynamic conditions could be
explained by themechanical forces on the cells, and also by better diffu-
sion of oxygen and nutrients associated with circulation of the culture



Fig. 6. Adhesion and higher resistance of human U-2 OS osteoblast-like cells to detachment by a four times more concentrated trypsin-EDTA solution from the evaluated materials. At-
tached cells visualized by propidium iodide. PS— polystyrene culture dish, reference material.

Fig. 7. Metabolic activity measured per culture of human osteoblast-like U-2 OS cells on
day seven after seeding cultivated under static (a) and dynamic (b) conditions. PS— poly-
styrene culture dish, reference material. ***Significant difference from all samples, p ≤
0.001.
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medium, which are known to enhance cell proliferation [58]. Dynamic
cultivation is an approach that better mimics the in vivo environment
and therefore promotes the formation of extracellularmatrix. This facil-
itates cell adhesion in the first week of dynamic cultivation [59]. This fa-
cilitation may have diminished the effect of the materials on the cells,
and may have led to better proliferation of cells cultured on the Ti–
6Al–4V alloy.

Our experiments performed on primary human osteoblast (HOB-p)
revealed a beneficial effect of Si and Fe additions (especially
0.5Si + 2Fe) to the TNZT alloy on the proliferation and differentiation
of these cells. Similarly, in human hFOB1.19 osteoblasts, moderate con-
centrations of iron in the cell culture media (adjusted with 5 μmol/L of
deferoxamine) promoted the proliferation and osteogenic differentia-
tion, manifested by the activity of alkaline phosphatase, expression of
collagen I and osteocalcin as well as matrix mineralization. However,
Fig. 8. The number of primary human osteoblast cells (HOB-p) on day 21 after seeding
(14 days of differentiation) obtained by counting the cell nuclei. PS— polystyrene culture
dish, reference material. ***Significant difference from all samples, p ≤ 0.001. *Significant
difference from Ti–6Al–4V, p ≤ 0.05.



Fig. 9.The amount of collagen I producedbyprimary humanosteoblast cells (HOB-p) after
21 days of cultivation (14 days of differentiation). PS— polystyrene culture dish, reference
material. **Significant difference from PS, p ≤ 0.01. *Significant difference to PS, p ≤ 0.05.
#Significant difference from Ti–6Al–4 V, p ≤ 0.05.
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very low concentrations (at 10–20 μmol/L deferoxamine) or high con-
centrations of iron (adjusted by 50–200 μmol/L of ferric ammonium cit-
rate) inhibited the growth and differentiation of osteoblasts [60]. Iron
also stimulated proliferation and collagen synthesis in other cell types,
namely rat lung fibroblasts [61], tracheal cells [62] and rat hepatic stel-
late cells [63]. As in the case of silicon, Si-containing calcium phosphate
[64,65] and silicatein/biosilica substrates [66,67] increased the prolifer-
ation of human osteoblast-like MG-63 and Saos-2 cells and rat bone
marrow stromal cells, which can be explained e.g. by the increased ex-
pression of transforming growth factor beta 1 (TGF-β1), a potent mito-
gen for osteoblasts [68]. At the same time, Si-containing materials,
such as calcium phosphates, zeolite A, silk–silica composites or
silicatein/biosilica matrix, stimulated the expression and synthesis of
collagen [66,69] and other markers of osteogenic cell differentiation,
such as alkaline phosphatase [65,68], Runx-2, osteopontin, bone
sialoprotein, osteocalcin [64,66] and bone morphogenetic protein 2
(BMP-2), an inducer of bone formation [67].

To evaluate potential mineralization of TNZT alloys, in-vitro bioac-
tivity study in simulated body fluid was performed (results not
shown). The samples after 14 days of immersion in Hank's Balanced
Salt Solution were analysed by scanning electron microscopy (SEM)
and Thin Film X-ray diffraction (TF-XRD). All investigated titanium
(TNZT) alloys behaved as biologically inert material and no remnants
from immersion in SFB were observed.

Unlike the hydroxyapatite scaffolds (intended for degradable im-
plants, which are supposed to be replaced by formation of new bone),
where the bioactivity and mineralization is necessary requirement,
our TNZT alloys were designed for long-term implantation. In these
biostable implants, no extensive mineralization in order to replace the
degraded materials is needed. In long-term implantation the great bio-
compatibility and support of the alloy for cell adhesion and differentia-
tion is more important. It is well known (and our differentiation study
also confirmed), that differentiated cells are capable of producing and
releasing extracellularmatrix components. Asmentioned above, the os-
teoblasts growing on TNZT alloys doped with Si and/or Fe produced
more collagen I, which contains binding sites for calciumand phosphate
ions, i.e. carboxyl, hydroxyl and amine functional groups. These groups
then serve as nucleation sites for formation of hydroxyapatite, and thus
for the bone matrix mineralization [70,71].
Table 3
e/a, Bo and Md values computed for benchmark TNZT alloy and TNZT + 2Fe alloy.

Alloy e/a Bo Md

TNZT 4.26 2.887 2.468
TNZT + 2Fe 4.36 2.884 2.434
5. Conclusion

The effect of Fe and Si on themechanical properties and the biocom-
patibility of Ti–35Nb–7Zr–6Ta alloy has been evaluated and discussed.
All alloys that were developed showed an elastic modulus lower than
that of the widely-used Ti–6Al–4V alloy, and a positive effect of Fe and
Si on the strength of the alloys was demonstrated.

The newly-developed alloys also displayed superior biocompatibili-
ty to that of the widely-used Ti–6Al–4V alloy. The alloy with composi-
tion Ti–35Nb–7Zr–6Ta–2Fe–0.5Si provided the best combination of
mechanical and biological properties, whichmakes it a viable candidate
for biomedical use in load-bearing bone implants.
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A B S T R A C T

Low-modulus biomedical beta titanium alloys often suffer from low strength which limits their use as load-
bearing orthopaedic implants. In this study, twelve different Ti-Nb-Zr-Ta based alloys alloyed with Fe, Si and O
additions were prepared by arc melting and hot forging. The lowest elastic modulus (65 GPa) was achieved in
the benchmark TNTZ alloy consisting only of pure β phase with low stability due to the ‘proximity’ to the β to α’’
martensitic transformation. Alloying by Fe and O significantly increased elastic modulus, which correlates with
the electrons per atom ratio (e/a). Sufficient amount of Fe/O leads to increased yield stress, increased
elongation to fracture and also to work hardening during deformation. A 20% increase in strength and a 20%
decrease in the elastic modulus when compared to the common Ti-6Al-4V alloy was achieved in TNTZ-Fe-Si-O
alloys, which proved to be suitable for biomedical use due to their favorable mechanical properties.

1. Introduction

Replacement of large joints is considered as a major achievement in
the orthopaedic surgery. However, an appropriate implant material is
also a big challenge for material scientists. Along with knee arthro-
plasty, the hip endoprosthesis is the most demanded joint implant. One
of the most delicate issues in hip implant design is the femoral stem
that is crucial to prevent the implant from loosening. In fact, the
loosening of the implant is one of the most frequent causes of implant
failure (Chu et al., 2002). 152,000 hip joint replacements were
performed in the US in 2000, thereof almost 13% were revisions and
reoperations of previous hip replacement (Long and Rack, 1998). The
percentage of reoperations will rise due to the longer life expectation
and more active life-style. Therefore, the demand for implants with
enhanced life-time will be increasing.

Development of orthopaedic implants is a complex and multi-field
scientific issue. Titanium alloys have been extensively applied in
orthopaedics for several decades due to their superior mechanical
properties, excellent corrosion resistance and favourable biocompat-
ibility (Geetha et al., 2009, Katti, 2004, Long and Rack, 1998, Rack and
Qazi, 2006). Elastic modulus of the implant material determining its
stiffness is currently a widely discussed topic. Typical elastic modulus
of Ti and common Ti alloys is around 100 GPa, while elastic modulus of
the cortical bone ranges from 20 to 30 GPa and elastic modulus of

cancellous bone is even lower (7–15 GPa) (Niinomi et al., 2012, Rho
et al., 1993, Zysset et al., 1999). This difference in stiffness of implant
and surrounding bone leads to the transmission of the applied load
through the implant stem and consequently, the surrounding bone is
not loaded (so-called stress-shielding effect). The bone tissue that is not
regularly loaded becomes atrophied and is prone to failure. Therefore,
materials with reduced elastic modulus are being developed.

The relationship between the elastic moduli (E) of different phases
in Ti can be expressed as follows Eβ ≈ Eα’’ ≈ 60–85 GPa < Eα ≈ 100 GPa
< Eω ≈ 130 GPa (Niinomi, 1998, Nejezchlebová et al., 2016, Sun et al.,
2007, Tane et al., 2013), which demonstrates the interest in β-Ti alloys.

Metastable β-Ti alloys have been developed since 1960s (Lütjering
and Williams, 2007). The dominant area of application is the aerospace
industry. However, two decades ago, specialized biocompatible alloys
also emerged. The most used β stabilizing alloying elements are
vanadium, chromium, iron, molybdenum and niobium. Nb and Zr
are regarded as biocompatible alloying elements, whereas V, Cr and Co
are considered inappropriate (Steinemann, 1998).

The design of biomedical alloys for orthopaedic use therefore faces
several limitations. Firstly, only biotolerant elements can be used.
Secondly, sufficient strength level must be achieved. And thirdly, elastic
modulus should be reduced well below 100 GPa. Note that the latter
two requirements are often in a trade-off relationship.

The Ti-Nb-Ta-Zr alloying system is a highly biocompatible material
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with favourable mechanical properties. The benchmark alloy for this
study, Ti-35.3Nb-5.7Ta-7.3Zr (TNTZ), was developed in 1990s in the
USA and patented in 1999 (Ahmed and Rack, 1999). The particular
alloy composition was selected empirically aiming to minimize the
elastic modulus which can be as low as 60 GPa in the solution treated
condition (Tang et al., 2000). Ti-Nb-Ta-Zr alloy is predetermined for
biomedical use also due to low metal release in vitro, which is
advantageous especially for long-term implants (Okazaki and Gotoh,
2015). On the other hand, a considerable disadvantage of this alloy is
its low strength. Despite both Zr and Ta provide some solution
strengthening when compared to Ti-Nb binary alloys (Ferrandini
et al., 2007, Sakaguchi et al., 2005), the ultimate tensile strength
reaches only 550 MPa. The major issue for applicability of this alloy for
manufacturing of large joint implants is increasing its strength.

The main hardening mechanism in metastable β-Ti alloys is the
formation of α phase precipitates. However, the presence of α phase
precipitates leads to an unfavourable increase of elastic modulus.
Precipitation hardening can be achieved also by titanium carbides
and titanium borides (Chen and Hwang, 2012, Du et al., 2014, Zhang
et al., 2012) and by titanium silicides. Si has a very low solubility in
both the α and β phase and contributes to hardening via creation of
dispersed precipitates of Ti5Si3. Moreover, in alloys containing Zr even
more stable (Ti,Zr)5Si3 compound is formed (Ankem et al., 1987,
Headley and Rack, 1979). Si content of 0.2–0.4 wt% is often utilized in
high-strength and high-temperature alloys in aerospace industry to
increase the strength and to suppress excessive creep (Chaudhuri and
Perepezko, 1994, Welsch et al., 1993).

Solid solution strengthening is the fundamental hardening mechan-
ism in alloys. Among bio-tolerable elements, Fe and Ta are known to
cause significant solid solution hardening (Kudrman et al., 2007),
whereas the effect of Mo and Nb is low. However, the experimental
results are often affected by undergoing phase transitions and changes
in deformation mechanisms (Min et al., 2008, Min et al., 2010).

Considering interstitial hardening, enhanced hardness due to
oxygen increase from 0.3 wt% to 0.5 wt% was reported in Ti-Nb-Ta-
Zr single crystals (Takesue et al., 2009) and 0.46 wt% O content
increases the strength of Ti-35Nb-7Zr-5Ta-0.46 O alloy to 1000 MPa
in solution treated condition (Qazi et al., 2004). Nakai et al. (2009)
reported the increase of the elastic modulus and the strength for
similar Ti-29Nb-13Ta-4.6Zr alloy by increased oxygen
content. Niinomi et al. (2016) recently discussed the effect of oxygen
on phase transformations in the same alloy.

Ti-Nb-Ta-Zr-O alloys with various Nb and O content and compara-
tively low Ta and Zr are often referred to as gum-metal due to very low
elastic modulus and unusual dislocation-free plastic deformation
mechanism (Furuta et al., 2007, Nagasako et al., 2016, Saito et al.,
2003, Tane et al., 2011). Enhanced publication activity in the last years
illustrates high research interest in the biomedical Ti alloys with
increased oxygen content.

The combined effect of Fe and/or Si on strengthening of the TNTZ
alloy was investigated in detail in our previous study (Kopová et al.,
2016). However, to our best knowledge, no study examining combined
effect of oxygen and Fe/Si on the strength and the elastic modulus of
biomedical β-Ti alloy has been reported yet.

2. Material and experimental methods

The material was prepared at the company UJP Praha, Czech
Republic by arc melting of pure elements under low pressure of clean
He atmosphere (350 mbar). Oxygen was introduced during melting by
adding appropriate amount of TiO2, which dissolved in the melt. Each
part of the sample was remelted at least six times by electric arc to
ensure the chemical homogeneity. Samples of an approximate weight
of 200 g in the shape of small bricks were homogenized at 1400 °C in

vacuum for two hours and furnace cooled. This condition is referred to
as the as-cast condition. Despite slow furnace cooling, the alloys did not
contain any α phase particles observable by scanning electron micro-
scopy.

The as-cast material was subsequently forged using forging ham-
mer into the shape of rods by company Comtes FHT, Czech Republic.
Prior to the forging and between the forging steps the material was
heated to approximately 1100 °C in argon atmosphere to avoid
excessive oxidation. The forging process was performed in air with
cold tools and the temperature of the workpiece was not further
controlled. Since no α phase was observed in the interior of the rods,
the forging temperature of bulk material did not fall below β-transus
temperature. The forged rods were machined to the diameter of 8–10
mm depending on surface damage. This condition is referred to as the
as-forged condition.

The nominal composition of twelve alloys investigated in this study
is summarized in Table 1. The oxygen content was checked by carrier-
gas-hot-extraction (CGHE) method. The resulting oxygen content was
0.06, 0.35 and 0.66 wt% of O for alloys with the nominal oxygen
content of 0, 0.4 and 0.7 wt%, respectively. The differences in the
measured oxygen content between the alloys with the same nominal
oxygen content were below 0.01 wt%. Nitrogen contamination was
below 0.03 wt%. The forgeability of alloys with high content of Fe, Si
and O was generally poor. Alloys marked by asterisk in Table 1 could
not be successfully forged.

SEM observations were performed using scanning electron micro-
scopes FEI Quanta 200 F and Tescan LYRA 3GMU both equipped with
field emission gun (FEG) operated at the accelerating voltage of 20 kV.
Microhardness was measured using automatic micro-hardness tester
Qness Q10a according to Vickers with load of 0.5 kg and indentation
time 10 s.

A computer-controlled DAKEL-CONTI-4 acoustic emission system
was used to monitor acoustic emission (AE) signal during tensile tests.
Four channels with different amplification (0–20-30–40 dB) and
2 MHz sampling frequency were used to detect and store data. More
details on the method and the data analysis are reported elsewhere
(Bohlen et al., 2004, Dobroň et al., 2012).

Tensile tests were performed at room temperature employing the
computer controlled Instron 5882 machine using the strain rate of
10−4 s−1. Round samples with the diameter of 3 mm and the gauge
length of 15 mm were used for the tensile tests.

Elastic constants were evaluated by the ultrasonic pulse-echo
method (Papadakis and Lerch, 2000). Elastic constants are determined
from velocities of propagation of quasi-longitudinal (qL) and quasi-
transverse (qT) acoustic waves. Calculation of elastic coefficients from
the set of velocities is relatively simple for materials with cubic crystal
symmetry, which is the case of studied β-Ti alloys. Two sets of delayed
broadband transducers for generating and receiving acoustic waves
(10 MHz or 30 MHz for qL waves and 5 MHz or 20 MHz for qT-waves)
were used with a pulse/receiver system DPR50+ (JSR Ultrasonics).
Time of flight measurements were carried out by a pulse overlapping
technique implemented in a digital storage oscilloscope LT264M
(LeCroy) (Landa and Plešek, 2002).

Table 1
Chemical composition of investigated alloys. TNTZ refers to Ti-35.3Nb-5.7Ta-7.3Zr.
Contents of alloying elements are given in wt%. Fe, Si and O are added at the extent of Ti.
An asterisk (*) marks the alloys which could not be successfully forged.

Ti-35.3Nb-5.7Ta-7.3Zr (TNTZ) TNTZ-2Fe
TNTZ-0.25Si TNTZ-2Fe-0.25Si*
TNTZ-0.4O TNTZ-2Fe-0.4O
TNTZ-0.25Si-0.4O TNTZ-2Fe-0.25Si-0.4O*
TNTZ-0.7O TNTZ-2Fe-0.7O*
TNTZ-0.25Si-0.7O TNTZ-2Fe-0.25Si-0.7O*
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3. Results

3.1. Microstructure of studied alloys

The microstructure of the investigated alloys in the as-forged
condition observed by SEM employing channelling contrast of BSE is
shown in Fig. 1. The benchmark TNTZ alloy and all alloys with 2 wt%
of Fe contain large equiaxed grains without apparent deformation,
while most alloys with oxygen additions are deformed. Neither α phase
nor α’’ phase is observed in any alloy suggesting that the β phase is
sufficiently stabilized by Nb, Ta and possibly even Zr and the α-
stabilizing effect of oxygen is surpassed. Small black spots are remnants
from polishing and traces of microhardness indents can also be seen.

Alloys with 0.25 wt% of Si contain small silicide particles with the
size of ~1 μm. A detail of a representative area containing silicides is
shown in Fig. 2. The composition of these precipitates is (Ti,Zr)5Si3
according to (Chaudhuri and Perepezko, 1994). Energy dispersive
spectroscopy (EDS) study (not shown) could not unambiguously
confirm the stoichiometric composition, but it revealed that these
particles are significantly Zr enriched suggesting that Zr is preferred to
Ti in silicide formation. Similar alloys were studied by EDS in our
previous study (Kopová et al., 2016). Silicide particles seem to be
distributed homogeneously, but particles precipitated along grain

boundaries were also observed (Fig. 2b).

3.1.1. Mechanical properties
Table 2 summarizes the mechanical properties of all studied alloys.

Elastic modulus (E) and microhardness (HV) were measured in the as-
cast condition while tensile tests were performed in the as-forged
condition.

The benchmark TNTZ alloy has a very low elastic modulus of ~
65 GPa. Si slightly increases the elastic modulus of the benchmark
alloy. Additions of Fe or O result in an increase in elastic modulus to
80 GPa, which is typical for β phase (Welsch et al., 1993). Si addition in
alloys containing also Fe or O further slightly increases elastic modulus
in these alloys. A different situation is in the alloys containing both Fe
and O which exhibit high elastic modulus > 100 GPa. Si addition in
alloys containing Fe and O significantly reduces the elastic modulus,
which is a rather surprising result and will be discussed below.

The increase of elastic modulus due to oxygen was explained
theoretically for α phase (Lee and Welsch, 1990, Song et al., 2002).
However, almost the same values of elastic modulus were found in this
study in alloys containing 0.4 and 0.7 wt% of O (81 and 80 GPa,
respectively).

The effect of elemental additions (Si, Fe, O) on the microhardness is
more straightforward, since any of these elements contribute to the

Fig. 1. SEM micrographs of microstructure of selected alloys in the as-forged condition.
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microhardness increase. However, the combined effect of two or more
additions is always lower than the sum of individual effects. The effect
of interstitial oxygen is very pronounced. Alloying by 0.4 wt% (1.4 at%)
of O increased the microhardness of the material more than alloying by
2 wt% (2.3 at%) of Fe. The microhardness of the benchmark alloy was
increased by 100% by 0.7 wt% of O. Combined alloying by O and Fe
further enhances the microhardness.

Tensile tests were conducted for 8 alloys in the as-forged condition
and the results are summarized in Table 2 and graphically displayed in
Fig. 3. Fe and Si additions increase the yield stress up to 600 MPa.
More significant increase in the yield stress is achieved by oxygen.
TNTZ-0.4 O alloy exceeds the yield stress of 800 MPa and the yield
stress of TNTZ-0.7 O reaches 1000 MPa. Note that these two alloys

differ significantly in strength, while their elastic moduli are equal. In
alloys with increased oxygen content, Fe and Si additions have low
effect on the yield stress. Very high true ultimate tensile strength (UTS)
is achieved due to work hardening in some alloys. UTS of 1200 MPa is
achieved by addition of 0.7 wt% of oxygen. Such value corresponds to
high strength metastable β-alloys and is much higher than the typical
UTS of Ti-6Al-4V alloy (Lütjering and Williams, 2007). Note also that
UTS values correlate well with HV values.

Figs. 4a and 4b show stress-strain curves from a representative
sample of each investigated alloy. The benchmark alloy, the alloy with
0.4O and the alloy with 0.25 Si do not show significant work hardening.
Note that significant work hardening correlates with the higher total
elongation to fracture (see also Table 2).

3.1.2. Twinning in the benchmark Ti-35.3Nb-5.7Ta-7.3Zr
All tensile tests were complemented by acoustic emission (AE)

measurement. All alloys, except the benchmark TNTZ alloy, did not
exhibit any distinct behaviour – acoustic signal (not shown here) was
detectable only at around the yield point and at fracture. On the other
hand, the stress-strain curve of the benchmark TNTZ alloy (Fig. 5)
showed distinct serrated character around the yield point accompanied
by a strong acoustic emission signal over the range of 4% of strain
(~400 s of experiment). The strong acoustic emission signal in the
benchmark TNTZ alloy can be attributed to twinning as proven by
EBSD image (Fig. 6) taken from the gauge of the specimen after the
tensile test.

Fig. 2. Detailed SEM micrographs of silicide particles. a) Homogeneous distribution of silicide particles (TNTZ+0.25Si+0.7O alloy), b) Example of grain boundary silicide particles
(TNTZ+2Fe+0.25Si+0.4O alloy).

Table 2
Mechanical properties of the studied alloys.

E [GPa] HV [HV0.5] YTS [MPa] UTS [MPa] Elongation [%]

Ti-35.3Nb-5.7Ta-7.3Zr (TNTZ) 63 164 447 545 21
TNTZ-0.25Si 65 219 629 716 13
TNTZ-2Fe 79 236 587 719 27
TNTZ-2Fe-0.25Si 82 263 N/A N/A N/A

TNTZ-0.4O 81 270 860 903 16
TNTZ-0.25Si-0.4O 87 294 885 1099 22
TNTZ-2Fe-0.4O 107 321 817 1130 28
TNTZ-2Fe-0.25Si-0.4O 85 328 N/A N/A N/A

TNTZ-0.7O 80 335 1017 1217 21
TNTZ-0.25Si-0.7O 87 337 1085 1373 24
TNTZ-2Fe-0.7O 109 371 N/A N/A N/A
TNTZ-2Fe-0.25Si-0.7O 94 390 N/A N/A N/A

Fig. 3. Yield stress and ultimate tensile strength (UTS) determined from true stress–true
strain curves.
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4. Discussion

4.1. Elastic modulus

High elastic modulus E of α and ω phases implies that hardening by
particles of these phases have an adverse effect on elastic modulus.
Furthermore, the lowest modulus is achieved in alloys containing only
β phase with low stability due to the ‘proximity’ to the β → α’’
transformation (Tane et al., 2010). As first described in (Morinaga
et al., 1992), the elastic modulus of Ti alloys can be deduced from a
bond-order (Bo value) and the d-electron-orbital energy (Md value) of
the alloy using so-called Bo-Md diagram (Morinaga et al., 1992, Song
et al., 2016).

This approach is based on calculating Bo and Md values for various
alloying elements in bcc Ti reported in (Abdel-Hady et al., 2006).
Average values weighted by atomic concentrations are used to calculate
the Bo and Md values for alloys. Fig. 7 presents so called Bo-Md
diagram adapted from (Abdel-Hady et al., 2006, Laheurte et al., 2010).
The empirical Bo-Md space is divided into three regions by Ms and Mf
curves which refer to the martensite start and the martensite finish of
the β→ α’’ transformation. Another curve divides the Bo-Md space into
two regions that differ in dominant deformation mechanism - slip and
twinning. The minimum elastic modulus is believed to be achieved just
along the Ms curve especially for higher values of Bo and Md (Laheurte
et al., 2010). In Saito et al. (2003), the values of Bo = 2.87 and Md =
2.45 associated with the low elastic modulus were reported.

The Bo and Md values were calculated for the alloys investigated in
this study and their positions are represented by ♦ symbol. The effect of
oxygen on the overall Bo and Md values is omitted since Bo and Md
values for oxygen in bcc Ti were not reported (Saito et al., 2003).
However, it is known that oxygen stabilizes the β phase against α’’
phase and shifts the Ms curve to the lower values of Bo (Abdel-Hady
et al., 2006).

All studied alloys therefore form two groups in the Bo-Md diagram.
Alloys containing Fe are placed on the left in the β stable region, while
alloys without Fe lie in the β+α’’ region. It can be concluded that Bo-Md
analysis is not valid for the studied alloys without Fe, since none of the
studied alloys contains α’’ phase and only the benchmark TNTZ alloy
deforms by twinning. It is therefore argued that the Bo-Md diagram does
not fully capture the relation between chemical composition, phase
composition and dominant plastic deformation mechanism. In particular,
the effect of interstitial oxygen should be taken into account separately.

Fig. 4. Stress-strain curves a) TNTZ+Si+O, b) TNTZ+Fe+O.

Fig. 5. Stress-strain curve of Ti-35.3-5.7Ta-7.3Zr alloy accompanied with acoustic
emission measurement in red (arbitrary units in log-scale). Inset: serrated character of
the stress-strain curve around the yield point.

Fig. 6. Benchmark TNTZ alloy. EBSD image (IPF map) of the gauge of specimen after
the tensile test.

Fig. 7. Bo-Md diagram. The dependence of phase composition and dominant deforma-
tion mechanism on the Bo and Md values, applicable mainly to Ti-Nb alloys. ♦ symbols
mark the positions of the investigated alloys. Fe has the most pronounced effect on the
Md value, while the effect of Si is low and the effect of O is omitted. As a consequence, the
investigated alloys form two distinct groups.
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As discussed in Luke et al. (1965), the phase stability is related to
the electron-per-atom ratio (e/a ratio) which follows from the electron
theory of transition metals. Fig. 8 shows the dependence of the elastic
modulus on the e/a ratio for the investigated alloys. e/a ratio is
calculated as the weighted average of valence electrons of all alloying
elements.

Note that it is not clear how to include interstitial oxygen into the e/
a ratio calculation. We decided to include 6 valence electrons per
oxygen atom into the sum of electrons (e), but not to include oxygen
atoms into the sum of atoms (a) since interstitial atoms do not occupy
lattice positions. This approach is consistent with calculations of
valence electron concentration (VEC) which subsequently affects the
bulk modulus (Lalena and Cleary, 2010). The contribution of inter-
stitial oxygen to bonding, Fermi level, the density of states at Fermi
level and consequently elastic constants remains unknown for such
complicated alloying systems (see also (Toth, 1971, Tiwari and
Ramanujan, 2001)) and the effect of oxygen on e/a ratio is often
completely neglected in the low-modulus β-Ti alloys (Saito et al., 2003,
Tane et al., 2011).

According to Saito et al. (2003), the minimum elastic modulus in
Ti-Nb based bcc alloys is achieved for e/a = 4.24, while elastic modulus
rises with increasing e/a ratio due to increasing stability of β phase
(Hao et al., 2007). The correlation between the calculated e/a ration
and the measured elastic modulus (Fig. 8) is only partial.

Note that the addition of both O and Fe causes very high elastic
modulus > 100 GPa that is not typical for the β phase. Such
pronounced increase in stiffness might be caused by the interaction
of substitutional Fe with interstitial O atoms in bcc β phase. These
interactions were studied by investigating relaxation processes identi-
fied in the internal friction spectrum known as Snoek effect (Snoek,
1939). Snoek type relaxation processes were studied in Ti-Nb based
alloys with interstitial oxygen when exploring high damping β titanium
alloys (Chaves et al., 2014, Lu et al., 2012, Yin et al., 2006). Solute (Ti)
– interstitial (O) interactions were also reported for Nb and V alloys
(Shikama et al., 1977, Szkopiak and Smith, 1975). The interaction
between solute Fe and interstitial O is repulsive resulting in ‘forbidden
regions’ around Fe solutes (Shikama et al., 1977). Therefore, it
increases the oxygen concentration in other areas. Increasing content
of interstitial oxygen atoms increases the elastic modulus in some bcc
metals (Fischer et al., 1975, Greiner et al., 1979), despite data on Ti-Nb
based bcc alloys are not available. It is therefore suggested, that the
repulsion of interstitial oxygen atoms from substitutional Fe atoms
may contribute to the overall increase of elastic modulus. On the other
hand, adding Si to alloys with both Fe and O suppresses this stiffening
effect. High chemical affinity of Si to oxygen was documented in steels
(Svedung and Vannerberg, 1974) and indirectly observed in α-Ti
(Chaze and Coddet, 1986; Vojtěch et al., 2003). It might be therefore
speculated, that substitutional Si atoms act as traps for interstitial
oxygen atoms and may compensate the repulsion of O from Fe.

4.2. Strength, elongation and sharp yield point

Oxygen additions increase both the yield stress and UTS of TNTZ-
based alloys. The yield stress reaches 1000 MPa while the UTS reaches
1200 MPa, which significantly exceeds the tensile strength of the most
used Ti-6Al-4V alloy. Fe and Si also increase the tensile strength, but
their effect is comparatively lower.

Work hardening is clearly associated with the substitutional atoms
(Fe) and interstitial atoms (O) which, at sufficient concentrations,
cause pinning and multiplication of dislocations. Szkopiak (Szkopiak
and Smith, 1975) argues that in the bcc materials substitutional solute
atoms (Fe) create Cottrell atmosphere pinning edge dislocations, while
interstitial atoms (O) create Snoek atmosphere pinning the screw
dislocations.

It is argued that 0.4 wt% O is not sufficient for multiplication of
dislocations during deformation and therefore work hardening is not
observed (Furuta et al., 2007, Saito et al., 2003). On the other hand,
0.7 wt% O is sufficient in this respect. Furthermore, premature necking
is prevented by work hardening and results in a higher elongation to
failure. This leads to an unexpected result that the elongation first
decreases for low O concentration (0.4 wt% O), while it increases for
higher O content (0.7 wt% O). Note that oxygen content > 0.4 wt% is
detrimental for room temperature ductility of the α phase titanium
(Geng et al., 2011). On the other hand, the ductility of β-Ti alloys
containing a substantial amount of oxygen remains relatively high
(Qazi et al., 2004, Nakai et al., 2009). The main practical result is that
additions of oxygen or combined Fe/Si/O results in the material with
the high yield stress, significant work hardening and high room
temperature elongation while keeping the elastic modulus at around
80 GPa. Mechanical properties of developed alloys exceed those of
TNTZ-O alloys in solution treated condition (Qazi et al., 2004, Nakai
et al., 2009), while subsequent ageing leads to significant increase of
elastic modulus. Promising mechanical properties, similar to those
presented in this study, were achieved in Ti-Nb based alloys by
intensive cold rolling or cold swaging (Furuta et al., 2005, Kim et al.,
2005). Despite promising mechanical properties, the final size of the
product has the thickness of 0.13 mm (Kim et al., 2005) or of few
millimetres only (Furuta et al., 2005). Such product sizes are not
utilizable for manufacturing implants of big joints. On the other hand,
mechanical properties of alloys presented in this study were achieved
without intensive working procedure and products can be prepared in
virtually any size – depending on size of the initial cast ingot.

Finally, note also that comparatively low-purity Ti and Nb (with
high Fe and O content) can be used for manufacturing of these alloys to
reduce material costs.

5. Conclusions

• Twelve different Ti-Nb-Zr-Ta based alloys with oxygen content of
0%, 0.4% and 0.7% (wt%); Fe content of 0% and 2%; and Si content
of 0% and 0.25% were prepared by arc melting and hot forging.

• Silicide precipitates were observed by SEM in alloys containing
0.25% of Si.

• The elastic modulus of the benchmark of Ti-35.3Nb-5.7Ta-7.3Zr
alloy was as low as 65 GPa, while the elastic modulus of alloys
containing Fe and/or O exceeded 80 GPa. This was attributed to an
increased stability of β phase associated with increased electrons per
atom ratio.

• The 0.7 wt% of oxygen addition doubled the yield strength and UTS
of the benchmark TNTZ alloy to values of 1000 MPa and 1200 MPa,
respectively. Fe and Si further increase the tensile strength, but the
effect is not so pronounced.

• Fe and/or O additions enhance the work hardening and cause sharp
yield point suggesting that substitutional Fe atoms and interstitial
oxygen atoms interact with dislocations already during hot working.

• By alloying of Ti-Nb-Zr-Ta alloy with low amount of O/Fe/Si a 20%

Fig. 8. The dependence of elastic modulus on e/a ratio.
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increase in strength and a 20% decrease in elastic modulus was
achieved when compared to the common Ti-6Al-4V alloy.

• Despite Fe and Si provide some additional strengthening, TNTZ-
0.7O alloy already exhibits excellent mechanical properties and is a
prospective candidate for load-bearing orthopaedic implants man-
ufacturing.
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Sufficient biocompatibility and high strength are fundamental properties required for total joint endopros-
theses material. Recently developed Ti-based alloy Ti–35.3Nb–7.3Zr–5.7Ta–0.7O (wt%) exhibits these properties.
However, the as-cast material does not meet requirements for fatigue resistance due to pores and very coarse grain
structure and therefore a feasible forming procedure must be established. Gleeble apparatus was used to deform
the studied alloy at high temperatures (from 800 ◦C to 1400 ◦C) and high strain rates (up to 1 s−1) to the total
strain of 0.5. Mechanical properties at elevated temperatures were evaluated. The resulting microstructure was
investigated by scanning electron microscopy and electron backscatter diffraction (EBSD). It was found that form-
ing procedure should be performed at temperatures higher than 1400 ◦C to reach conditions similar to forming of
Ti–6Al–4V. Calculation of kernel average misorientation from EBSD data showed that most deformation is stored
in the material in the vicinity of grain boundaries without any apparent recrystallization.
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1. Introduction
Titanium and its alloys have been traditionally used

in medicine and orthopaedics [1, 2]. There are numerous
applications where these materials take advantage from
excellent corrosion resistance, high biocompatibility and
low Young’s modulus. Commercially pure Ti has been
successfully used as tooth replacement material and α+β
Ti alloy Ti–6Al–4V (wt%) (Ti64), primarily developed
for aerospace industry, has been used for decades as a
material for implants of big body joints. Ti64 has a very
high strength (around 1000 MPa), but the drawback is
the content of toxic vanadium and high Young’s modulus
(110 GPa [3]) — although very low when compared to
steels, it is still much higher than that of a bone (10–
30 GPa [4]).

Alloys that retain pure β phase after quenching, which
ensures lower Young’s modulus [5], and contain only bio-
compatible elements (Nb, Ta, Mo, Zr) [6] are extensively
studied nowadays. Several biocompatible Ti–Nb–Zr–Ta
based alloys exhibiting the Young’s modulus as low as
50–60 GPa have emerged recently; one of them having
the composition Ti–35.3Nb–7.3Zr–5.7Ta (wt%; all com-
position values are in wt% from now on) [7]. However,
their strength is approximately only one half of that of
Ti64. Small amount of oxygen addition, typically 0.3%–
0.5%, has a great strengthening effect on this type of
β-Ti alloys [8–11] and adding more than 0.5% of oxygen,
as in Ti–35.3Nb–7.3Zr–5.7Ta–0.7O, yields even higher
strength, sharp yield point and deformation strength-
ening [12, 13]. The addition of 0.7% of oxygen raises
Young’s modulus to the value of 80 GPa that is still sig-
nificant improvement to 110 GPa of Ti64.

∗corresponding author; e-mail: preisler.dalibor@gmail.com

The alloy with the composition Ti–35.3Nb–7.3Zr–
5.7Ta–0.7O, studied in this work, contains very large
grains (0.5–3 mm), small pores (5–30 µm) and dendritic
inhomogeneities after casting. As a consequence, it ex-
hibits a reduced strength [14] and poor fatigue perfor-
mance. Forming procedure is therefore necessary. The
goal of the current work is to find suitable conditions of
working, namely the temperature and the speed of form-
ing to allow its feasible procedure.

2. Material and methods

The alloy used in this study was cast at Retech, Co.,
USA in helium atmosphere. Rod with diameter 55 mm
was produced by plasma arc melting of pure Ti, Nb, Zr,
Ta and TiO2 (for oxygen addition) into small compacts
and remelting these compacts into final ingot. Cylindri-
cal samples with the diameter of 8 mm and the length
of 12 mm were cut from the cast ingot for compres-
sion testing using Gleeble® 1500 machine equipped with
a servo-hydraulic system. Compression tests were per-
formed at temperatures of 800 ◦C–1400 ◦C with strain
rates ε̇ = 0.01 s−1 and ε̇ = 1 s−1 up to the total strain
of 0.5. Duration of a compression test was 0.5 s and 50 s
for high strain rate of ε̇ = 1 s−1 and lower strain rate
of ε̇ = 0.01 s−1, respectively. Each sample was heated
with the rate of 5 K/s up to the final temperature of
deformation. Compressive flow curves were recorded in
situ. Each sample was immediately water quenched af-
ter deformation. The resulting microstructure was stud-
ied by scanning electron microscope (SEM) Quanta FEG
200FX equipped with EDAX electron backscatter diffrac-
tion (EBSD) detector. Samples for microstructural ob-
servations were ground with SiC papers up to the grit of
2400 and polished with Buehler vibratory polisher with
alumina 0.3 µm, 0.05 µm (for 8 h each) and colloidal
silica (for 3 h) suspensions.

(636)
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3. Results and discussion

Flow curves from compression tests at elevated temper-
atures are shown in Fig. 1. It should be noted that curves
recorded at high strain rate of ε̇ = 1 s−1 contained arte-
facts and heavy noise and massive smoothing procedure
was employed which resulted in wavy curves (mostly rec-
ognizable at temperature 1400 ◦C). As expected, lower
temperatures and higher strain rates lead to higher com-
pressive strength. The sample deformed at T = 800 ◦C
with ε̇ = 0.01 s−1 exhibits the sharp yield point simi-
larly to the tensile flow curves performed at room tem-
perature [13]. On the other hand, flow curves measured
at higher temperatures did not exhibit the sharp yield
point because the temperature is sufficiently high to ac-
tivate diffusion of oxygen in matrix and prevent pinning
dislocations by interstitial oxygen atoms. Note that the
flow curve at 1100 ◦C with ε̇ = 1 s−1 does not exhibit the
sharp yield point. The origin of this undulation is the
smoothing of recorded curve only.

Fig. 1. Compression flow curves at various tempera-
tures and strain rates.

Ultimate compressive strength (UCS) was determined
from each flow curve. The temperature dependence
of UCS is shown in Figure 2 for the ε̇ = 1 s−1 and
ε̇ = 0.01 s−1. Fitted lines indicate that the slope is
steeper for the ε̇ = 0.01 s−1 than for ε̇ = 1 s−1. The
main reason of this difference is the sharp yield point of
the sample deformed at 800 ◦C. On the other hand, the
slope between samples deformed at 1000 ◦C and 1300 ◦C
is very similar to that at high strain rates. The strength
of studied material at ε̇ = 1 s−1 exceeds 170 MPa at
1000 ◦C and decreases below 100 MPa only at 1400 ◦C.
This behaviour is much different from that of Ti64 that
has strength value at 1000 ◦C and ε̇ = 1 s−1 already be-
low 50 MPa [15] but similar to commercial stainless steel
AISI 304 [16].

SEM observations revealed that porosity present in the
cast condition was not completely removed by high tem-
perature deformation. Two types of pores were found

Fig. 2. The temperature dependence of the ultimate
compressive strength for two strain rates.

in the deformed material: (i) small, homogeneously dis-
tributed pores and (ii) larger pores mainly along grain
boundaries. Smaller pores of the size of a few microm-
eters were formed already during casting and Gleeble
processing deformed the area around them and closed
some of them. The deformed zones can be observed in
backscattered electrons in Fig. 3a (sample deformed at
T = 1100 ◦C and ε̇ = 1 s−1) as lighter area near both
pores. The deformed area appears lighter in the SEM mi-
crographs thanks to channelling contrast of the deformed
crystal lattice that has locally different scattering condi-
tion. Larger pores have sizes of tens of micrometers and
are located at the grain boundaries, especially in triple
points, as in Fig. 3b for sample deformed at T = 1300 ◦C
and ε̇ = 1 s−1. Note that these pores were not observed
in all deformed samples and the correlation with temper-
ature or strain rate of deformation is rather inconclusive.

EBSD measurements were performed to analyse the
degree and the distribution of deformation present in
samples. The area of 1300 µm×1800 µm and the step
size of 4 µm were employed. For this purpose, kernel
average misorientation (KAM) was determined for each
data point as the mean misorientation of all points within
the maximum distance of the triple step size around each
point (note that hexagonal grid was used for measure-
ments). Grain boundaries (points with misorientation
higher than 5◦ from reference point) were excluded from
each kernel. Example of inverse pole figure (IPF) map
for sample deformed at T = 1300 ◦C and ε̇ = 1 s−1

is shown in Fig. 4a, corresponding KAM map is dis-
played together with the colour code of respective mis-
orientations in Fig. 4b. It is clearly seen that the de-
formation (higher KAM value) is concentrated near the
grain boundaries, especially near triple points. This phe-
nomenon was present in all samples deformed at the
strain rate ε̇ = 1 s−1 and is typical in β-Ti deformed at
high strain rates and/or relatively low temperatures [17].



638 D. Preisler, J. Stráský, P. Harcuba, F.G. Warchomicka, M. Janeček

Fig. 3. (a) Small pores (formed during casting) in the
sample deformed at T = 1100 ◦C and ε̇ = 1 s−1,
deformed zones are indicated by white arrows. (b)
Large pore on grain boundary in sample deformed at
T = 1300 ◦C and ε̇ = 1 s−1, small black dots are rem-
nants from polishing suspensions.

The KAM distribution of samples deformed at the
lower strain rate of ε̇ = 0.01 s−1 depends strongly on
the temperature of deformation. Figure 5a shows that
at lowest temperature of 800 ◦C the KAM values are dis-
tributed very homogeneously while at higher temperature
of 1000 ◦C (Fig. 5b), the deformation is concentrated at
grain boundaries similarly as at the faster strain rate; cf .
Fig. 4b. In addition, several spots of enhanced deforma-
tion (higher KAM value) can be seen in Fig. 5a. These
spots indicate the presence of pores around which the
material is highly deformed. The highest deformation
temperature of 1300 ◦C leads to lowest amount of defor-
mation which will be discussed below; cf . Fig. 5c. The
area fraction of individual misorientations was computed
from the KAM maps.

The respective KAM distributions for strain rates of
ε̇ = 0.01 s−1 and ε̇ = 1 s−1 are shown in Fig. 6. At
the ε̇ = 0.01 s−1, deformation stored in the material
decreases with increasing temperature. The sample de-

Fig. 4. Sample deformed at T = 1300 ◦C and ε̇ =
1 s−1. (a) IPF map, (b) KAM map.

Fig. 5. KAM maps of samples deformed at ε̇ =
0.01 s−1 and (a) T = 800 ◦C, (b) T = 1000 ◦C and (c)
T = 1300 ◦C. For the orientation colour code, see Fig. 4.

formed at the highest temperature (1300 ◦C), contains
almost 80% of area with KAM value less than 1◦. At
this slow strain rate, recovery processes are probably fast
enough to reduce the dislocation density. The recovery
rate increases with the increasing temperature. Simi-
lar behaviour has been recently observed in other β-Ti
alloy and was ascribed to high stacking fault energy of
β-Ti [17] which enhanced the dynamic recovery and pre-
vented the dynamic recrystallization. On the other hand,
at the high strain rate ε̇ = 1 s−1, the deformation stored
in material does not vary monotonously with increasing
temperature. It increases up to 1100 ◦C, then decreases
up to 1300 ◦C. As a consequence, one may assume that
the effect of deformation temperature on the stored strain
is only minor at the highest strain rate ε̇ = 1 s−1.

KAM analysis of EBSD data indicate that dynamic re-
covery occurs at the lower strain rates of ε̇ = 0.01 s−1

at the whole temperature range employed (800–1300 ◦C).
On the other hand, even the highest temperature of
1300 ◦C was not high enough to initiate the recrystalliza-
tion. In contrast, the stainless steel recrystallizes already
at 900 ◦C to 1100 ◦C [16].
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Fig. 6. Distribution of KAM values computed from
each EBSD map as area fraction.

4. Conclusions

The mechanical properties of a biomedical alloy Ti–
Nb–Zr–Ta–O were investigated at high temperatures and
correlated with microstructure evolution. The following
conclusion may be drawn from this experimental study:

• The deformation at elevated temperatures up to
1300 ◦C and the strain rate up to ε̇ = 1 s−1 results
in the dynamic recovery without any apparent re-
crystallization.

• The material is mostly deformed near grain bound-
aries and in the vicinity of pores formed already
during casting.

• At the lower strain rate ε̇ = 0.01 s−1 the deforma-
tion inside material drops with increasing temper-
ature due to dynamic recovery.

• The minimum forming temperature of this alloy re-
sulting in the strength comparable to that of Ti64
seems to be 1400 ◦C.
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Abstract. High strength and low elastic modulus are key properties of biomedical Ti-based alloys. 
Body centred cubic beta phase shows lowest elastic modulus, especially if the stability of the beta 
phase is low due to the ‘proximity’ to martensitic β to α’’ transformation. It was previously shown 
that Ti-35Nb-6Ta-7Zr alloy contains biotolerant elements only and exhibits low modulus. By 
enriching this alloy by 0.7 wt. % of oxygen the strength is significantly enhanced, but elastic 
modulus increases as well. This fact can be attributed to apparent beta stabilizing effect of oxygen 
with respect to martensitic β to α’’ transformation. In the present study, six different alloys with 
reduced niobium and/or tantalum content were prepared by vacuum arc melting. Their 
microstructure in beta solution treated condition was studied by scanning electron microscopy 
including energy dispersive spectroscopy and mechanical properties were evaluated by 
microhardness measurements. 

Introduction 

Titanium is a hexagonal metal with a unique combination of properties such as high strength, 
excellent corrosion resistance, good biocompatibility and comparatively low elastic modulus of 
100 GPa. Titanium based alloys containing substantial amount of so-called β-stabilizing elements 
(for instance V, Fe, Nb, Mo or Ta) retain bcc structure (referred to as β phase) after quenching from 
high temperatures [1]. Elastic modulus of bcc β phase is significantly lower (80 GPa) than that of 
hcp α phase [2]. Reduced elastic modulus partially prevents stress shielding which makes β-Ti 
alloys prospective material for application in medicine as permanent implant material [3].  

Due to biocompatibility requirements, only some alloying elements can be used – namely: Nb, 
Mo, Ta and Zr [4]. By the end of 20th century, few specialized biomedical β-Ti alloys were 
developed and Ti-35Nb-6Ta-7Zr alloy was patented in the United States [5]. Chemical composition 
of biomedical alloys was optimized to achieve minimum elastic modulus (60 GPa or even less), 
which is attained in the alloys containing pure β phase whose stability is low at room temperature 
due to ‘proximity’ to the β  α’’ martensitic transformation [6]. Nevertheless, these β-Ti alloys in a 
solution treated single phase condition exhibited limited strength of approx. 500 MPa, which is not 
sufficient for implant material for manufacturing of endoprostheses of big joints (hip, knee) [7].  

Significant strengthening of β-Ti alloys by increased oxygen content was demonstrated in several 
studies [8-11]. Quazi et al. [8] and Stráský et al. [11] show that the tensile strength of Ti-35Nb-6Ta-
7Zr alloy with a controlled content of 0.7 wt.% of oxygen exceeded 1000 MPa. Oxygen 
strengthened material also exhibited satisfactory ductility and retained pure β phase. However, the 
elastic modulus increased back to 80 GPa [11]. Sharp increase in elastic modulus is arguably caused 
by the effect of oxygen on the stability of β phase.  

Oxygen is known as an α stabilizing element. Increased oxygen content significantly increases 
β transus temperature in pure Ti and in β-Ti alloys [12,13]. On the other hand, oxygen prevents the 
formation of α’’ martensite phase in Ti-Nb based alloys and therefore in fact increases relative 
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stability of the β phase [14,15]. In summary, if oxygen is added to the finely tuned low-modulus 
alloy, the stability of the β phase increases and so does the elastic modulus.  

In this study, the Ti-35Nb-6Ta-7Zr alloy patented by Ahmed and Rack [5] is considered as the 
starting alloy composition. By adding 0.7 wt.% O, the strength of the alloy increases sharply, 
however modulus of elasticity also increases. Such Ti-35Nb-6Ta-7Zr-0.7O alloy was introduced 
first in [8] and thoroughly investigated in [11,16]. Considering the relative β stabilizing effect of 
oxygen with respect to martensitic transformation, six different alloys with reduced content of 
β stabilizing elements (Nb, Ta) were designed and manufactured for this investigation.  

Material and Experimental Methods  

Compositions of six newly designed and manufactured alloys differ in Nb and Ta content and are 
given in Tab. 1.  

Table 1 Chemical composition of studied Ti-Nb-Ta-Zr-O alloys 

  Ti (wt.%) Nb (wt.%) Ta (wt.%) Zr (wt.%) O (wt.%) 
1 Ti-35Nb-6Ta-7Zr-0.7O bal. 35 6 7 0.7 
2 Ti-32Nb-6Ta-7Zr-0.7O bal. 32 6 7 0.7 
3 Ti-29Nb-6Ta-7Zr-0.7O bal. 29 6 7 0.7 
4 Ti-26Nb-6Ta-7Zr-0.7O bal. 26 6 7 0.7 
5 Ti-35Nb-7Zr-0.7O bal. 35 0 7 0.7 
6 Ti-29Nb-7Zr-0.7O bal. 29 0 7 0.7 

The alloys were prepared by arc melting of pure elements under low pressure of clean He 
atmosphere (350 mbar). Oxygen was introduced during melting by adding appropriate amount of 
TiO2, which dissolved in the melt. Resulting casts in the shape of bricks (approx. 200 g per alloy) 
were wire cut to few small rods with the diameter of 8 mm. These rods were then encapsulated in 
quartz tubes with the pure argon atmosphere. Material was subsequently solution treated at 
850°C/1h. Since this treatment proved to be insufficient for dissolution of α-phase in all alloys, 
small parts of the rods were subsequently annealed at 1000°C for 15 min in air.  

SEM observations were performed using the scanning electron microscopes FEI Quanta 200F 
and Zeiss Auriga Compact CrossBeam FIB-SEM, both equipped with field emission gun (FEG) 
operated at the accelerating voltage of 20 kV and energy dispersive spectroscopy (EDS) detector.  
Microhardness was measured using automatic micro-hardness tester Qness Q10a according to 
Vickers with load of 0.5 kg and indentation time 10 s.  

Results and Discussion  

All designed alloys could be successfully manufactured and wire cut. Solution treatment at 
850°C for 1 hour was selected as it is sufficient for most metastable β-Ti alloys. However, α-phase 
was retained in the least stabilized alloys: Ti-26Nb-6Ta-7Zr-0.7O and Ti-29Nb-7Zr-0.7O. Figure 1 
a) shows single phase microstructure of Ti-32Nb-6Ta-7Zr-0.7O using back-scattered electrons.  
Very large grains can be observed in the image due to channeling contrast. Moreover, within the 
grains and disregarding grain boundaries, slightly ‘brighter’ and slightly ‘darker’ areas with the size 
of approx. 100 μm are visible due to chemical Z-contrast. These differences are even better 
observed in Figure 2 and investigated in detail below.  

In the Figure 1 (b), the microstructure of less stabilized Ti-26Nb-6Ta-7Zr-0.7O alloy is shown. 
‘Brighter’ and ‘darker’ areas are again observed. However within the darker areas, tiny black spots 
are visible. These spots are α-phase particles as proven by detail observations (not shown). Heavier 
β stabilizing elements (Nb, Ta) are expelled from the α-phase particles which therefore appear 
black. α-phase particles could be observed in each ‘darker’ area and also in chains (in the image 
progressing from both bottom corners). Since α-phase particles precipitate preferentially at grain 
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boundaries [17], these chains can be associated with grain boundaries in the material or with the 
former grain boundaries that existed in these positions after casting, but subsequently moved during 
annealing leaving the chain of α-phase particles behind.  
Solution treatment at 850°C might have been sufficient even for less stabilized alloys (in other 
words, β transus temperature might be below 850°C even in materials with composition Ti-26Nb-
6Ta-7Zr-0.7O or Ti-29Nb-7Zr-0.7O), but due to chemical inhomogeneities, α-phase particles 
precipitated in the regions with lower local content of β stabilizing elements. 

 
Figure 1 a): Ti-32Nb-6Ta-7Zr-0.7O alloy, after 
annealing at 850°C/1h 

 
Figure 1 b): Ti-26Nb-6Ta-7Zr-0.7O alloy, after 
annealing at 850°C/1h 

After annealing at 1000°C for 15 minutes, α-phase particles dissolved in all alloys as shown in 
Figure 2. Note that images in Figure 2 have enhanced contrast to visualize grain structure and 
chemical inhomogeneities. Grains are large, ranging from hundreds of micrometers to the 
millimeter sized grains which is typical for non-deformed material. Chemical inhomogeneities have 
shape of dendrites and were formed during casting. ‘Brighter’ areas have higher content of heavier 
Nb and Ta elements that are characterized by significantly higher melting points than that of 
titanium. It is therefore argued that during melting these Nb/Ta rich dendrites solidified first and 
expel excessive Ti into areas that solidified slightly later resulting in inhomogeneous 
microstructure. Homogenization procedure must be developed to remove these inhomogeneities, 
however, such homogenization treatment is complicated due to very high required temperatures 
(around 1400°C) and strict requirements on purity of environment in the furnace.  

Note that in Figure 2 f), the dendrites cannot be observed. It is argued, that the formation of 
dendrites strongly depends on the cooling rate during solidification. Different parts of the cast may 
therefore exhibit different dendritic structure. We believe that the absence of dendrites in Figure 2 f) 
is related to the cooling rate of this particular area rather than to the particular alloy composition.  
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Figure 2 a): Ti-35Nb-6Ta-7Zr-0.7O alloy, after 
annealing at 1000°C/15 min 

 
Figure 2 b): Ti-32Nb-6Ta-7Zr-0.7O alloy, after 
annealing at 1000°C/15 min 

 
Figure 2 c): Ti-29Nb-6Ta-7Zr-0.7O alloy, after 
annealing at 1000°C/15 min 

 
Figure 2 d): Ti-26Nb-6Ta-7Zr-0.7O alloy, after 
annealing at 1000°C/15 min 

 
Figure 2 e): Ti-35Nb-7Zr-0.7O alloy, annealed 
at 1000°C/15 min 

 
Figure 2 f): Ti-29Nb-7Zr-0.7O alloy, annealed 
at 1000°C/15 min 
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Figure 3 Ti-35Nb-6Ta-7Zr-0.7O alloy after solution treatment, detail. Overlapped by results of EDS 
measurement of (from the top): Ti, Nb, Ta (light blue), Zr (red) 

Figure 3 shows detailed image of Ti-35Nb-6Ta-7Zr-0.7O alloy in back-scattered electrons with 
very high contrast (small black and white dots are remnants from polishing). EDS line scan was 
performed along green horizontal line in the middle of the image and the results of EDS 
investigation are overlapped over the BSE image. The differences in chemical composition are best 
observed for Nb (orange line). Nb content clearly increases in the ‘brighter’ regions and decreases in 
the ‘dark’ one. The difference in Nb content is, however, within 3 weight percentage points.  
Similar behavior can be found for Ta (though with lower magnitude due to the lower overall content 
of Ta). Measured amount of Ta (light blue) is higher than that of Zr (red) in ‘bright’ areas and vice-
versa. Opposite behavior was found for titanium (shown in the upper part of the image). In the Ti 
based alloys with high content of β stabilizing elements, Ti serves as a relative α stabilizer. It can be 
thus concluded that ‘brighter’ dendrites contain higher amount of β stabilizing Nb and Ta at the 
extent of Ti.  

Table 2 Microhardness of studied Ti-Nb-Ta-Zr-O alloys 
 HV 0.5   HV 0.5   HV 0.5 
Ti-35Nb-6Ta-7Zr [11] 164  Ti-32Nb-6Ta-7Zr -0.7O 333  Ti-26Nb-6Ta-7Zr -0.7O 333 
Ti-35Nb-6Ta-7Zr-0.4O [11] 270  Ti-29Nb-6Ta-7Zr -0.7O 328  Ti-35Nb-7Zr -0.7O 329 
Ti-35Nb-6Ta-7Zr -0.7O 333  Ti-26Nb-6Ta-7Zr -0.7O 328    

Microhardness measurements are summarized in Tab. 2. Sharp increase of microhardness with 
increasing oxygen content can be observed by comparing microhardness values from [11]. 
Otherwise, microhardness remain unchanged disregarding the content of Nb and Ta. The relative 
error of measurement is as low as 3%, which corresponds approximately to +/- 5HV for the studied 
alloys. The microhardness of the material is therefore homogeneous, but the differences between the 
alloys with equivalent oxygen content are within the measurement uncertainty.  

Summary 

Biomedical β-Ti alloys such as Ti-35Nb-6Ta-7Zr are characterized by low elastic modulus due to 
the low stability of the β phase caused by the ‘proximity’ to martensitic β to α’’ transformation. 
Oxygen addition (0.7 wt. %) is capable of doubling the strength of these alloys, but also causes 
significant increase of elastic modulus due to relative stabilization of the β phase. To compensate 
for these effect, six different alloys with reduced amount of β stabilizing elements were prepared 
and following conclusions can be drawn from this investigation:  

• Ti-(29-35)Nb-(0-6)Ta-7Zr-0.7O alloys were prepared by arc melting. 
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• Solution treatment at 850°C for 1h is not sufficient for complete removal of α phase. α phase 
particles are present in less β-stabilized alloys in the regions with locally lower content of Nb 
and Ta and along (former) grain boundaries.  

• Solution treatment at 1000°C for 15 min results in single β phase composition.  
• Material is not fully chemically homogeneous and contains dendrites with increased content 

of Nb and Ta. 
• Microhardness is comparatively high due to high oxygen content, but does not depend on the 

content of Nb and Ta. 
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Abstract: Beta titanium alloy Ti-35Nb-6Ta-7Zr-0.7O (wt%) was developed as a material intended for
the manufacturing of a stem of a hip joint replacement. This alloy contains only biocompatible elements
and possesses a very high yield strength already in the cast condition (900 MPa). However, the porosity,
large grain size and chemical inhomogeneity reduce the fatigue performance below the limits required
for utilization in the desired application. Two methods of hot working, die forging and hot rolling,
were used for processing of this alloy. Microstructural evolution, tensile properties and fatigue
performance of the hot worked material were investigated and compared to the cast material.
Microstructural observations revealed that porosity is removed in all hot-worked conditions and the
grain size is significantly reduced when the area reduction exceeds 70%. Static tensile properties were
improved by both processing methods and ultimate tensile strength (UTS) of 1200 MPa was achieved.
Fatigue results were more reproducible in the hot rolled material due to better microstructural
homogeneity, but forging leads to an improved fatigue performance. Fatigue limit of 400 MPa was
achieved in the die-forged condition after 70% of area reduction and in the hot rolled condition after
86% of area reduction.

Keywords: titanium alloys; hot working; biomedicine; tensile testing; fatigue testing

1. Introduction

Designing a new implant material for total hip replacement with improved properties provides a
major market opportunity in the field of medical implants, and, at the same time, a major challenge for
material scientists [1]. Several requirements must be fulfilled simultaneously; in particular, the high
strength in static loading, acceptable fatigue limit in high cycle fatigue test, positive biological response
and sufficient size of initial material for product manufacturing. Beta titanium alloys constitute the
most promising and also the most explored material class in this regard [2,3]. Despite years of intensive
research, Accolade™ hip implant made from TMZF (Ti-12Mo-6Zr-2Fe) alloy by Stryker Co represents
the only commercial β-Ti based hip implant [4,5].

Excellent biocompatibility of titanium was proven by many authors both in vitro and in vivo [6–8].
In the last two decades, specialized biocompatible β-Ti alloys have been developed. Among utilizable
alloying elements, Nb, Ta, Zr and also Mo are regarded as the most biocompatible, whereas V, Cr and
Co are inappropriate [9].
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The modulus of elasticity of Ti and common Ti alloys is around 100 GPa, which is half of the elastic
modulus of steels, but still much higher than the elastic modulus of the cortical bone (10–30 GPa) [10].
The development of biocompatible β-Ti alloys with reduced modulus of elasticity focused mainly on
the Ti-Nb-Ta-Zr alloying system due to the excellent biocompatibility of these alloying elements [7].
Ti-29Nb-13Ta-4.6Zr [11] (Japan alloy, TNTZ) and Ti-35Nb-7Zr-6Ta (US alloy, TNZT) [12] are the two
most studied alloys of this type. The latter alloy was developed in USA and patented in 1999 [13].
The alloy was designed empirically by testing many different chemical compositions aiming to achieve
the minimum elastic modulus [14]. The elastic modulus of this alloy is below 60 GPa, because α, α”
andω phases are avoided in the β solution treated condition. Excellent biocompatibility of the alloy
was recently confirmed in [15]. Low strength is the main disadvantage of this class of alloys [16].

Interstitial strengthening by oxygen is one of the major strengthening mechanisms in commercially
pure Ti [17]. Interstitial strengthening is efficient also in bcc metals (β phase) [18]. The immense effect of
oxygen content on the strength of TNZT alloy was first mentioned in [19]. Moreover, the ductility of this
alloy is preserved even for oxygen content of 0.7 wt%, until the alloy contains only β phase. In contrast,
in alloys containing α phase (either α + β alloys or metastable β alloys aged to α + β condition),
the maximum allowed oxygen content is limited typically to 0.2 wt% to avoid embrittlement [20].
Interstitial strengthening by oxygen has been thoroughly studied in our previous work on as-cast
Ti-35Nb-7Zr-6Ta based alloys with various oxygen contents [21].

As-cast Ti-35.3Nb-7.3Zr-5.7Ta-0.7O (TNZTO) alloy contains very large grains with the size ranging
from 0.5 to 3 mm. Despite that, the alloy shows promising properties under static loading [22]. On the
other hand, fatigue performance of the as-cast material is rather poor, as shown below.

Investigation of hot working of the alloy is of critical importance not only for improvement
of fatigue performance, but also because hot working (namely, die forging) is currently used for
implant semi-product manufacturing. Determination of forging conditions is, therefore, of clear
practical importance.

Hot working of β-Ti alloys is done either below or above the beta-transus temperature [23].
The studied TNZTO alloy was deformed in the pure β phase condition. Restoration mechanism in
the beta phase field is dominated by dynamic recovery; however, continuous recrystallization in the
vicinity of grain boundaries may occur at higher strains [23]. Recovery is a dominant process due to
the high stacking fault energy of β-Ti alloys [24].

Hot forging is commonly used for thermomechanical processing of biomedical β-Ti alloys.
Ti-36Nb-2Ta-3Zr-0.35O alloy prepared by sintering was successfully hot forged at 800–1150 ◦C,
which caused significant improvement of both the strength and ductility [25]. The authors also claimed
that hot forging was comparatively easy due to fine grained structure of the material after sintering.
Forging from the diameter of 40 mm to 10 mm at 950 ◦C was possible in Ti-30Nb-10Ta-5Zr [26].
Ti–xNb–3Zr–2Ta alloy and Ti-35Nb-(10-x)Ta-xZr alloys were successfully forged at 910 ◦C with 50%
reduction and at 900–1000 ◦C with the reduction of 40%, respectively [27,28].

There are also studies concerning the hot working of β alloys intended for aerospace applications.
Dynamic recovery is found as a major restoration mechanism in Ti-5553 (Ti-5Al-5V-5Mo-3Cr) alloy
during hot deformation [29]. Most studies, however, discuss deformation of Ti-5553 alloy in the α + β

field [30–32]. In the β field, dynamic recrystallization is preferred to dynamic recovery when high
forming temperatures are used [30].

The most important difference between above mentioned alloys and the studied TNZTO alloy
is that the TNZTO alloy is much stronger at elevated temperatures, which can be attributed to the
strengthening by oxygen. For instance, at the temperature of 800 ◦C and the strain rate of 0.01 s−1,
the Ti-5553 alloy deforms already at the stress of approximately 80 MPa [29], while stress of 250 MPa is
required for the deformation of TNZTO alloy at these conditions [33].

This study aims to develop a manufacturing procedure of the cast material in pure β-phase to
achieve a condition suitable for implant production. A sufficiently high temperature of deformation has
to be used not only to prevent α phase formation but, more importantly, to reduce the forming forces.
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2. Materials and Methods

2.1. Alloy Casting

The alloy with nominal composition Ti-35.3Nb-6Ta-7.3Zr-0.7O (wt%) was produced on demand
at the company Retech Systems LLC (Ukiah, USA) in the form of a rod with the diameter of 53 mm in
two steps. In the first stage, a sponge of Ti and Zr, pieces of Nb and Ta and powder of TiO2, were plasma
arc melted into compacts with 100 mm diameters, 75 mm lengths and weights of approximately 3 kg.
The melting took place under a protective atmosphere of pure He to prevent excessive contamination
by oxygen and nitrogen. In the second stage, the compacts were remelted by the sequential pour
melting process into a mold with the inner diameter of 55 mm, again in the pure He atmosphere.
Each compact was consecutively inserted into melting hearth and poured into mold. The material
remains molten at the top but solid at the bottom. The bottom part of the mold can be opened, and with
each melted compact added to mold, the ingot is pulled down by about 75 mm. Thus, the process is
quasi-continuous and two ingots with the length over 1 m each were produced.

The elemental composition was checked at the top and at the bottom of each produced
ingot by the supplier. The content of metallic elements was determined by inductively coupled
plasma-atomic emission spectroscopy (ICP-AES) and the contents of non-metallic elements were
measured by combustion-infrared absorption (CIA). Results in Table 1 show that the desired nominal
composition was achieved. The content of oxygen was accurate and the contents of contaminants
(most importantly nitrogen) were negligible.

Table 1. Chemical composition of cast ingots determined by ICP-AES and CIA. Standard errors of
measured contents of metallic elements were not determined.

Element (wt%) Ingot 1-Top Ingot 1-Bottom Ingot 2-Top Ingot 2-Bottom

Titanium balance balance balance balance
Niobium 35.5 35.6 35.8 35.3

Zirconium 7.36 7.28 7.40 7.36
Tantalum 5.90 6.17 6.01 5.88

Iron 0.049 0.052 0.055 0.050
Oxygen 0.726 ± 0.012 0.702 ± 0.003 0.699 ± 0.002 0.719 ± 0.010

Nitrogen 0.012 ± 0.002 0.012 ± 0.002 0.0108 ± 0.0004 0.012 ± 0.001
Carbon 0.0093 ± 0.0007 0.0101 ± 0.0003 0.0098 ± 0.0009 0.0119 ± 0.0002

Hydrogen 0.0051 ± 0.0001 0.0080 ± 0.0013 0.0061 ± 0.0012 0.0023 ± 0.0001

Altogether, 5 different conditions were produced by two different hot working processes. Two rods
with the diameter of 35 mm (area reduction—AR 40%) and 25 mm (AR 70%) were prepared by die forging.
Three rods with the diameter of 33 mm (AR 64%), 25 mm (AR 77%) and 20 mm (AR 86%) were
manufactured by hot rolling.

2.2. Die Forging

Two die-forged conditions were produced at ALPER Co., Prostějov, Czech Republic. In the first
stage, pieces of initial ingot were machined to 45 mm and heated to 1220 ◦C in an electrical laboratory
furnace in air for approximately 25 min. Heated pieces were forged to the diameter of 35 mm (AR 40%)
by hydraulic press using a closed die of the cylindrical shape (diameter 35 mm) preheated to 300 ◦C.
About 10 forging steps were used during the die-forging, while rotating the forged piece after each
step to achieve round cross-section. The whole process took approximately 1 min. One of the forged
rods was water quenched (WQ) and the other was put again into the furnace.

This piece was reheated to 1220 ◦C (within approximately 15 min) and forged to the diameter of
25 mm (AR 70%) using a closed cylindrical die with the diameter of 25 mm. During the forging of the
rod with smaller diameter, the temperature of the sides of the forged rod dropped below approximately
800 ◦C and this piece was reheated back to 1220 ◦C (5 min) before the final forging to the 25 mm and
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water quenched. In total, 20 forging steps were used to achieve the piece with the diameter of 25 mm
and this piece was reheated three times to reduce diameter from 45 mm to final 25 mm.

The rod forged to 35 mm (AR 40%) was round with the desired diameter, and surface cracks
were less than 0.5 mm deep. Material outflow from the die occurred during hot forging to 25 mm.
The outflow was machined off. A few surface cracks up to 2 mm in depth were formed.

Photographs of pieces of both forged rods are shown in Figure 1a.
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Figure 1. Photographs of (a) forged rods and (b) rolled rods. The samples for tensile and fatigue testing
were already machined from the processed conditions parallel to the axial direction. SEM samples
were prepared from cross-section of rods.

2.3. Hot Rolling

Two pieces of the second manufactured cast ingot (53 mm in diameter) were hot rolled at Technical
University Ostrava, Czech Republic. 3 rods with oval cross-sections with larger axes of 33 mm,
25 mm and 20 mm, and smaller axes of 25 mm, 22 mm and 18 mm, respectively, were manufactured.
Area reductions were calculated according to actually-achieved cross-sections: 64%, 77% and 86%,
respectively. The rolling was performed in a machine with grooves for rolling of round rods along
their central axes. The pieces were heated to 1200 ◦C before the process. Several passes through rolling
grooves were used without reheating to achieve the 33 mm diameter and the rods were rotated by 90◦

after each pass to preserve round or oval shape. One of the rolled rods was water quenched (AR 64%)
while the other rod was reheated back to 1200 ◦C and rolled to the diameter of 25 mm (AR 77%), again
in several passes while rotating by 90◦ after each pass. After rolling to 25 mm, the rod was water
quenched and cut into two pieces. One of the pieces was again reheated back to 1200 ◦C and rolled to
the diameter of 20 mm (AR 86%), and finally, water quenched.

Due to the necessity of reheating, the whole process took about 3 h and the rods were heated and
processed in air.

The produced rods had a white surface, indicating the presence of titanium/niobium oxide,
and large surface cracks up to 3 mm in depth. The shape of the rod rolled with AR 86% was almost
round while the other two rolled rods had more oval shapes. The photograph of pieces of produced
rods is shown in Figure 1b.

2.4. Experimental Techniques

Samples for microstructural observations by scanning electron microscopy (SEM), including
electron back-scatter diffraction (EBSD) and energy dispersive X-ray spectroscopy (EDX), and for
microhardness measurements, were cut from the forged/rolled rods perpendicular to the axial direction
of produced rods. The samples were ground with SiC papers up to grit 2400. Grinding was
followed by three-step vibratory polishing employing Alumina 0.3 µm suspension for 6–9 h, Alumina
0.05 µm suspension for 6–9 h and Colloidal Silica for 3–4 h. Field emission SEM FEI Quanta 200FX
(FEI, now under Thermo Fisher Scientific, Eindhoven, Netherlands) was used for back-scattered
electrons (BSE) observations operating at 10 kV and for EBSD and EDX measurement (both by EDAX,
Tilburg, Netherlands) at 20 kV.
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Microhardness was measured using Vickers method with the load of 0.5 kgf and dwell time of 10 s.
Round samples for tensile and fatigue testing were prepared parallel to the axial direction of the

forged/rolled rods and at sufficient distance from the surface to avoid the influence of surface cracks
or oxidation. Tensile tests of the samples with the gauge length of 15 mm and the diameter of 3 mm
were conducted at strain rate of 10−4 s−1 and 3–4 samples were tested for each condition. Samples for
fatigue testing had a typical hour-glass shape with the diameter of 3 mm and the radius of 30 mm.
Measurements were done in tension-compression with R = −1 at 50 Hz. Schematic drawings of the
tensile and fatigue samples are shown in Figure 2.
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Figure 2. Schematic drawings of (a) tensile sample and (b) fatigue sample.

3. Results and Discussion

3.1. Microstructure—Cast Ingot

Figure 3a shows a SEM micrograph of the cast ingot. Very large grains with sizes over 1 mm
are present in the material. Porosity appears as black spots with the size of 5–20 µm. In the right
half of the image in Figure 3a (i.e., closer to the center of the cast ingot), there are dendritic chemical
inhomogeneities, as proven by EDX line scan in Figure 3b. Darker areas are Ti and Zr enriched
while lighter areas are Nb and Ta enriched. The compositional fluctuations around mean values are
approximately 3%. The chemical inhomogeneity and porosity were located mainly in the central part
of the cast ingot.
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Figure 3. (a) SEM micrograph of cast ingot. Left part is closer to the edge; right part is closer to the
center of the ingot. More pores and chemical inhomogeneities are seen closer to the center. (b) Line
scan of composition by EDX along a dendrite.

The alpha phase was not found either in the interior of grains or at the grain boundaries, indicating
that the cooling of ingot during production was sufficient to prevent alpha phase precipitation and
that the material contains only beta phase. No beta solution treatment was carried out after casting.
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3.2. Microstructure—Die-Forging

Figure 4 shows the microstructure of the rod forged with the AR 40% in three different areas located
in the central part of the rod. Note that grains retain the same size as in the cast ingot. On the other hand,
they are heavily deformed, as manifested by parallel deformation bands. However, the deformation
is not homogeneous and non-deformed regions can also be found (Figure 4a, marked by red arrow).
These structures are formed by dislocation slip, as further inspected by EBSD below. Note also that
porosity from casting is removed by forging. On the other hand, dendritic chemical inhomogeneities
can be still observed, especially in the lower part of Figure 4a (marked by green arrow). Apart from
dendritic inhomogeneities, there is a larger chemical inhomogeneity appearing as a darker area in
Figure 4b; i.e., Nb and Ta depleted and Ti enriched. The results of EDX analysis of points A and B are
shown in Table 2.
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Figure 4. Micrographs of the rod forged with AR 40% showing distinct features: (a) non-deformed
area (denoted by red arrow) and dendritic inhomogeneity (denoted by green arrow); (b) local chemical
inhomogeneity; (c) grain deformed by slip in parallel directions. Dendritic inhomogeneities can be
observed in all micrographs.

Table 2. Chemical composition (EDX) at positions A and B marked in Figure 3b. Position A is depleted
of Nb and Ta.

Position Ti Nb Zr Ta

A 52.9 31.6 9.4 6.1
B 46.3 36.7 6.8 10.2

In order to examine the origin of parallel bands in Figure 4c in detail, the EBSD inverse pole
figure (IPF) map of the central part of forged rod with the AR 40% is shown in Figure 5a, along with
orientation triangle (Figure 5b) and misorientation profile (Figure 5c) along a line drawn in white in
the IPF map. The misorientation profile shows that the misorientations between two grains never
exceeds 40◦. The misorientation angles of twins occurring in β Ti are 60◦ in case of {112} <111>

twinning and 50.57◦ for {332} <113> twinning [34]. Therefore, the parallel bands that are intersecting
each other are slip bands formed by dislocations. Apart from dislocation bands, significant lattice
rotation within the original large grains was observed.
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Figure 5. EBSD measurement of the forged rod with AR 40%. (a) inverse pole figure (IPF) map,
(b) orientation triangle (BCC structure) and (c) point-to-origin misorientation profile along white line
drawn in (a).

Dynamic (continuous [23]) recrystallization occurred only in the areas with the highest
deformation—mainly along grain boundaries of large grains after casting and also along some
of the newly formed high angle boundaries.

The microstructure of the rod forged with AR 70% was studied at two different
cross-section samples. One was taken from the middle part of the rod, while the other one from the
end of the rod (side). While in the forged rod with AR 40%, the orientation of SEM samples was not
established, as this rod was round, in the rod forged to AR 70% the direction of last forging step was
up/down. The microstructure is completely different from the rod with the AR 40%.

In Figure 6a,b the grain structure of the middle and the side of the forged rod with AR 70% are
compared (both cross-sections studied showed similar microstructures in their centers and closer to
their surfaces, but the middles and sides of the forged rods differ significantly). The microstructure is
heavily deformed, as indicated by the channeling contrast of BSE. Due to the high deformation, it is
difficult to recognize the individual grains in Figure 6a or Figure 6b. The layered structure observed in
the middle part of the rod (Figure 6a) is caused mainly by elongation of grains. The observed contrast
is, however, also caused by elongated areas of chemical inhomogeneities (varying Nb content).

EBSD measurements for the rod with the AR 70% are shown in Figure 7 as IPF maps. The difference
between the middle and the side of the rod is clearly manifested. The microstructure in the area close
to the side of the rod contains equiaxed grains with the size below 50 µm. These grains contain only
few deformation bands which indicates that they recrystallized from the deformed structure during
the three-step heating and deformation (rods forged with the AR 70% were heated three times before
reaching the final diameter, as described in Section 2.2). The grains are, however, slightly deformed,
which suggests that the recrystallization itself did not occur in the final deformation step.

In the cross-section from the middle of the rod, the grains are elongated and contain high fraction
of low-angle GBs.
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3.3. Microstructure—Hot Rolling

BSE images of the three hot rolled rods from the centers of the cross-sections are shown in
Figure 8. Similarly to the forged rods, no porosity was found in the hot rolled rods. The refinement of
microstructure increases with the increasing area reduction, as can be observed mainly by comparing
Figure 8a,c. The dark shades in Figure 8a,b are chemical inhomogeneities from casting that were
distorted by the rolling procedure, as proven by EDX point analysis of points A, B, C and D,
as summarized in the Table 3. Large deformed grains and new small grains can be distinguished in
Figure 8, EBSD measurements were performed for a detailed inspection.
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Table 3. Chemical composition (EDX) at positions A, B, C and D marked in Figure 8a,b. Positions A
and C are depleted of Nb and Ta.

Position Ti Nb Zr Ta

A 51.1 31.3 13.4 4.2
B 45.4 38.4 8.6 7.6
C 49.0 34.8 10.9 5.3
D 50.9 36.8 5.1 7.2

EBSD measurements were performed on the rolled conditions in the cross-section center and edge.
Figures 9–11 show IPF maps of conditions rolled to AR 64%, 77% and 86%, respectively. In each figure
shows (a) the IPF map of the center of cross-section, (b) the grain orientation spread (GOS) map of the
center and (c) the IPF map near the edge of cross-section.

The GOS was computed for each grain as a mean deviation of crystalline orientations in the
grain from the average grain orientation [35]. In other words, high GOS means that the grain is
significantly deformed, and vice-versa: low GOS represents grains with a low deformation—for
instance, recrystallized (RX) grains. GOS is normalized to the grain size; i.e., low GOS values are not
caused by the small size of grains. The threshold between the GOS values of RX and non-RX fractions
was determined on the basis of the histogram of GOS values (not-shown) as 1◦, which is a common
choice for β-Ti alloys [36]. GOS maps are only shown for centers of each rod as the edges did not
contain recrystallized grains with low GOS values.

It is clear from the EBSD images that with the increasing area reduction, the fraction of
recrystallized (RX) grains (size of 20–30 µm) increased. New small grains were formed in the
areas with higher deformation; namely, at the grain boundaries. This resembles a so-called necklace
continuous recrystallization reported in [23]. The recrystallized grains evolve during multiple
heating and deformation. Note that there is the lowest RX fraction in the condition with AR of
only 64%, which was not reheated. However, the deformed grains also have a smaller size in the
rods with higher AR. This can be associated with continuous dynamic recrystallization, which is
supported by several incomplete low-angle grain boundaries (marked by black arrows in IPF images),
that separate sub-grains.

Quantitative analysis is provided in Table 4, comparing each condition in terms of the grain sizes
in both the RX fraction (GOS < 1◦) and non-RX fraction (GOS > 1◦). In the centers of cross-sections,
both the grains from the RX and non-RX fraction are significantly smaller for higher area reductions,
while on the cross-sectional edges, the grain sizes are comparable in AR 64% and AR 77% and smaller
only in AR 86% condition.



Materials 2019, 12, 4233 10 of 18

Materials 2020, 13, x FOR PEER REVIEW 10 of 17 

 

supported by several incomplete low-angle grain boundaries (marked by black arrows in IPF 
images), that separate sub-grains. 

Quantitative analysis is provided in Table 4, comparing each condition in terms of the grain 
sizes in both the RX fraction (GOS < 1°) and non-RX fraction (GOS > 1°). In the centers of 
cross-sections, both the grains from the RX and non-RX fraction are significantly smaller for higher 
area reductions, while on the cross-sectional edges, the grain sizes are comparable in AR 64% and 
AR 77% and smaller only in AR 86% condition. 

 

(a) 

 

(b) 

 

(c) 

Figure 9. Microstructure of the cross-section of the hot-rolled rod with AR 64%. (a) IPF map-center, 
(b) grain orientation spread (GOS) map-center and (c) IPF map-edge. 

 

(a) 

 

(b) 

 

(c) 

Figure 10. Microstructure of the cross-section of the hot-rolled rod with AR 77%. (a) IPF map-center, 
(b) GOS map-center and (c) IPF map-edge. 

Figure 9. Microstructure of the cross-section of the hot-rolled rod with AR 64%. (a) IPF map-center,
(b) grain orientation spread (GOS) map-center and (c) IPF map-edge.

Materials 2020, 13, x FOR PEER REVIEW 10 of 17 

 

supported by several incomplete low-angle grain boundaries (marked by black arrows in IPF 
images), that separate sub-grains. 

Quantitative analysis is provided in Table 4, comparing each condition in terms of the grain 
sizes in both the RX fraction (GOS < 1°) and non-RX fraction (GOS > 1°). In the centers of 
cross-sections, both the grains from the RX and non-RX fraction are significantly smaller for higher 
area reductions, while on the cross-sectional edges, the grain sizes are comparable in AR 64% and 
AR 77% and smaller only in AR 86% condition. 

 

(a) 

 

(b) 

 

(c) 

Figure 9. Microstructure of the cross-section of the hot-rolled rod with AR 64%. (a) IPF map-center, 
(b) grain orientation spread (GOS) map-center and (c) IPF map-edge. 

 

(a) 

 

(b) 

 

(c) 

Figure 10. Microstructure of the cross-section of the hot-rolled rod with AR 77%. (a) IPF map-center, 
(b) GOS map-center and (c) IPF map-edge. 

Figure 10. Microstructure of the cross-section of the hot-rolled rod with AR 77%. (a) IPF map-center,
(b) GOS map-center and (c) IPF map-edge.



Materials 2019, 12, 4233 11 of 18Materials 2020, 13, x FOR PEER REVIEW 11 of 17 

 

 

(a) 

 

(b) 

 

(c) 

Figure 11. Microstructure of the cross-section of the hot-rolled rod with AR 86%. (a) IPF map-center, 
(b) GOS map-center and (c) IPF map-edge. 

Table 4. Comparison of microstructural parameters of each condition produced by hot-rolling and 
die-forging. The error values shown are the widths of the grain size distributions of each fraction. 

Hot-Rolled Rods 
Area 

Reduction 
Fraction of Grains with 

GOS < 1° in Center 
Grain Size in Fraction with 

GOS < 1° 
Grain Size in Fraction 

with GOS > 1° 
Grain Size on 

the Edges 
64% 4% 28 ± 12 μm 270 ± 180 μm 145 ± 65 μm 
77% 11% 25 ± 11 μm 114 ± 62 μm 157 ± 66 μm 
84% 22% 20 ± 10 μm 78 ± 56 μm 103 ± 64 μm 

Die-Forged Rods 
Area 

Reduction 
Grain size–Middle Part Grain Size–Side of the Rod 

40% 0.5 ± 0.3 mm - 
70% 15 ± 10 μm 38 ± 15 μm 

The die-forged rods contained a limited fraction (<1%) of grains with GOS < 1°. The average 
grain sizes are shown in Table 4 with errors estimated as the distribution widths. Hot-rolled rods 
showed larger grain size in comparison with die-forged rod with AR 70%. The rod die-forged to 40% 
was not significantly refined. The dominating restoration mechanism during hot-rolling is recovery. 
The grains are deformed and their size decreases with larger area reduction. Necklace 
recrystallization was observed in the centers of rods cross-section. Differences between center and 
edge are mainly due to temperature, strain and strain rate gradients according to calculations of a 
similar rolling process [37]. 

In contrast, deformation bands were observed in the forged rod with AR 40% and only limited 
recrystallization was present at the grain boundaries. Meanwhile, in a rod forged with AR 70%, fully 
recrystallized microstructure was present, presumably via continuous recrystallization [23,29]. The 
grains were equiaxed on side of the rod, while elongated and more refined grains were in the middle 
of the rod. In comparison with hot-rolled rod with AR 86%, the grain size in rod die-forged to 70% 
was significantly lower, both on the side and in the middle part. The differences observed between 
both methods of forming are mainly due to much shorter exposition to the high temperature and 
much higher strain rate during the forging procedure. 

 

Figure 11. Microstructure of the cross-section of the hot-rolled rod with AR 86%. (a) IPF map-center,
(b) GOS map-center and (c) IPF map-edge.

Table 4. Comparison of microstructural parameters of each condition produced by hot-rolling and
die-forging. The error values shown are the widths of the grain size distributions of each fraction.

Hot-Rolled Rods

Area Reduction Fraction of Grains with
GOS < 1◦ in Center

Grain Size in Fraction with
GOS < 1◦

Grain Size in Fraction
with GOS > 1◦

Grain Size on
the Edges

64% 4% 28 ± 12 µm 270 ± 180 µm 145 ± 65 µm
77% 11% 25 ± 11 µm 114 ± 62 µm 157 ± 66 µm
84% 22% 20 ± 10 µm 78 ± 56 µm 103 ± 64 µm

Die-Forged Rods

Area Reduction Grain size–Middle Part Grain Size–Side of the Rod

40% 0.5 ± 0.3 mm -
70% 15 ± 10 µm 38 ± 15 µm

The die-forged rods contained a limited fraction (<1%) of grains with GOS < 1◦. The average grain
sizes are shown in Table 4 with errors estimated as the distribution widths. Hot-rolled rods showed
larger grain size in comparison with die-forged rod with AR 70%. The rod die-forged to 40% was not
significantly refined. The dominating restoration mechanism during hot-rolling is recovery. The grains
are deformed and their size decreases with larger area reduction. Necklace recrystallization was
observed in the centers of rods cross-section. Differences between center and edge are mainly due to
temperature, strain and strain rate gradients according to calculations of a similar rolling process [37].

In contrast, deformation bands were observed in the forged rod with AR 40% and only limited
recrystallization was present at the grain boundaries. Meanwhile, in a rod forged with AR 70%,
fully recrystallized microstructure was present, presumably via continuous recrystallization [23,29].
The grains were equiaxed on side of the rod, while elongated and more refined grains were in the
middle of the rod. In comparison with hot-rolled rod with AR 86%, the grain size in rod die-forged
to 70% was significantly lower, both on the side and in the middle part. The differences observed
between both methods of forming are mainly due to much shorter exposition to the high temperature
and much higher strain rate during the forging procedure.
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3.4. Microhardness Measurements

The microhardness was measured in the as-cast condition and in the forged and rolled rods.
The cast ingot exhibited the microhardness of 326 ± 6 HV, while all other conditions showed
the microhardness of 344 ± 10 HV. This small though significant difference is clearly caused by
thermomechanical processing. On the other hand, the mutual differences in microhardness between
hot-worked conditions are negligible, while microstructure differs considerably. This might be caused
by the fact that dominant strengthening mechanism in the alloy studied is the interstitial strengthening
by oxygen. Other strengthening mechanisms are of lower importance and cause only limited differences
in microhardness.

The microhardness of the hot rolled rods near the surface, was much higher than in the bulk,
as shown in Figure 12a. Microhardness decreases with increasing distance from the surface for all
hot-rolled conditions. In the closest vicinity to the surface, the microhardness exceeds 550 HV, and this
value decreases with the increasing distance from surface to the value of 340 HV at 1.7 mm below
the surface. The reason for this behavior was undoubtedly the increased oxygen content during
exposure to air during the rolling process, which took several hours. Oxygen increases hardness, causes
embrittlement in titanium [20] and also stabilizes the α phase. As shown in the Figure 12b, both the α
phase precipitation and cracking were observed in the surface region of the condition hot rolled to AR
86%. Note that the α phase precipitates only to a depth of approximately 0.5 mm, while the layer with
increased hardness—presumably increased oxygen content—is thicker. The clear practical implication
of this behavior is that long-term exposure of the material to air at high temperature should be avoided.
For instance, the hot die-forging process descried above was designed to limit the time of exposure to
high temperatures.
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Figure 12. (a) Microhardness in the surface region of hot rolled rods; (b) SEM image of the α phase
precipitated at the surface of hot rolled rod with the AR 86%.

3.5. Tensile Testing

Flow curves from static tensile tests are shown in Figure 13 for all manufactured conditions.
Three or four samples were measured for each condition, and representative flow curves (with yield
stress, ultimate tensile strength and ductility closest to the average) are shown. Tensile parameters,
namely, the yield strength, the ultimate tensile strength and the total plastic elongation, derived from
the flow curves, are summarized in Table 5. Extensometer was not used in the measurements and flow
curves were determined only from the movement of the cross-head. Elastic parts, were thus subtracted
from the true stress–true strain curves to obtain flow curves.

In the cast condition, the upper yield stress was just below 900 MPa; then, the stress slightly
decreased (sharp yield point phenomenon), and was followed by a work hardening stage. The flow
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curve ends with the brittle fracture, apparently without any strain localization (necking) with ultimate
tensile strength over 1000 MPa.

Both forged conditions showed higher yield stress and higher ultimate tensile strength, but with
considerably larger spread of measured values, as manifested by higher errors in Table 5. The elongation
of the forged rod with AR 40% is comparable to the cast condition (approximately 15%) while in the
rod with AR 70%, the achieved elongation was only about 10%. At this condition the highest yield
strength exceeding 1200 MPa was achieved. In contrast to the cast condition, a significant neck was
formed before rupture in the forged samples and was much more pronounced in the rod with AR 70%.

The yield stress of the hot-rolled rods slightly increases with increasing area reduction from
1050 MPa in rod with AR 64% to 1090 MPa in rod with AR 86%. The ultimate tensile strength is
approximately 1250 MPa and elongation around 20%. The tensile tests results of the hot-rolled conditions
are more reproducible than those from forged conditions. This is consistent with microstructural
observations—more homogeneous microstructure in hot-rolled conditions.
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Figure 13. Flow curves of production conditions: cast, forged and rolled rods.

The sharp yield points are more pronounced in all deformed conditions in comparison to
the cast ingot. In the rolled conditions, the yield points are significantly “sharper” compared to
forged conditions. The reason for the occurrence of a sharp yield point was the interaction of
dislocations with interstitial oxygen atoms [21,38].

Table 5. Yield strength, ultimate tensile strength and elongation of production conditions.

Condition Yield Strength (MPa) Ultimate Tensile Strength (MPa) Plastic Elongation (%)

Cast ingot 870 ± 25 1039 ± 38 14.8 ± 1.4
Forged rod-AR 40% 1053 ± 71 1129 ± 76 14.1 ± 2.9
Forged rod-AR 70% 1256 ± 68 1264 ± 62 10.4 ± 2.0
Rolled rod-AR 64% 1053 ± 4 1251 ± 4 21.6 ± 0.5
Rolled rod-AR 77% 1078 ± 14 1256 ± 6 20.9 ± 1.2
Rolled rod-AR 86% 1084 ± 7 1237 ± 19 20.0 ± 1.2

3.6. Fatigue Testing

The S–N plots of fatigue tests in tension-compression (R = −1) are shown in two separate
graphs for better orientation. Figure 14a shows results from the forged rods compared to the cast
condition, while Figure 14b shows results from the hot rolled rods compared to the cast condition.
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Fatigue properties of the rod rolled to AR 77% were not determined due to insufficient amount of
material. In addition, stress amplitude lower than 350 MPa was not used for testing since lower stress
amplitudes are not relevant for the foreseen application—manufacturing of the stem of the hip implant.

The cast ingot showed a very poor fatigue resistance, especially when compared with its
high strength. The fatigue properties are negatively influenced by very large grain size, by the casting
porosity and possibly by the chemical inhomogeneity. Both the die-forging and hot-rolling had
removed the porosity and refined the grain structure; therefore, improvement in fatigue properties
was expected.

The results of fatigue performance of the two forged rods are not systematic, which can be
attributed to the inhomogeneous microstructure. Nevertheless, the rod forged to AR 70% showed
generally improved fatigue performance as compared to the rod forged to AR 40%. This clearly
correlates with much finer grain structure in the rod forged to AR 70% and its higher tensile strength.
The microstructure of the forged rod with AR 70% was, however, not homogeneous, which resulted
in the low reproducibility of the fatigue results. The fatigue limit can be estimated as approximately
400 MPa.

The fatigue results of two rolled rods were much more homogeneous. Variations between samples
still existed due to differences in the grain size and the fraction of recrystallized grains between the
center and surface regions of the hot rolled rods. The hot rolling to AR 64% did not significantly improve
fatigue properties. The reduction of the grain size was apparently insufficient. However, the rolling to
AR 86% increased the fatigue properties, and in this condition, the fatigue limit could be established as
approximately 390 MPa. The reason for this improvement is more homogeneous deformation and
refined grain size, together with the absence of the casting porosity.
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hot-rolled rods.

Rolled conditions showed much more homogeneous grain structures. The forged condition of AR
70% showed, overall, the highest fatigue performance. The most significant differences were seen at
stress amplitudes between 450 and 550 MPa, where the lifetime of rolled rods was significantly inferior
to the rod forged to AR 70%. This is consistent with the grain size differences between these conditions:
the rod forged to AR 70% contains grains of the size of 40 µm on the sides and 15 µm in the middle,
while the rod hot-rolled to 86% exhibits grain sizes of the deformed fraction (80% of area) of about 80 µm.
However, the effect of microstructure on fatigue properties in the alloy is not fully resolved.

Rolling of a rod to the AR 86% and forging to the AR 70% resulted in the fatigue limits (σf) of
390 MPa and 400 MPa, respectively. However, it constituted only 30% of the UTS values (approximately
1250 MPa for both), while the more common ratio σf/UTS is 0.5 in bcc metals [39]. Studies on fatigue
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performance of β-Ti alloys in pure β (bcc) conditions are surprisingly scarce. Fatigue limit of 350 MPa
was found in Ti-29Nb-13Ta-4.6Zr alloy in the beta solution treated condition [40]. Fatigue limit
can be increased to 500 MPa by formation of ω phase or with the use of CeO2 particles [41,42].
Low strength alloys Ti-22Nb-6Zr and Ti-24Nb-4Zr-7.9Sn exhibited fatigue limits of 200 MPa and
300 MPa, respectively [43,44]. Fatigue limits in the rotating bending tests of Ti-35.3Nb-7.3Zr-5.7Ta
and Ti-35.3Nb-7.3Zr-5.7Ta-0.48O alloys were 280 and 450 MPa, respectively, as reported in [45].
This comprehensive study confirms the σ f /UTS ratio of 0.5 and demonstrates the effect of the grain
size, and, in particular, the average grain misorientation on σf. The initial damage accumulation is
caused by coarse planar slip bands which propagate across low angle grain boundaries through several
grains [45]. Our microstructural observations showed a high amount of low-angle grain boundaries
in the conditions with lower accumulated deformation, and therefore are consistent with this theory.
Conditions with the best fatigue performance—as-forged rod with AR 70% and as-rolled rod with AR
86%—are characterized by the smallest grain size and the highest misorientations between grains.

From practical point of view, the diameter of initial material for hip implant manufacturing must
be at least 35 mm. Furthermore, the area reduction of approximately 85% is required to achieve
satisfactory fatigue performance and oxidized surface layer must be removed after hot working [25].
Therefore, the initial diameter of the cast ingot should be approximately 100 mm.

4. Conclusions

Metastable β titanium alloy Ti-35.3Nb-6Ta-7.3Zr-0.7O (wt%) was prepared in several conditions:
cast ingot, die-forged rods and hot-rolled rods. The influence of processing route on microstructure
evolution, tensile properties and fatigue performance was investigated. The following conclusions can
be drawn from this experimental study.

• Casting porosity and very large grains negatively affect mechanical properties, especially
fatigue performance.

• Both hot working processes were successful in closing the casting pores.
• Area reduction over 70% for die-forging and over 80% for hot-rolling is required for significant

grain size refinement. Apart of achieved strain, recrystallization processes are affected by exact
temperature history and distribution of strain rate.

• Tensile properties were improved by both die-forging and hot-rolling.
• Fatigue performance of hot-rolled rods was more homogeneous to that of forged rods due

to more homogeneous microstructure, but the rod forged with the AR 70% showed better
fatigue performance.

Fatigue limits of the hot-rolled rod with the area reduction of 86% and die-forged rod with the
area reduction of 70% were approximately 400 MPa.
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4.5.1 Introduction

Ultrafine-grained (UFG) titanium has been prepared for the first time by methods of

severe plastic deformation (SPD) at Ufa State Aviation Technical University

(USATU), Ufa, Russia, more than two decades ago [1]. UFG commercially pure tita-

nium (CP Ti) Grade 2 and Grade 4 as well as a Ti-6Al-4V alloy prepared by different

SPD methods were thoroughly investigated in numerous studies. SPD methods and

properties of ultrafine-grained Ti materials are reviewed in this book by Prof. Ruslan

Z. Valiev in the chapter “Nanostructured Commercially Pure Titanium for Develop-

ment of Miniaturized Biomedical Implants.” This chapter focuses on investigations of

the microstructure of ultrafine-grained Ti alloys designed for biomedical use. Such

alloys include α+β Ti-6Al-7Nb alloy as a biomedical alternative of Ti-6Al-4V and

biomedical β Ti alloys based on Ti-Mo and Ti-Nb systems.

The microstructure of metallic material is determined by alloy composition and

processing conditions. On the other hand, the microstructure determines the mechan-

ical and other physical properties of metallic materials. Moreover, ultrafine-grained

microstructure was shown to affect biological response as reviewed by Prof. Yuri

Estrin in this book in the chapter “Mechanical Performance and Cell Response of Pure

Titanium with Ultrafine-Grained Structure Produced by Severe Plastic Deformation.”

Therefore, microstructural studies provide a link between processing and properties.

Especially in UFG materials, proper assessment of the microstructure is critical for

their applications.

Ti-6Al-4V is still a workhorse of the titanium industry even in orthopedics,

despite the fact that the adverse effect of toxic vanadium is widely discussed

[2,3]. In order to avoid potential harmful effects to an organism, a new vanadium-

free Ti-6Al-7Nb alloy was developed [4,5]. Despite the different composition of

these two materials, the Ti-6Al-7Nb alloy has similar metallurgical and mechanical
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properties as Ti-6Al-4V. The microstructure evolution of the UFG Ti-6Al-7Nb alloy

is also described in detail in this chapter.

Nevertheless, the most-studied Ti alloys are currently β titanium alloys, which

profit from enhanced biocompatibility and reduced modulus of elasticity. β alloys

can be divided into metastable β alloys that can be hardened by dispersion of α phase

particles and stable β alloys that are nonhardenable by a simple thermal treatment.

Despite a long history of intensive investigations of UFG materials, ultrafine-grained

biomedical β-Ti alloys were prepared and investigated only recently [6].

SPD methods refer to metal-forming processes that impose a very high strain on a

bulk solid resulting in exceptional grain refinement [7]. The most-used SPD methods

for achieving the UFG structure in β titanium alloys are high-pressure torsion (HPT),

equal channel angular pressing (ECAP) and accumulative roll bonding (ARB) [8,9].

In this chapter, the original results of the authors are presented along with the review

of other studies focusing on themicrostructure of ultrafine-grained biomedical Ti alloys.

Special attention is paid to the experimental methods for microstructural analysis.

4.5.2 Strain accumulation, grain refinement,
and Hall-Petch strengthening

SPD methods are based on the repetitive application of straining using special geo-

metries of tools such that straining does not reduce product dimensions. In the case

of ECAP, a metallic billet is pressed through a special die comprising two intersecting

channels. At the point of intersection, the billet is deformed by a simple shear. The

typical angle of intersecting channels is 90 degrees. For this die geometry, the von

Mises equivalent deformation after one pass reaches approx. εvon Mises�1(¼100%).

In order to process strong and hard-to-deform materials such as titanium alloys, ECAP

dies with bigger angles (120 or 135 degrees) are often used. Repetitive application of

ECAPcan imposethe totalvonMisesequivalentdeformationofεvonMises�10depending

on the number of passes and the die geometry.

The technique of ARB uses conventional rolling deformation. A sheet is rolled to a

50% reduction in thickness, then cut into two pieces and stacked together to reform the

initial dimensions. The sheet sandwich is subsequently repetitively rolled. The rolling

in the ARB processing is in fact a bonding process. The von Mises equivalent strain

per each rolling pass is εvon Mises�0.8. The ARB rolling is limited to few rolling pas-

ses due to the deterioration of both surface and bonding quality [10].

In HPT, a thin disk sample is placed between two massive anvils, then subjected to

a high applied compressive pressure (several GPa) followed by the rotation of one

anvil, introducing torsional straining [11]. The vonMises equivalent strain calculation

utilizing a simple torsion gives the strain as:

εvon Mises ¼ 2πNrffiffiffi
3

p
h

(4.5.1)

whereN is the number of rotations, r represents the radius of the sample, and h its thick-
ness. Note that the strain is inhomogeneous over the sample disk and increases with
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distance from the sample center. The radius of the sample is typically 10–20 mmwhile

its thickness is usually around 1 mm. The number of rotations can reach N>10 and

therefore the maximum achieved von Mises equivalent strain easily exceeds 100,

which is by one order of magnitude higher than in the case of ARB or ECAP.

Homogeneous and equiaxed microstructures with grain size <1 μm are characte-

ristic for the ultrafine-grained materials. The most accepted mechanism of grain

fragmentation is the continuous dynamic recrystallization mechanism based on dislo-

cation movement, agglomeration, formation of dislocation walls, subgrain bound-

aries, and, finally, creation of high-angle grain boundaries [12]. Other models

include the effect of so-called disclinations [13]. The effect of mechanical twinning

on grain refinement was also reported [14]. For a review on mechanisms of grain

refinement in materials after SPD, the reader is referred to [15].

The reduction of grain size in polycrystalline materials causes changes in mecha-

nical and physical properties. The strength of the polycrystalline material changes

with the grain size d according to the Hall-Petch equation [16,17]:

σy ¼ σ0 + kyd
�1=2 (4.5.2)

where σy is the yield stress of the material, σ0 represents the friction stress, and ky is a
material constant. The strength of the UFG material is also determined by the dislo-

cation density, spatial arrangements of dislocations [12], texture, or even vacancy

concentration [18].

4.5.2.1 Refinement of Ti-6Al-7Nb α+β alloy

Ti-6Al-7Nb is a biomedical two-phase alloy designed as a vanadium-free alternative

of the Ti-6Al-4V alloy. Fig. 4.5.1 depicts the initial material after thermal treatment in

the α+β region [19]. A scanning electron microscopy (SEM) micrograph employing

back-scattered electrons (BSE) reveals the duplex microstructure of the Ti-6Al-7Nb

alloy. The contrast between darker and lighter areas is given by chemical

composition—the so-called Z-contrast. Darker areas include elements with a lower

atomic number (higher concentration of Al) and lighter areas with a higher atomic

number (higher concentration of Nb). Primary α grains are globular with the size

of �10 μm. The central part of primary α grains contains a higher concentration of

Al due to the two-step thermal treatment [19]; therefore they appear darker. White

particles are Nb-rich β phase. The microstructure after thermal treatment contains

α lamellae within the so-called α+β areas.

Samples with a diameter of 20 mm and a thickness of 1 mmwere prepared by HPT,

applying the compressive pressure of 6 GPa at room temperature. The lower anvil was

rotated by the speed of 0.5 rpm to achieve torsion deformation. The sample after N¼5

HPT revolutions was selected for further characterization. The maximum von Mises

equivalent strain near the sample edge reaches εvon Mises�200.

The material after deformation by HPT was examined by SEM in three different

zones. The scheme of zones of the observation is presented in Fig. 4.5.2A. Fig. 4.5.2B

shows the microstructure of the specimen center after five turns. The α grains are still
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5 μm

Fig. 4.5.1 Ti-6Al-7Nb alloy, initial material, SEM image (BSE).

(B) 10 mm
(A)

10 mm

5 mm

5 mm

10 mm 10 mm(C) (D)

Fig. 4.5.2 (A) Scheme of SEM observations. (B) HPT deformed material (N¼5), center of the

sample. (C) HPT deformed material (N¼5), 5 mm from the center of the sample. (D) HPT

deformed material (N¼5), periphery of the sample.
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well distinguishable and remain mostly equiaxed—similar to the initial material.

However, each grain is obviously strongly deformed. The α areas have uneven shade

due to the deformation contrast. The α+β phase lamellar areas remain straight in some

zones but in other areas they are already heavily deformed.

In Fig. 4.5.2C, the typical microstructure of the region 5 mm from the center of

the sample (middle radius) is shown, while Fig. 4.5.2D displays the zone near the

edge of the specimen. The areas of initial primary α grains are still visible; their

shape is elongated and they are strongly deformed. The lamellar part is also

deformed.

4.5.2.2 Refinement of Ti-15Mo alloy prepared by HPT

Ti-15Mo is a metastable β titanium alloy that can be used in biomedicine since it does

not contain any toxic elements. The so-called solution-treated condition exhibits

reduced elastic modulus due to the absence of a stiffer α phase.

The Ti-15Mo alloy was deformed by HPT employing the same procedure as the

Ti-6Al-7Nb alloy described above. The microstructure of the initial material consists

of large grains with a typical size of 50 μm. An EBSD image of the microstructure

after the initial stage of HPT deformation (N¼¼, center of the sample) is shown

in Fig. 4.5.3. Large grains present in the initial material can still be recognized. These

grains are heavily deformed (uneven color/orientation within grains), heavily

50 μm
001 101

111

Fig. 4.5.3 EBSD image of Ti-15Mo alloy deformed by HPT, N¼1/4, center of the sample.
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twinned, and, in some areas, the microstructure is clearly refined. EBSD observations

prove the activity of the common mechanism of the grain refinement consisting of

accumulation of dislocations, lattice rotation, formation of dislocation walls, and sub-

grain boundaries. Simultaneously, the activity of the twinning system {112}h111i in
the Ti-15Mo alloy is also clearly documented. Moreover, it can be seen that the

primary twins undergo additional secondary twinning. One may therefore conclude

that multiple mechanical twinning significantly contributes to the microstructure

refinement in the Ti-15Mo alloy [14].

Additional HPT straining leads to the formation of a nanocrystalline structure.

Such a structure cannot be distinguished by SEM and therefore transmission electron

microscopy (TEM) with higher resolution is employed. The heavily deformed micro-

structure typical for Ti alloys after severe deformation by HPT is shown in a bright

field TEM micrograph in Fig. 4.5.4A. The dark field image in Fig. 4.5.4B reveals

the average grain size around 100 nm.

Fig. 4.5.5 displays an image obtained by a special technique referred to as ACOM-

TEM [20], which has been rarely employed for the characterization of Ti alloys [21].

This technique is based on the reconstruction of the crystalline symmetry (phase) and

the determination of crystalline orientation from the point diffraction patterns in TEM.

A TEM with electron beam precession must be used to enhance the quality of orien-

tation indexing. The result of the measurement is qualitatively similar to an EBSD

image but the resolution is by one order of magnitude higher. The ACOM-TEM

method confirms the nanocrystalline microstructure in Ti-15Mo after HPT

deformation.

4.5.2.3 Refinement in Ti-Nb based alloys prepared by SPD
methods

β Ti alloys with a high content of β stabilizing elements that often contain other

alloying elements such as Ta or Zr are promising candidates for replacing the

Ti-6Al-4V alloy in biomedical use [22–24]. The Ti-29Nb-13Ta-4.6Zr (TNTZ) alloy
was prepared by HPT in order to enhance the strength of the material without

(A)

200 nm

(B)

200 nm

Fig. 4.5.4 Bright field (A) and dark field (B) TEM image of Ti-15Mo alloy deformed by HPT,

N¼5, periphery of the sample.
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unwanted increase of the elastic modulus [25]. TEM observations of the cold-rolled

TNTZ alloy subjected to N ¼ 5 and N ¼ 20 HPT turns showed reduction of the grain

size to 100 and 50 nm, respectively [26]. Elongated grains with a thickness of 50 nm

were formed in a simple binary biomedical alloy Ti45Nb processed by 15 HPT

revolutions. These alloys contain sufficient amounts of β stabilizing elements (Nb

and Ta) to prevent β ! α00 stress-induced martensitic transformation. Stress-induced

martensite (SIM) is formed in the early stages of plastic deformation while at high

strains the backward α00 ! β transformation occurs in addition to microstructure

refinement [27]. The formation of SIM leads to more pronounced grain refinement.

Grain sizes smaller than 50 nm can be achieved in the Ti5553 alloy, which undergoes

stress-induced martensitic transformation, while in a stable Ti-20Mo alloy, the grain

size was approximately 100 nm after equivalent HPT straining. The authors in [27]

claim that once β grains are refined to submicrometer sizes, the formation of α00
requires too high energy, resulting in backward transformation.

Because the maximum achievable equivalent strain imposed by ECAP is much

lower than the strain imposed by HPT, the minimum achievable grain sizes are larger.

In a Ti-20Nb-5Ta-2Cr alloy processed by ECAP, the grain size reduction to 1.4 μm
was reported. On the other hand, in the Ti-25Nb-5Zr-3Sn beta phase alloy with low

stability, β grains of an average size of 400 nm were formed by an identical ECAP

procedure. This difference was attributed to observed SIM and reverse SIM

transformations [28].

100 nm
001 101

111

Fig. 4.5.5 Orientation map of Ti-15Mo alloy deformed by HPT,N¼1, periphery of the sample.
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A similar alloy Ti-36Nb-3Zr-2Ta was processed by ECAP (channel angle 120

degrees) at room temperature by three and six passes and grain sizes of the β matrix

of 600 nm and 250 nm were reported, respectively. Numerous α00 laths were observed
in the microstructure due to processing at room temperature [29]. On the other hand,

the α00 SIM formation can be prevented by higher processing temperatures. A similar

Ti-35Nb-3Zr-2Ta biomedical alloy was prepared by four passes of ECAP at tempera-

tures of 500°C and 600°C [30]. The grain size determined from TEM images is

300 nm and 600 nm for pressing temperatures of 500°C and 600°C, respectively.
No traces of α00 SIM were observed.

Finally, a commercial Ti-13Nb-13Zr alloy was subjected to ECAP after previous

annealing in the α+β field. TEM images reveal the grain size in the range of hundreds

of nanometers, which was confirmed by a detailed EBSD analysis indicating the high

fraction of low-angle grain boundaries [31].

Summary

HPT is capable of decreasing grain size down to 100 nm while grain sizes after

ECAP are typically in the range of hundreds of nanometers. Grain refinement is

enhanced by mechanical twinning and stress-induced phase transformations during

SPD processing. A nanocrystalline β Ti matrix prevents the formation of α00 and ω
phases.

4.5.3 Dislocations and vacations/point defects
in biomedical Ti alloys prepared by severe
plastic deformation

4.5.3.1 Dislocation density determination by XRD

Dislocations in severely deformed material can be qualitatively observed by TEM.

However, quantitative analysis from TEM images is usually not possible due to their

high density. More often, dislocation density in heavily deformed material may be

indirectly determined by an X-ray line profile analysis (XLPA) [18]. In heavily

deformed materials, the effect of crystallite size and dislocation density on peak

broadening must be simultaneously considered.

The dislocation density in the order of 1014 m�2 was determined in the

Ti-36Nb-3Zr-2Ta alloy processed by ECAP by X-ray diffraction (XRD) methods

[29]. Dislocation density was found to increase with increasing strain imposed by

ECAP. On the other hand, in [31], the estimated dislocation density from XRD

data (from a single peak) was reported as high as 1016 m�2 in Ti-13Nb-13Zr

deformed by ECAP in the annealed α+β condition. Dislocation density is

reported to increase with ECAP straining up to four passes and followed by a

drop during subsequent straining up to eight passes. Similar behavior was also

found in Mg alloys [32].
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4.5.3.2 Positron annihilation spectroscopy

An alternative and extraordinary method for the determination of dislocation density

and also point defects and their conglomerates concentrations in deformed materials is

positron annihilation spectroscopy (PAS), which deserves a short introduction.

PAS is a nondestructive method of investigation of lattice defects in material. The

radioactive source 11
22Na decays by β+-decay during which the positron is created. This

event is accompanied by the simultaneous emission of a γ-photon of the energy of

1274 keV (the so-called start signal). The positron source is placed between two iden-

tical samples of the studied material. The high-energy positron enters the material and

reduces its energy from hundreds of keV down to kT� 0.03 eVwithin 10 ps (so-called

thermalization). Subsequently, the thermalized positron diffuses through the lattice

until it encounters an electron. Positron-electron pair annihilates by emitting two

γ-photons with the energy of 511 keV. One of these γ-photons is detected as a stop

signal by one or two detectors. The time between the start and stop signal determines

the positron lifetime. Positron lifetime was measured by a fast-fast spectrometer with a

time resolution of 150 ps [33]. The measurement of the positron lifetime is schema-

tically shown in Fig. 4.5.6.

In a defect-free lattice, the electron density is comparatively higher and conse-

quently the positron lifetime is shorter (free positron annihilation). If the material

contains open-volume defects such as vacancies or dislocations, the positron can

be trapped in the defect. The electron density around defects is lower, the probability

of annihilation of the electron and positron is also lower, and the average positron

lifetime is therefore longer. As a consequence, the mean positron lifetime correlates

with the density of lattice defects. The positron lifetime spectrum can be divided

into components associated with different lifetimes. These lifetimes are ascribed to

different types of defects [34] whereas the intensities of the components provide infor-

mation about concentrations/densities of types of defects.

Birth
γ-ray

Sample

22Na

t, Positron lifetime

b +

Eg,annih = 511 keV + Pe–

Eg,annih = 511 keV − Pe–

Fig. 4.5.6 Schematic

representation of

measurement of positron

lifetime.
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Other experimental data from the annihilation of positrons can be obtained by mea-

suring the Doppler broadening (DB), which corresponds to the difference in energies

of two γ-photons emitted after annihilation of a positron-electron pair caused by a

nonzero momentum of interacting particles. Because the momentum of a thermalized

positron is negligible, the energy broadening is given solely by the momentum of the

electron. If the positron annihilates with low-momentum valence electrons, the DB is

lower, while for the high-momentum core electrons the opposite is true. In order to

quantify this effect, the so-called S-parameter is introduced. The S-parameter is cal-

culated as the ratio of the area near the center of the Doppler-broadened peak and the

total area of the peak. The S-parameter therefore determines the proportion of the

positrons annihilated with low-momentum valence electrons. Positrons trapped in

defects annihilate with much higher probability with outer low-momentum electrons,

rather than with core electrons. Under the assumption that the nature of defects does

not change, the S-parameter correlates well with the density of defects [35].

4.5.3.3 Dislocations and vacation clusters in Ti-6Al-7Nb
and Ti-15Mo alloys

In the biomedical α+β Ti-6Al-7Nb alloy prepared by HPT, two types of defects were
found by PAS: dislocations and vacancy clusters containing typically 2–10 vacancies.
Fig. 4.5.7 shows the intensities of free positrons, dislocations, and vacancy cluster

components in the positron lifetime spectrum as a function of the number of HPT

revolutions (N). It can be observed that the dislocation density increases in the

initial stages of HPT straining while vacancy cluster concentration is rather constant.

0
0 2 4 6 8

N

10 12

t1 free positrons

t2 dislocations

t3 vacancy clusters

14 16

20

40In
te

ns
ity

 (
%

)

60

80

100

Fig. 4.5.7 Intensities of free positrons, dislocations, and vacancy cluster components in the

positron lifetime spectrum of the Ti-6Al-7Nb alloy as a function of the number of HPT

revolutions (N).
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In samples subjected to a higher degree of HPT straining (N>½), the concentration of

defects cannot be determined because of saturated positron trapping, which leads to

the disappearance of the free positron component. Taking into account the ratio

between dislocation and vacancy cluster intensities, the dislocation density of the

order of 1015m�2 and simultaneously the concentration of vacancy clusters of at least

15ppm [36] were determined. Note that dislocation density might increase during

further HPT processing. If this occurs, the concentration of vacancy clusters must

increase proportionally.

Contrary to α+β Ti-6Al-7Nb alloy, in the β Ti-15Mo alloy deformed by HPT under

comparable conditions, vacancy clusters were not found. The positron lifetime spectra

of Ti-15Mo samples after HPT (N¼3, 5, 10) can be well fitted by two components—a

free positron component and a dislocations component. The dislocation density was

calculated from these intensities using a two-state single-trapping model [35]. Esti-

mated dislocation density at the center of the sample and at a distance r¼7 mm from

the center is shown in Fig. 4.5.8 (asterisk symbols). DB was measured along the sam-

ple radius with the step of 1 mm. Resulting S-parameter values are dimensionless but

they can be calibrated using results from lifetime spectra and dislocation density can

be calculated from the S-parameter values. The overall evolution of the dislocation

density as a function of the distance r from the center of the sample for three different

samples (N¼3, 5, 10) is depicted in Fig. 4.5.8. It can be observed that the dislocation

density in the β phase increases with increasing equivalent strain. No saturation was

reached even in heavily deformed conditions.

Summary

SPD processing significantly increases the dislocation density. Apart from TEM and

XRD, PAS provides a valuable tool for the determination of dislocation density and

concentration of vacancies and vacancy clusters in heavily deformed UFG materials.
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In the α+β alloy after HPT, vacancy clusters were found along with dislocations while
in the β phase only high dislocation density was resolved.

4.5.4 Mechanical properties of UFG biomedical Ti alloys

Despite the fact that this chapter focuses on the microstructure of UFG biomedical

materials, the microstructure determines the mechanical properties. Due to the limited

size of the samples, especially after HPT, microhardness measurements are often

used for the estimation of material strength. Microhardness of the Ti-6Al-7Nb alloy

reported in [36] increases from 330 to 400 HV due to HPT deformation. The most

pronounced increase is observed in the early stages of deformation while micro-

hardness saturates at very high strains εvon Mises>50. Fig. 4.5.9 shows the micro-

hardness variation on the disk sample surface in the Ti-15Mo alloy processed by

the different number of HPT revolutions using color-coded graphs.

The microhardenss of the Ti-15Mo alloy in the β solution treated condition may be

increased from 310 to more than 450HV by HPT. This value exceeds the micro-

hardness of commercially aged α+β material. Enhanced microhardness corresponds

to the increased dislocation density and microstructure refinement [37].

Microhardness values of 220 and 300 HV in the Ti-29Nb-13Ta-4.6Zr alloy pre-

pared by cold rolling and cold rolling + HPT, respectively, were reported in [25].

Microhardness heterogeneity over HPT samples correlates with heterogeneous

grain refinement. Tensile tests carried out using small samples cut from HPT disks

of the same alloy showed that the yield stress increased from 550 MPa (cold-rolled

material) to 800 MPa (material after cold rolling and N¼5 HPT revolutions).

10
N = 1/4 N = 1/2 N = 1

520,0
500,0
480,0
460,0
440,0
420,0 HV
400,0
380,0
360,0
340,0
320,0
300,0

N = 3 N = 5 N = 10

5

0

R
 (

m
m

) 5

10

Fig. 4.5.9 Microhardness of the Ti-15Mo alloy processed by HPT.
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On the other hand, the elongation to fracture for UFG material was only 7% [26].

Similar results were achieved in the Ti45Nb alloy, in that the strength increased

from 400 to 1000 MPa due to HPT but elongation decreased to approximately

10% [38]. In other reports, the effect of grain refinement on strength is obscured

by phase transformations. In the Ti-35Nb-3Zr-2Ta alloy processed by ECAP at

500°C, the ultimate tensile strength is enhanced from 500 to 765 MPa but the yield

stress remains as low as 400 MPa due to the SIM α00 that forms during the tensile

test at room temperature [30]. On the other hand, in the Ti-35Nb-3Zr-2Ta alloy

processed by ECAP at room temperature, the α00 martensite is already present after

ECAP pressing. After six passes of ECAP, an increase of the yield stress of pre-

viously hot-extruded material from 360 to 670 MPa and of ultimate tensile strength

from 500 to 750 MPa were reported. However, the effects of grain refinement and

strengthening by α00 martensite cannot be separated [29].

4.5.4.1 The effect of UFG microstructure on elastic modulus

The elastic modulus is a key issue in designing new biomedical alloys. However

the direct effect of the UFG microstructure on the elastic modulus remains

unresolved due to concurrently occurring phase transformations that prevent the

determination of the direct effect of grain size. Furthermore, any alterations in

crystallographic texture affect the elastic modulus of polycrystalline β matrix

due to the elastic anisotropy of β single-crystals [39]. In general, any open volume

defects such as dislocations, vacancies, grain boundaries, and nonequilibrium grain

boundaries [40] should reduce the macroscopic modulus of elasticity [41], but this

effect might be very low [42].

In a comparatively more β-stabilized Ti-29Nb-13Ta-4.6Zr alloy, the elastic modu-

lus determined from tensile stress-strain curves increased from 60 to 64 GPa after the

initial stages of HPT straining and upon further deformation the value of elastic modu-

lus returned back to 60 GPa [26]. Nevertheless, these differences might be within the

experimental error or might be caused by local texture changes. A Ti-35Nb-3Zr-2Ta

alloy produced by ECAP at 500°C exhibits a comparable elastic modulus of

59 GPa [30].

In less β-stabilized alloys, the martensitic α00 phase or even the ω phase may

form during SPD processing. Both these phases have a higher elastic modulus than

β phase [39]—and their effect on the elastic modulus reduction is therefore

adverse.

The Young’s modulus of the Ti-15Mo alloy deformed by HPT was evaluated by

the resonant ultrasound spectroscopy (RUS) [43,44]. RUS measurement allows the

determination of the Young’s modulus with high precision (� 1 GPa). The initial

stages of HPT deformation led to an increase of the elastic modulus while further

straining resulted in elastic modulus reversion. The initial increase of the elastic

modulus was attributed to the deformation induced ω phase [45], which subsequently

reverts to the β matrix [46] (Table 4.5.1).
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Summary

Microstructural refinement and increased dislocation density significantly increase

the microhardness and strength but simultaneously decreased the elongation to frac-

ture. High strength significantly improves the applicability of low-modulus biome-

dical β Ti alloys. Microstructure refinement itself does not influence the elastic

modulus. On the other hand, the elastic modulus might be significantly increased

by phase transformation occurring during SPD processing.

4.5.5 Microstructural stability and phase
transformations in UFG biomedical Ti alloys

4.5.5.1 Microstructure stability in commercially pure Ti and
biomedical Ti alloys

The application of the biomedical materials in a human body is obviously at the

temperature of 37°C. None of the UFG Ti materials would recover or recrystallize

at this temperature. However, for processing of specific products for biomedical

use (e.g., hip implants), hot-forming procedures are often used. Possible recovery

and recrystallization may significantly deteriorate mechanical properties. Therefore,

the investigation of microstructure stability is of primary importance.

Thermal stability of UFG commercially pure Ti Grade 4 prepared by ECAP during

linear heating (5°C/min) was evaluated by postmortem SEM observations. The micro-

structure after heating to 440°C and 640°C is shown in Fig. 4.5.10A and B, respec-

tively. The specimens were water quenched after reaching the temperature during

linear heating with the rate of 5°C/min. Heating to 440°C does not cause any visible

changes when compared to material after ECAP (not shown here). On the other

hand, heating to 660°C led to extensive grain growth, which resulted in a significant

microhardness decrease [47]. These results are consistent with other studies [19,48].

The thermal stability of UFG biomedical Ti-6Al-7Nb was studied in a similar man-

ner. Fig. 4.5.11A and B show SEM observations of microstructure after linear heating

to 440°C and 660°C, respectively. Heating to 440°C again does not show signs of

recovery or recrystallization while heating to 660°C led to the recrystallization of

α grains and the globularization of β phase particles. The adverse effect of heating

Table 4.5.1 Young’s modulus of the Ti-15Mo alloy after a different
number of HPT turns

Young’s modulus E (GPa)

Center Periphery

Ti-15Mo ST 91.0

Ti-15Mo N¼1 98.1 92.8

Ti-15Mo N¼5 96.6 91.4
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to 660°C on microhardness was negligible [47]. The microstructural stability of UFG

Ti-6Al-7Nb extends to higher temperatures (or longer annealing times) when com-

pared to UFG CP Ti.

As mentioned in [30], the grain size of Ti-Nb-Zr-Ta-based alloys depends on the

temperature of ECAP processing. This suggests that thermally activated recovery and

recrystallization processes may already occur during SPD at elevated temperatures.

The thermal stability of the UFG Ti-25Nb-3Zr-3Mo-2Sn biomedical alloy prepared

by ARB extends to 500°C for short annealing times and only to 400°C for longer

annealing as reported in [49], which is one of very few comprehensive studies

discussing this issue.

4.5.5.2 Phase transformations in UFG β alloys

Phase transformations in metastable β alloys represent a broad topic even if we focus
on biomedical alloys only. The aim of this short section is to stress a few peculiarities

of phase transformations in UFG biomedical Ti alloys. The high volume fraction of α00
martensite after ECAP pressing at room temperature is reported in [29], while no α00
martensite is observed after ECAP at 500°C, 600°C, or 700°C in an almost identical

5 μm 5 μm(A) (B)

Fig. 4.5.11 (A) CP Ti—heated to 440°C. (B) Ti-6Al-7Nb—heated to 660°C.

5 μm 5 μm(A) (B)

Fig. 4.5.10 (A) CP Ti—heated to 440°C. (B) CP Ti—heated to 640°C.
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alloy [30]. Increased pressing temperature prevents the formation of α00 martensite,

which is consistent with the nonequilibrium phase diagram of TiNb-based metastable

β alloys. The α00 martensite may form in the early stages of ECAP deformation and

subsequently transform back to beta during continued deformation, as suggested in

[29]. The relation between the UFG structure after ECAP and the formation of α00
SIM phase during a tensile test at room temperature is discussed in [30]. The amount

of SIM and its effect on pseudoelastic behavior depend significantly on the tempera-

ture of previous ECAP processing, therefore on a particular microstructural UFG

condition.

In less β-stabilized alloys, even deformation-induced ω phase may form as

suggested in Section 4.5.4.1. Bulk nanocrystalline omega phase is formed by HPT

in Ti-16.1Nb alloy withω grain size of�100 nm. Despite UFG structure and very high

hardness, the material is not in a favorable microstructural condition for biomedical

applications due to the high elastic modulus of 110 GPa, which is not significantly

reduced even by subsequent annealing [50]. On the other hand, HPT deformation

of Ti-45Nb does not lead to any phase transformation and elastic modulus remains

low (60 GPa) while HPT processing increases the microhardness by 60% when

compared to the initial extruded material [51]. It is well known that α grains in meta-

stable β alloys preferentially precipitate heterogeneously at grain boundaries (grain

boundary α) [52,53,54]. In coarse-grained materials, these GB α particles are large

and do not positively contribute to mechanical properties.

On the other hand, in UFG materials, grain boundaries form dense network. As a

result, heterogeneously precipitated α particles at grain boundaries are small,

equiaxed, and homogeneously distributed. Such microstructure is reported in [55]

where GB α particles have sizes in the range of hundreds of nanometers in a

Ti-20Mo alloy after HPT (N¼10 passes) and subsequent annealing at 550°C/1 h.
A similar submicrocrystalline microstructure was observed by the authors of this

chapter after annealing of Ti-15Mo alloy deformed by HPT at 500°C/4 h as displayed

in Fig. 4.5.12.

1 μm

Fig. 4.5.12 Ti-15Mo alloy

deformed by HPT and annealed at

500°C for 4h.
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Summary

UFG structure is not thermodynamically stable and undergoes recovery and recrystal-

lization at elevated temperatures. Thermal stability must be considered during

manufacturing of products from the UFG material. UFG structure in biomedical Ti

alloys is stable usually up to 450°C. It may be exposed to even higher temperatures

for a limited time. SIM α00 phase and ω phase may form during SPD processing. UFG

structure can be used for the precipitation of small, equiaxed, and homogeneously

distributed grain boundary α particles.

4.5.6 Applicability of UFG Ti and Ti alloys
as orthopedic implants

4.5.6.1 Size matters

Products prepared by SPD usually suffer from limited sizes. The typical diameter of

the channel in the ECAP die is 10 mm; plates resulting from ARB have a thickness

of few millimeters and HPT samples are coin-sized. This is clearly insufficient for

highly demanded implants of big joints (hip and knee). On the other hand, many other

small-sized devices (such as plates, fixations, screws, or dental implants) might be

successfully manufactured from UFG materials.

4.5.6.2 Structural stability matters

Hot-forming procedures are cost efficient for product manufacturing. The thermal

stability of the material must be carefully assessed and, in some cases, the standard

commercial processes should be changed when utilizing UFG materials. On the other

hand, the need for thermally stable material opens new challenges in alloy design.

Special alloy designs with solute atoms or particles pinning grain boundaries are

yet to come. SPD materials themselves are much more expensive than common mate-

rials and this disadvantage must be more than outweighed by improved functional

properties to achieve commercial breakthrough.

4.5.6.3 Hip implant made from UFG Ti-6Al-4V prepared
by large-scale ECAP

In order to overcome the size effect, the research team at the University in Ufa, Russia,

up-scaled the ECAP device to produce rods of CP Ti and Ti-6Al-4V with a diameter of

55 mm. In Fig. 4.5.13, the semiproduct for hip implant manufacturing is shown. This

semiproduct is made from UFG Ti-6Al-4V alloy prepared by ECAP and subsequent

rolling and bending. The dimensions are sufficient for implant manufacturing by

common wire cutting and machining. Recent results showed that the fatigue perfor-

mance of the implant made of UFG Ti-6Al-4V under standardized testing conditions

significantly exceeds that of the commercial Ti-6Al-4V material. This opens a new
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application potential of this material. Firstly, a new design of hip implants will be pos-

sible due to outstanding fatigue performance. Secondly, CP Ti would be capable of

substituting the Ti-6Al-4V alloy because its mechanical properties can be signifi-

cantly improved by grain refinement. And thirdly, and most importantly, the highly

biocompatible biomedical low-modulus alloys may gain sufficient strength and

fatigue performance to surpass both Ti-6Al-4V and CP Ti.
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Mechanical Properties and Dislocation Structure Evolution
in Ti6Al7Nb Alloy Processed by High Pressure Torsion

MILOŠ JANEČEK, JOSEF STRÁSKÝ, JAKUB ČÍŽEK, PETR HARCUBA,
KRISTÍNA VÁCLAVOVÁ, VERONIKA V. POLYAKOVA, and IRINA P. SEMENOVA

Ultrafine-grained biocompatible Ti-6Al-7Nb alloy was produced by high pressure torsion
(HPT). Lattice defects—vacancies and dislocations—investigated by positron annihilation
spectroscopy, observations by scanning electron microscopy, and microhardness evaluation are
linked to the strain imposed by different numbers of HPT revolutions and to the distance from
the specimen center. Positron annihilation spectroscopy showed significant increase of dislo-
cation density and concentration of vacancy clusters after ½ of the HPT revolution. Microh-
ardness increases by 20 pct with increasing strain, but it is heterogenous due to duplex
microstructure. The heterogeneity of the microhardness increases with increasing strain, sug-
gesting that a heavily deformed and fragmented a+ b lamellar microstructure is more hardened
than primary alpha grains. The defect structure is homogenous after ½ HPT revolution, while
the microhardness becomes homogenous after 3 HPT revolutions only.

DOI: 10.1007/s11661-013-1763-2
� The Minerals, Metals & Materials Society and ASM International 2013

I. INTRODUCTION

FOR several decades, titanium alloys have been
the most used material for load-bearing orthopedic
implants.[1] Their unique combination of properties
includes extreme corrosion resistance, relatively high
strength, sufficient biocompatibility, and moderate elas-
tic modulus.[2] Commercially pure titanium is used in
some dental and orthopedic applications mainly due to
its excellent biocompatibility. However, limited strength
(up to 500 MPa) disallows using commercially pure
titanium as a material for orthopedic endoprostheses,
which constitute a majority of the market of metallic
implants. The most commonly used one is still one of the
oldest Ti alloys—Ti-6Al-4V—that belongs to the
alpha+beta alloys. Despite the generally good proper-
ties of this alloy, there are several limitations. A special
concern relates to the presence of vanadium which is
considered to be a toxic element. A similar alpha+beta
Ti alloy Ti-6Al-7Nb has been developed to avoid the
adverse effect of vanadium.[3,4] Ti-6Al-7Nb alloy has
similar mechanical properties and undergoes a similar
phase transformation as the common Ti-6Al-4V alloy.

The mechanical and other essential properties deter-
mining the application of titanium alloys may be
improved by refining the grain size to the submicrometer

or even nanometer level. A variety of special techniques
are used for the production of bulk ultrafine-grained
(UFG) materials, e.g., equal channel angular pressing
(ECAP),[5] high pressure torsion (HPT),[6,7] accumula-
tive roll bonding (ARB),[8] twist extrusion,[9] or multi-
directional forging.[10] Among these techniques, which
introduce severe plastic deformation (SPD) in the
material, HPT provides an opportunity for achieving
exceptional grain refinement often to the nanometer
level in many FCC and HCP metals and alloys.[11] Due
to the fundamentally non-homogenous deformation by
HPT, important properties evolve with the number of
HPT revolutions and with the distance from the
specimen center. HPT therefore allows getting funda-
mental knowledge of the evolution of the structure
refinement and the nature of physical strengthening.
The aim of this study is therefore twofold:

(a) to fabricate the ultrafine-grained structure in the
Ti-6Al-7Nb alloy by HPT and

(b) to characterize its microstructure features, the lat-
tice defect evolution, and mechanical properties

In addition to high resolution scanning microscopy
and microhardness measurements, positron annihilation
spectroscopy (PAS) was used to evaluate the spatial
distribution of lattice defects. Our previous investiga-
tions proved the feasibility of PAS to determine the
lattice defect structure in UFG materials.[12–15]

II. MATERIAL AND EXPERIMENTAL
METHODS

Hot-rolled rods of the Ti-6Al-7Nb ELI (IMI 367)
alloy for medical application, 20 mm in diameter,
manufactured by TIMET were used for the investigation.
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The chemical composition of the alloy was the following:
Ti—basic; Al—6.17 pct; Nb—7.05 pct; Fe—0.14 pct;
O—0.17 pct; C—0.01 pct; N—0.03 pct; and Ti—balance.
The beta-transus temperature according to the material
certificate was 1278 K (1005 �C).

Samples in the initial condition were subjected to
thermal treatment (TT), including incomplete quenching
from 1258 K (985 �C) (20 K below the beta-transus
temperature) to room temperature followed by anneal-
ing at 973 K (700 �C) for 4 h. The microstructure of the
as-received and TT conditions was observed using a
light microscope Olympus GX51.

For the HPT process, samples 20 mm in diameter and
2 mm thick were cut from the thermally processed rods
by the electrospark method. The sample surface was
polished before deformation. During the HPT, the
sample was placed between the anvils with a groove of
0.8 mm and pressed under an imposed pressure of
6 GPa. The lower anvil was rotated, and the sample was
deformed by shear under the surface friction. The use of
the groove excludes sliding of the sample during torsion.
Torsion was performed with the rotation speed of
0.5 rpm at room temperature, and a series of specimens
after 1/4, 1/2, 1, 3, 5, and 15 rotations were processed.

The high resolution scanning electron microscope FEI
Quanta 200 FEG operated at 20 kV was employed for
detail investigation of UFG microstructure of the
specimens after HPT (10 kV was used to enhance the
image contrast in some cases). Back-scattered electron,
Z-contrast, and channeling contrast were used for
revealing the different microstructural features in the
UFG specimens.

An automatic microhardness tester Qness Q10a was
used for the evaluation of microhardness variations
throughout the surface of specimens after HPT. More
than 1000 indents were applied in a square grid with
higher density near the specimen center. As a result,
more than 100 indents within each ring of 1 mm width
were applied.

Lattice defect density variations in individual speci-
mens after HPT were determined by PAS. A Na2CO3

positron source with an activity of 1.2 MBq deposited on
an approx. 2-lm-thick Mylar foil was used for positron
annihilation studies. The source contribution represent-
ing a contribution of positrons annihilated in the
22Na2CO3 spot and the covering mylar foil consisted of
two weak components with lifetimes of 0.368 and 1.5 ns
and relative intensities of 8 pct and 1 pct, respectively.
Positron lifetime (LT) measurements were carried out
using a high resolution digital spectrometer.[16] The
detector part of the digital LT spectrometer consists of
two Hamamatsu H3378 photomultipliers coupled with
BaF2 scintillators. Detector pulses are sampled by two
ultrafast Acqiris DC211 8 bit digitizers at a sampling
frequency of 4 GHz. The digitized pulses are acquired by
a PC and analyzed off-line by software using a new
algorithm for integral constant fraction timing.[17] The
time resolution of the digital LT spectrometer was 145 ps
[full width at half maximum (FWHM) of the resolution
function for 22Na positron source]. At least 107 annihi-
lation events were accumulated in each LT spectrum.
Decomposition of LT spectra into exponential compo-

nents was performed by a maximum likelihood code
described in Reference 18.

III. RESULTS

A. Light Microscopy

The coarse-grained Ti-6Al-7Nb alloy was received as
hot-rolled rods having a duplex structure with grains of
the primary a-phase (light area) of an average size of 5.3
lm and a volume fraction of 66 pct distributed in the
a+ b matrix (dark area), see Figure 1.
One of the authors, Polyakova, has shown recently[19]

that in order to create the homogeneous UFG structure
by the ECAP method, it is effective to enhance the
fraction of the thin-plate b-transformed structure, the
fragmentation of which occurs easier in the process of
SPD. It is also necessary to preserve the fraction of the
primary a phase (usually about 20 pct)[20] in the
microstructure in order to provide sufficient ductility.[21]

In this paper, such a microstructure was obtained by the
TT described in the previous section. The structure after
TT is characterized by homogeneous distribution of the
globular primary a grains in the a+ b lamellar micro-
structure—see Figure 2. The volume fraction and the
average size of the a phase were 18 pct and 5.3 lm,
respectively. The packages of a-phase plates with the
average cross size of 330 nm formed in the position of
the former martensite occupy about 80 pct of the
structure.

B. SEM Observations

The microstructure of the as-pressed specimen (i.e.,
the specimen compressed between the anvils by a
pressure of 6 GPa, but without any rotation) and the
specimen prepared by HPT (5 revolutions) was observed
by SEM using back-scattered electrons.

1. As-pressed (N = 0) material
Figure 3 shows the detailed micrograph of the as-

pressed material. The contrast of the picture is given by
a chemical composition—so-called Z-contrast. Darker

Fig. 1—Light microscopy image of as-rolled Ti-6Al-7Nb cross
section.
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equiaxed grains are primary alpha grains.[20] Within
those grains, two chemically different regions can be
distinguished. The interior parts of the grains contain
more aluminum and less niobium (see Table I) and
therefore appear darker. Diffusion of alpha-stabilizing
aluminum and beta-stabilizing niobium must have
occurred during thermal processing. The white parts
are beta phase particles that are either between primary
alpha grains or elongated between alpha lamellae. The
resulting microstructure is known as bimodal or duplex.
It must be also noted that alpha grains are known to be
softer than lamellar areas.[21,22]

Figure 4 is an overview SEM image. Two types of
contrast are present: the above-discussed Z-contrast and
also the channeling contrast (grains with different orienta-
tions may have different contrasts due to different absorp-
tion of back-scattered electrons). Thewhite arrows point to
the two adjacent alpha grains with different shades, which
are caused by their different orientations only. More
interestingly, channeling contrast allows the observation

of different families of parallel lamellae formed in the
original beta grain during cooling from the beta region[23]

(illustrated by black arrows in two different grains).
The chemical composition was determined by energy

dispersive x-ray scattering (EDX). The results are
presented in Table I. Note that the results from the
EDX may be used only for mutual comparison of
different measurements by this method. However, they
cannot be quantitatively compared to the results of
other methods. Firstly, the average chemical composi-
tion was evaluated by x-ray signal acquisition over a
sufficiently large area so that the composition is aver-
aged over all microstructural features. The chemical
composition slightly differs from the nominal composi-
tion of the Ti-6Al-7Nb alloy, proving the qualitative
character of these results only. Secondly, the chemical
composition was locally measured near the edge and in
the interior of alpha grains and in beta particles. The
presented results are average values from three different
points, but those data should be taken as qualitative
only, especially for the beta phase where the beta
particle size is comparable to the interaction volume of
the electron beam.

2. Material after HPT (N = 5)
Figure 5 shows the microstructure of the center of the

specimen after 5 revolutions. Alpha grains are well
distinguishable and their shape is mostly round—similar

Fig. 2—Light microscopy image of Ti-6Al-7Nb after TT.

Fig. 3—As-pressed sample (N = 0), detail SEM image (back-scat-
tered electrons, Z-contrast).

Table I. Chemical Composition of Different Microstructural

Features, Measured by EDX

Weight
Percent Average Alpha—Edge Alpha—Int. Beta

Ti 83.0 83.2 85.1 75.7
Al 8.6 8.5 10.0 6.4
Nb 8.5 8.3 4.9 16.4
Fe 0.0 0.0 0.0 1.4

Fig. 4—As-pressed sample (N = 0), an overview SEM image.
Arrows point to the areas with different channeling contrast.
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to the original material. However, each grain is obvi-
ously strongly deformed (uneven shade within grain).
Alpha+beta phase lamellar areas remain straight in
some zones—similar to the as-pressed material—but in
other areas, they are already heavily deformed.

Figure 6 shows the typical microstructure of the area
that is 5 mm from the center (see scheme in Figure 7). A
more deformed microstructure can be observed. Alpha
grains are still visible, but their shape is altered due to
strong deformation. Each alpha grain is also internally
deformed and the whole lamellar part is also deformed.

The microstructure of the zone near the edge of the
specimen after 5 revolutions is shown in Figure 8. An
even more deformed structure with clear directionality
along the direction of deformation (left to right) is seen.
However, the original alpha grains are still recognizable.

C. Microhardness

Figure 9 shows the microhardness line profiles, i.e.,
the microhardness variations with the distance from the
specimen center toward its edge, in samples subjected to
different numbers of HPT revolutions. Each point is an
average calculated from more than 100 indents. Error
bars show standard deviations. The low precision of
measured data is given only by the heterogeneity of the
material. Measurement precision is higher by more than
one order of the magnitude. Locally heterogeneous
microhardness might be associated with heterogenous
microstructure; more specifically, the hardness may
differ for an indent (with diagonals of approx. 50 lm)
in the lamellar area and for another one placed in the
alpha grains that are softer.
The results of themeasurements indicate that there is a

significant increase of microhardness with increasing
number of revolutions until N = 3. On the other hand,
no significant increase of microhardness with distance
from the center of the specimen is observed. Some
increase is seen only for N = 1/4 and N = 1/2.
For N = 3 and higher strains, the microhardness is

Fig. 5—HPT-deformed material (N = 5), center of the sample.

Fig. 6—HPT-deformed material (N = 5), 5 mm from the center of
the sample.

Fig. 7—Scheme of SEM observations.

Fig. 8—HPT-deformed material (N = 5), edge of the sample.
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homogenous over the whole specimen, which is a
favorable result for any potential application, e.g., in
microforming technology such as MEMS,[23] microge-
ars,[24] microcups,[25] heat exchangers,[26] etc. Finally, an
increase in microhardness at the edge of the as-pressed
(N = 0) specimen is due to material outflow from
underneath the pressing anvils, which effectively causes
plastic deformation accompanied with microhardness
increase. A similar effect was also observed in other
materials.[27]

D. Evolution of Lattice Defects with Strain Due to HPT
(Positron Annihilation Spectroscopy)

Figure 10 shows the dependence of the mean positron
lifetime on the radial distance r from the center of the
sample subjected to various numbers N of HPT revo-
lutions. In the sample, which was only pressed without
any HPT straining (N = 0), the mean lifetime at the
periphery (r ‡ 6) is remarkably higher than in the center
of the sample, which might be caused by material
flowing out of the area of pressing anvils.

HPT straining causes a significant increase of the
mean lifetime due to defects introduced by SPD. In the
sample subjected to N = ¼ HPT revolution, the mean
lifetime is increased in the center and becomes approx-
imately constant across the whole sample. Further HPT
straining (N = ½) leads to an additional increase of the
mean lifetime, which finally saturates at the value of
�190 ps. All samples subjected to more HPT revolu-
tions (N>½) exhibit very similar mean lifetimes. The
spatial dependence of the mean lifetime across the
sample disk is approximately uniform in all samples
subjected to HPT straining (N ‡ ¼), which proves the
formation of a relatively homogeneous structure of
defects across the whole sample.

More information can be obtained from the decom-
position of positron lifetime spectra into individual
components. Figure 11 shows the dependence of the
lifetimes of components resolved in positron lifetime
spectra on the radial distance r from the center of the
sample for materials subjected to various numbers N of
HPT rotations. The spatial dependence of relative
intensities of these components is plotted in Figure 12.

One can see in Figure 11 that there are three
components in the positron lifetime spectra of the
samples studied:

(a) A short lived component with lifetime s1 < 100 ps
and relative intensity I1 represents a contribution
of free positrons annihilated in the delocalized
state, i.e., not trapped at defects. This component
was found in samples subjected to N = 0 and 1/4
HPT revolution only. In samples subjected to more
HPT revolutions (N ‡ ½), the density of defects
becomes so high that virtually all positrons are
trapped at defects and the free positron component
disappeared (saturated positron trapping).[28]

(b) A component with lifetime s2 � 180 ps and rela-
tive intensity I2. This component which dominates
in the positron lifetime spectra of all samples stud-
ied can be attributed to positrons trapped at dislo-
cations.

(c) A long-lived component with lifetime s3 � 300 ps
and relative intensity I3 comes from positrons
trapped at larger point defects with open volume
corresponding to several vacancies. These defects
were likely formed by the agglomeration of defor-
mation-induced vacancies. In order to estimate the
size of these vacancy clusters, we performed ab ini-
tio theoretic calculations of positron parameters for
vacancy clusters of various sizes in Ti. Figure 13
shows the calculated dependence of positron life-
time on the size of vacancy clusters consisting of
different numbers of vacancies. Obviously, positron
lifetime strongly increases with increasing size of
vacancy clusters and gradually saturates for large
clusters. From the comparison of calculated depen-
dence with experimental lifetimes in Figure 11, one
can conclude that the average size of vacancy clus-
ters in HPT-deformed samples corresponds to 4
vacancies.

The as-received material comprises only two compo-
nents: free positrons with the lifetime s1 = 84 ± 3 ps and
the relative intensity I1 = 17.6 ± 0.7 pct, and positrons
trapped at dislocations with the lifetime s2 = 170 ± 1 ps
and the relative intensity I2 = 82.4 ± 0.7 pct. No

Fig. 9—Dependence of the microhardness on number of HPT turns
and the distance from the center of the specimen. Fig. 10—The mean positron lifetime as a function of the radial dis-

tance r from the center of the samples subjected to various number
N of HPT revolutions.
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vacancy clusters were detected in the as-received
material.

From the detailed inspection of Figure 12, it becomes
clear that in the sample which was only pressed
(N = 0), the intensity I1 of the free positron component
decreases with increasing distance from the center of the
sample, while the intensity I3 of positrons trapped at
vacancy clusters increases. This proves that the concen-
tration of vacancy clusters at the periphery of the sample
(N = 0) is higher than in the center, most probably due
to higher deformation at the periphery where deformed
material can flow out of the area of pressing anvils. HPT
straining introduces dislocations, which are reflected by
an increase of the intensity I2. One can see in Figure 12
that I2 increases for the sample subjected to ¼ HPT
revolution, and a further increase of I2 occurs also in the
sample strained to ½ HPT revolution. In the latter
sample, the density of defects becomes so high that
virtually all positrons are trapped and the free positron
component cannot be resolved in the spectrum anymore.
With increasing torsional strain (N>½), I2 saturates
and remains approximately constant.

Moreover, one can see in Figure 12 that samples
subjected to HPT straining (N ‡ ¼) exhibit approxi-
mately uniform spatial dependence of the intensities I1,
I2, and I3 across the whole sample disk. This proves that
an almost homogeneous structure of defects across the
whole sample has already been achieved after ¼ HPT
revolution.

Since the samples subjected to HPT straining (N ‡ ¼)
do not exhibit any systematic dependence of positron
parameters across the sample except of statistical
scattering, the average lifetimes and relative intensities
were calculated by averaging of all data measured at
each sample. These averaged lifetimes and correspond-
ing relative intensities are plotted in Figure 14 as a
function of the number of HPT revolutions. From
inspection of the figure, it becomes clear that the density
of dislocations strongly increases in the beginning of
HPT straining (N< 1) and it is accompanied by a
disappearance of the free positron component. During

further deformation (N ‡ 1), the dislocation component
remains approximately unchanged. The average size of
vacancy clusters slightly decreases during HPT strain-
ing; see the upper panel in Figure 14.
In the samples N = 0 and N = ¼ where the free

positron component is present in the positron lifetime
spectra, one can determine the dislocation density qD

by application of the three-state simple trapping model
(3-STM)[29]

qD ¼
1

mD

I2
I1

1

sB
� 1

s2
þ I3

1

s2
� 1

s3

� �� �
; ½1�

where sB = 144 ps is the bulk positron lifetime in Ti[30]

and mD is the specific positron trapping rate for
dislocations, which is know to fall into the range 10�5

to 10�4 m2 s�1 for most metals.[31] For the estimation of
the dislocation density, we used the average value
mD � 0.5 9 10�5 m2 s�1. The dislocation density in the
as-received sample is qD = 1 9 1014 m�2. The disloca-
tion density in samples N = 0 and N = ¼ estimated
using the average value mD � 0.5 9 10�5 m2 s�1 is
plotted in Figure 15 as a function of the radial distance
from the center. The dislocation density in both samples
slightly increases from the center of the sample toward
the edge. The mean dislocation density in the sample
subjected to ¼ HPT revolution is 4 times higher than in
the as-received material.
The concentration of the vacancy clusters cvc in

samples N = 0 and ¼ can be estimated within 3-STM
from the expression

cvc ¼
1

nvmv

I3
I1

1

sB
� 1

s3
þ I2

1

s3
� 1

s2

� �� �
; ½2�

where nv = 4 is the average number of vacancies per
cluster and mv � 1014 s�1 is the specific positron trap-
ping rate for a vacancy.[31] The concentration of vacancy
clusters estimated from Eq. [2] for samples N = 0 and
¼ is plotted in Figure 16 as a function of the distance
from the center. Obviously, the sample which was only
pressed exhibits remarkably higher cvc at the periphery

Fig. 11—Dependence of lifetimes of individual positron components on the radial distance r from the center of the sample for materials sub-
jected to various numbers N of HPT rotations.
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compared to the center. On the other hand, the sample
subjected to ¼ HPT revolution exhibits a relatively
uniform spatial distribution of vacancy clusters. The
concentration of vacancy clusters in the sample N = ¼
is comparable with that at the periphery of the sample
which was only pressed, see Figure 16. An increase of cvc
in the center of the sample N = ¼ is obviously due to
agglomeration of vacancies created by SPD during HPT
straining.

In samples subjected to a higher degree of HPT
straining (N ‡ ½), the concentration of defects cannot
be determined because of saturated positron trapping
which leads to disappearance of the free positron
component. Taking into account that the free positron

component cannot be resolved when I1 < 5 pct and
using the ratio of intensities I2 and I3, one can estimate
that straining to N = ½ leads to an increase of

Fig. 13—Calculated positron lifetimes for vacancy clusters in Ti con-
sisting of various numbers of vacancies.

Fig. 14—Positron lifetimes (a) and corresponding relative intensities
(b) averaged over whole sample and plotted as the number of HPT
revolutions.

Fig. 12—Relative intensities I1, I2, and I3 for the free positron com-
ponent (a), the contribution of positrons trapped at dislocations (b)
and vacancy clusters (c) for samples subjected to various numbers N
of HPT revolutions plotted as a function of the radial distance r
from the center of the sample.
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dislocation density to at least 1015 m�2 and simulta-
neously to an increase of cvc to at least 15 ppm. Note
that dislocation density might increase during further
HPT processing (N>½), but it cannot be detected due
to saturated positron trapping. However, if so, then the
concentration of vacancy clusters increases in a similar
manner and the ratio of concentrations of these two
kinds of defects remains unchanged.

IV. DISCUSSION

A. Effect of Thermal Treatment

Two-step TT results in a typical duplex microstructure
consisting of round primary alpha grains and lamellar
a+ b structure. Chemical analysis proved that the
interiors of the primary alpha grains are aluminum
enriched and niobium depleted, whereas the rim of those
grains has the average composition. We assume that the
interior of the primary alpha grains having the volume
fraction of approximately 10 pct are original alpha grains
of the as-received (as-rolled) material that remain in the
material during annealing at 1258 K (985 �C). These
alpha grains started to grow during annealing at 973 K
(700 �C), but the temperature is not sufficiently high to
cause the diffusional change in the composition of the
primary alpha grains in favor of a-stabilizing elements. As

a result, the interiors of the primary alpha grains have
different chemical compositions than their rims.
Contrarily, beta particles are aluminum depleted and

strongly niobium enriched. Beta particles also include
detectable iron content. Iron is the typical impurity in Ti
alloys and even in a low content (<1 wt pct), it helps to
stabilize the beta phase.[32]

B. Relation Between Defect Structure, Microstructure,
and Microhardness

SEM observations confirm that after HPT deforma-
tion, primary alpha grains and a+ b lamellaes are
present in the microstructure. However, microhardness
measurements and PAS cannot distinguish between
those microstructural features. The approximate size
of an indent is 50 lm and therefore it is too large to
distinguish between these two regions. On the other
hand, each indentation does not represent the measure-
ment of a truly average material. The results of
microhardness are therefore heterogeneous. Interest-
ingly, the heterogeneity (represented as standard devi-
ation from the mean value) increases with increasing
strain. This suggests that the difference between hard-
ness of the alpha grains and a+ b lamellar structure
increases with increasing strain. Most probably, a+ b
lamellar structure is significantly hardened. The final
answer to this assumption may be provided by more
detailed microhardness or nanohardness measurements.
For the as-pressed sample (N = 0), the outflow of the

material between the anvils is captured by significant
increase in vacancy clusters in the periphery region, but
no increase in dislocation density occurs. Microhardness
increases significantly, proving the important effect of
vacancy hardening.[33]

The defect structure is already homogenous from
N = 1/2 HPT revolution, while the microhardness is
homogenous from N = 3 HPT revolutions only. On the
other hand, the microstructure is not entirely homoge-
nous even after N = 5 HPT revolutions. The evolution
of primary alpha grains as observed by SEM is rather
independent of the evolution of point and line defects as
evaluated by PAS. Several mechanisms like vacancy
hardening, dislocation density, and microstructure
refinement are responsible for the significant hardness
increase which is not directly related to a single
characteristic quantity.

V. CONCLUSIONS

The following conclusions can be drawn from the
presented investigations of the ultrafine-grained Ti-6Al-
7Nb biocompatible alloy prepared by HPT up to 15
revolutions:

1. Thermal treatment before HPT resulted in duplex
microstructure with chemically heterogeneous pri-
mary alpha grains having 18 pct volume fraction.
Primary alpha grains provide sufficient ductility for
SPD, whereas the major a+ b lamellar microstruc-
ture becomes more easily fragmented and hardened.

Fig. 15—Dislocation density qD in the sample, which was only pres-
sed (N = 0) and the sample subjected to ¼ HPT revolution
(N = ¼), plotted as a function of the radial distance r from the
center.

Fig. 16—The concentration cvc of vacancy clusters in the sample
which was only pressed (N = 0) and the sample subjected to ¼
HPT revolution (N = ¼), plotted as a function of the radial dis-
tance r from the center.
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2. SEM observations revealed heavily deformed pri-
mary alpha grains surrounded by significantly frag-
mented a+ b microstructure after 5 HPT
revolutions.

3. Microhardness significantly increases (from 330 to
400 HV 0.5) with increasing strain, but it is heterog-
enous due to heterogenous microstructure. Hetero-
geneity of microhardness increases with increasing
strain, suggesting that the a+ b lamellar micro-
structure is more hardened than primary alpha
grains.

4. Positron annihilation spectroscopy showed signifi-
cant increase of dislocation density (approx.
1015 m�2) and of the concentration of vacancy clus-
ters (15 ppm) after ½ of the HPT revolution.

5. The defect structure is already homogenous after ½
HPT revolution, while the microhardness becomes
homogenous after three HPT revolutions.
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13. M. Janeček, J. Čı́žek, M. Dopita, R. Král, and O. Srba: Mater.
Sci. Forum, 2008, vols. 584–586, pp. 400–45.
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Abstract. Unique in-situ electric resistivity measurement was utilized to identify microstructural 
changes in ultra-fine grained commercially pure titanium and Ti-6Al-7Nb alloy. Both materials 
were prepared by equal channel angular pressing. Changes in resistivity evolution during in-situ 
heating were compared to scanning electron microscopy observations. Both materials are stable 
up to 440°C. Further heating at rate 5°C/min causes recovery and recrystallization of UFG 
structure.  At 650°C the microstructure is fully recrystallized. High resolution in-situ electric 
resistivity measurement is capable of detecting recovery and recrystallization in UFG CP Ti and 
Ti-6Al-7Nb alloy. 

 
1. Introduction 
The importance of titanium and titanium alloys including their biomedical use is 
unquestionable [1,2]. The ultra-fine grained (UFG) commercial purity titanium (CP Ti) and 
Ti-6Al-4V alloy have already been prepared by severe-plastic deformation techniques (SPD) 
[3,4,5]. UFG commercial purity Ti and Ti alloys became known for their increased strength 
and enhanced fatigue performance [6]. Moreover, UFG materials exhibit also higher 
corrosion resistance and improved biocompatibility [7,8]. Recently, biocompatible UFG beta-
Ti alloys have also been thoroughly investigated [9,10,11,12].  
On the other hand, thermal stability of UFG microstructure in Ti and Ti alloys has been only 
rarely discussed [13,14], despite its significant importance for material processing and 
eventual low temperature superplasticity [15].  
This investigation focuses on thermal stability of UFG microstructure of commercially pure 
Ti and biocompatible Ti-6Al-7Nb alloy. Ti-6Al-7Nb alloy has been developed as a 
biocompatible alternative to the common Ti-6Al-4V alloy. It belongs to α+β alloys consisting 
of both phases at room temperature. Its beta-transus temperature is 1010 °C [16]. UFG 
microstructure was obtained by the most popular technique of severe plastic deformation - 
equal channel angular pressing.  The UFG microstructure of this alloy including its thermal 
stability was investigated by one of the co-authors [14]. The thermal treatment at 500°C is 
often used to increase the strength of Ti-6Al-4V alloy [17] and the same proved to increase 
the strength of UFG Ti-6Al-7Nb alloy [14]. The thermal stability of UFG microstructure 
around this temperature is therefore of major importance.   
 
The principal experimental method used in this study is in-situ measurement of electric 
resistivity. This method has been successfully used to investigate phase transformations in 
metastable beta Ti alloys [18]. In this paper, we focus on recovery and recrystallization of 
microstructure during linear heating. Recovery and recrystallization were studied by in-situ 
electrical resistivity measurements in copper based alloys and composites [19,20] or in NiTi 
compound [21]. To our knowledge, there was no attempt up to date to study recovery and 
recrystallization by in-situ electric resistivity measurements in UFG Ti and Ti alloys.  
 
2. Material and experimental 
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Two different materials – CP Ti and Ti-6Al-7Nb alloy were prepared by equal channel 
angular pressing using slightly different procedure. Both materials were procured from ATI 
Alvac Ltd. in as-rolled condition. 
 
2.1. Preparation of CP Ti 
The billets of CP Ti grade 4 were pressed through ECAP die having a round channel and the 
channel angle Ф = 105° and the corner angle Ψ = 20°. The diameter of the channel was 15 
mm. The temperature of the die during pressing was between 300 and 310 °C. The studied 
billets were pressed 6 times via the route BC at a constant ram speed of 1 mm/s.  The mixture 
of 1/3 MoS2 and 2/3 grease was used as a lubricant. More details about the ECAP processing 
of CP Ti be found elsewhere [22]. 
 
2.2. Preparation of Ti-6Al-7Nb alloy 
Ti-6Al-7Nb alloy was at first thermally treated to enable successful processing by ECAP. The 
thermal treatment consisted of two annealing steps. Initially annealing at a temperature just 
below β transus was applied for one hour followed by water quenching. In the second step 
annealing for 4 hours at a temperature of 780 °C was applied. The microstructure after this 
thermal treatment is standard ‘duplex’ structure consisting of 18 vol.% of primary alpha 
phase, which allows successful ECAP processing (compared to initial microstructure with 
more than 60% of primary alpha).  
The ECAP die with the diameter of 20 mm angles Φ = 120° and Ψ = 0° was employed. The 
pressing was repeated six times (6 passes) at 600°C. Finally, extrusion to 10 mm was applied 
at 300°C. More details on material and its processing can be found elsewhere [14].  
 
2.3. Experimental procedure 
Electric resistivity was measured in situ using a self-made experimental setup. DC four-point 
method and rapid commutation of current were implemented in order to minimize parasitic 
effects. By utilizing Keithley 2182A nanovoltmeters we are able to achieve measurement with 
relative error lower than 0.0001 within each measured point while obtaining about 2 points 
per second. The dynamics of microstructural changes will be thus undoubtedly revealed.  
 
The electric resistivity was measured during linear heating with the rate of 5°C/min up to 
700°C and 800°C for CP Ti and Ti-6Al-7Nb alloy, respectively. UFG conditions of both 
materials were investigated along with their annealed counterparts in which no 
microstructural transformations occurred.  
Microstructure changes in both materials were observed by high resolution scanning electron 
microscope FEI Quanta 200 FEG operated at 20 kV using backscattered electrons. 
Employing of Z-contrast allowed distinguishing α and β phases in Ti-6Al-7Nb alloy and the 
channeling contrast revealed the grain structure. The microstructure of both the as pressed 
materials and its evolution after subsequent heating were investigated. The samples for SEM 
observations were heated in the furnace with the rate of 5°C/min up to selected temperatures 
(see the section Results) and then water quenched. This heating procedure aims to mimic the 
thermal processing during resistivity measurements. Specimens were then  prepared by 
automatic grinding in Struers Accutom 50 precision cut-off machine (0.3 mm removed), 
followed by standard metallographic grinding and vibratory polishing in three 8-hour steps 
using successively 0.3 µm alumina, 0.05 µm alumina and colloidal silica. 
 
3. Results 
3.1. In-situ electrical resistivity measurements 
Fig. 1 shows the dependence of relative resistivity of CP Ti after ECAP and of the annealed 
material. The resistivity increases almost three times during heating to 700°C. Initially, the 
resistivity increases linearly, above 300°C the course slightly deviates from linearity. Small 
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difference between annealed and ECAP samples is observable. In order to see the difference 
more clearly, the first and the second derivatives were computed numerically using Savitzky-
Golay algorithm with smoothing. Fig. 2 shows the first derivative of electrical resistivity. The 
course of both curves is similar with two small deviations at about 500°C and 600°C. Those 
deviations appear as clear peaks in the plot of the second derivative of relative resistivity 
which is shown in Fig. 3. Based on the assumption that these peaks correspond to undergoing 
microstructural changes, the temperatures of 440°C, 520°C and 640°C were chosen for 
subsequent SEM observations.  
 

 

Fig. 1 Relative resistivity during heating 
5°C/min – CP Ti 

 

Fig. 2 First derivative of relative resistivity CP 
Ti 
 

 

 

Fig. 3 Second derivative of relative resistivity - CP Ti,  
temperatures chosen for SEM observations 

 
The results of resistivity measurements of Ti-6Al-7Nb alloy are processed and presented in 
the similar way. Fig. 4 shows the temperature dependence of relative resistivity for the UFG 
material after ECAP and also in the as-annealed condition. The relative resistivity increases 
only by approx. 10%, which contrasts to the CP Ti. The difference of the ECAP and as-
annealed condition is therefore well visible. The course of both curves is similar (concave) up 
to 650°C. For higher temperatures, the electrical resistivity even declines. Fig. 5 shows the 
first derivative with two distinct peaks around 500°C and 650°C for the material after ECAP. 
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The differences between the two conditions are accentuated by plotting the second derivative 
of electrical resistivity as shown in Fig. 6. The temperatures of 440°C, 550°C and 660°C were 
chosen for microstructure observation by SEM.  
 

 

Fig. 4 Relative resistivity during heating 
5°C/min – Ti-6Al-7Nb 

 

Fig. 5 First derivative of relative resistivity Ti-
6Al-7Nb 

 
 
   

 

Fig. 6 Second derivative of relative resistivity - Ti-6Al-7Nb,  
temperatures chosen for SEM observations 

 
3.2. SEM observations 
Based on resistivity measurements, four conditions were chosen for SEM observations in 
each material; namely the as-ECAPed condition and three annealed conditions – samples 
heated up to selected temperatures.  
Fig. 7 displays the microstructure of CP Ti. In Fig 7a the ultra-fine grained microstructure of 
as-ECAPed material is shown. It is a typical heavily deformed structure and the grains of the 
average size of 1 µm [3, 22]. No significant change of the microstructure was observed in the 
sample heated to 440°C, see Fig. 7b.  On the other hand, the microstructure in Fig. 7c 
(condition after heating up to 520°C) differs significantly. Individual grains are much clearer, 
which indicates that some recovery process occurred during heating between 440°C and 
520°C. Grain size is also slightly increased indicating some grain growth. The dark spots in 
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the micrograph are relicts from polishing – in fact parts of grains that fell out from the 
surface during vibratory polishing - those relicts should be excluded from the consideration. 
Microstructure in the condition after heating to the highest temperature (640°C) is shown in 
Fig. 7d. It is a completely recrystallized microstructure with grains of the average size of 
approximately of 5µm.  
 

 

Fig. 7a CP Ti – as-ECAPed condition 
 

 

Fig. 7b CP Ti – heated up to 440°C 

 

Fig. 7c CP Ti – heated up to 520°C 
 

Fig. 7d CP Ti – heated up to 640°C 
 
The microstructure of Ti-6Al-7Nb alloy after ECAP and annealed conditions are shown in Fig. 
8. In Fig. 8a the typical microstructure of the ultrafine-grained material after ECAP and 
extrusion is shown. Lower magnifications (not presented here) show that the microstructure 
can be described as duplex with approx. 20% of heavily deformed primary alpha phase and 
fragmented α + β region.  The microstructure is significantly less deformed then after 
processing by HPT [23]. Fig. 8b shows microstructure after deformation and subsequent 
heating up to 440°C. The microstructure is similar as the as ECAPed one (cf. Figs. 8a and 
8b).  Large (~5 µm) alpha grain remains heavily deformed. Surrounding α + β region is 
fragmented and contains slightly elongated beta phase particles appearing white. Fig. 8c 
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corresponds to the material heated to 550°C (after the first ‘peak’ in second derivative of 
resistivity). Detail inspection of the micrograph reveals that a negligible fraction of small 
grains in α + β region are non-deformed (clear contrast) and the higher proportion of beta 
phase particles are more equiaxed. Finally, Fig. 8d shows partly recrystallized microstructure 
of the condition heated up to 660°C containing bigger and more equiaxed beta phase 
particles.  
 
  

 

Fig. 8a Ti-6Al-7Nb – as-deformed condition 
 

 

Fig. 8b Ti-6Al-7Nb – heated up to 440°C 
 

 

Fig. 8c Ti-6Al-7Nb – heated up to 550°C 
 

Fig. 8d Ti-6Al-7Nb – heated up to 660°C 
 
4. Discussion 
 
4.1. Overall resistivity evolution 
The increase of electric resistivity of pure Ti during heating to 700°C (three times) is 
reasonable and depends on the amount of impurities, mainly the oxygen content [24]. Much 
smaller increase of resistivity (by only 10%) in Ti-6Al-7Nb alloy confirms also for Ti-alloys 
the well-known fact that the structural/compositional component in alloyed systems is of 
higher importance than the temperature dependent component [25]. 
The decrease of the resistivity in Ti-6Al-7Nb alloy above 700°C is caused by increased 
amount of beta phase. Similar alloy - Ti-6Al-4V - contains around 15% of beta phase at 750°C 
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and 20% of beta phase at 800°C and that this difference causes the decrease in resistivity 
[26]. 
 
4.2. Microstructural changes identified by resistivity measurements and SEM observations 
in CP Ti 
SEM observations of CP Ti did not reveal any microstructure change after heating to 440°C. 
It is consistent with resistivity measurements and in perfect agreement with other authors 
[13]. No thermally activated process is observable by SEM or identifiable by in-situ resistivity 
measurement in CP Ti during heating to 440°C.  
Further heating to 520°C caused significant recovery and possibly even the initial stage of 
recrystallization/grain growth. Heating up to 640°C caused complete recovery and significant 
grain growth. These processes were apparently detected by in-situ measurement of electric 
resistivity. Recovery processes were identified by electric resistivity measurements in copper 
alloys [19], copper-based composites [20] and in NiTi alloy [21]. Some differences in 
resistivity between severely deformed material and solution treated material were found in 
[27], however, only for isothermal high-temperature annealing of a beta titanium alloy. Our 
results proved that high sensitivity in-situ measurement of electric resistivity is capable of 
detecting recovery and/or recrystallization processes in temperature regions that are decisive 
for microstructure stability of UFG pure Ti.  
 
4.3. Microstructural changes identified by resistivity measurements and SEM in Ti-6Al-7Nb 
The comparison of resistivity measurements and SEM observations is less convincing in Ti-
6Al-7Nb alloy. The microstructure remains unchanged after heating up to 440°C, which is 
consistent with resistivity measurements. However, no obvious microstructure changes were 
observed in the condition after heating up to 550°C despite resistivity evolution suggests 
some microstructural transformation to occur. (Note that the sample heated up to 550°C was 
exposed to temperatures above 500°C only for 10 minutes.) The same alloy annealed at 
500°C for 1 hour showed recovery process (identified by X-ray diffraction) and the beginning 
of recrystallization (observed by TEM) [14]. Fig. 8d shows partly recrystallized structure of 
the sample heated to 660°C, which is consistent with resistivity measurements and 
observations of material annealed at 600°C for 1 hour [14]. We believe that resistivity 
measurements captured the recovery and recrystallization processes also in Ti-6Al-7Nb, 
despite that the beginning of the process cannot be unambiguously proven by SEM 
observations.  
  
4.4. Open issues and future work 
Resistivity measurements show two distinct peaks. However, recovery and recrystallization 
processes seem to operate simultaneously. The distinction between both effects might be 
revealed by isothermal annealing similarly to [21]. Microstructural observations require 
samples prepared with precise temperature control and should include TEM and/or in-situ 
microstructural observations. The possible effect of the rearrangement of beta phase particles 
during annealing of Ti-6Al-7Nb alloy on electrical resistivity remains also unclear.  
 
5. Conclusions 
The following conclusions can be drawn from this experimental study 

• In-situ measurements revealed differences in electrical resistivity between UFG and 
annealed condition obtained by linear heating of both CP Ti and Ti-6Al-7Nb alloy 

• The effects in electrical resistivity evolution of UFG condition of CP Ti were identified 
by SEM observations as recovery and recrystallization. 

• Similar effects observed in Ti-6Al-7Nb alloy occur in the range of temperatures where 
recovery and recrystallization were also identified  
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• UFG structure of CP Ti and Ti-6Al-7Nb alloy is stable up to 440°C.  
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a b s t r a c t

Biomedical Ti-6Al-7Nb alloy was prepared by a dedicated thermal treatment followed by equal-channel
angular pressing (ECAP) and extrusion. Ultra-fine grained duplex microstructure consisting of deformed
primary a-grains and fragmented a þ b region was achieved. Microstructural changes during heating
with the rate of 5 �C/min were studied by in-situ electrical resistance. Microstructure after deformation
and also after subsequent heating was thoroughly characterized by scanning electron microscopy, X-ray
diffraction, and positron annihilation spectroscopy (PAS). X-ray diffraction and positron annihilation
spectroscopy proved a very high dislocation density and the presence of high concentration of vacancy
clusters in deformed material.

The ultra-fine grained microstructure of Ti-6Al-7Nb alloy is stable up to 440 �C, while upon heating to
550 �C and to 660 �C, the dislocation density decreases and vacancy clusters disappear. Enhanced
microhardness can be achieved by ECAP followed by aging at 500 �C. Upon heating to 660 �C, the
microhardness decreases due to ongoing recovery and recrystallization. Coincidence Doppler broadening
(CDB), a special method of PAS, proved that dislocation cores are preferentially occupied by Al atoms that
are known to cause substitutional solid solution strengthening.

© 2019 Elsevier B.V. All rights reserved.
1. Introduction

Titanium alloys are the ultimate choice for load-bearing ortho-
pedic implants for big joints replacement [1]. Among them, two-
phase a þ b alloys and also metastable b Ti alloys are perspective
candidates for use in medicine [2,3]. The workhorse of the titanium
alloys industry and the most widely used titanium alloy for
biomedical applications is the Ti-6Al-4V alloy [4e6]. However, this
alloy contains vanadium that is known to be a toxic element [7].
Despite its harmful effect was not unambiguously proven, new
vanadium-free Ti-6Al-7Nb alloy was developed which contains
biocompatible niobium instead of potentially harmful vanadium
[3,8]. Niobium is, similarly to vanadium, a b-stabilizing element,
. Bartha).
even though its effect on b-transus temperature is lower [9]. As a
result, Ti-6Al-7Nb alloy has similar mechanical and physical prop-
erties and undergoes similar phase transformations as thoroughly
investigated and commonly used Ti-6Al-4V alloy [10,11].

Severe plastic deformation (SPD) methods can be used for
improving the mechanical properties of materials by microstruc-
tural refinement. Ultra-fine grained (UFG) Ti-6Al-7Nb alloy was
previously prepared by two most popular SPD methods - equal-
channel angular pressing (ECAP) [12,13] and high pressure torsion
(HPT) [14]. The UFG Ti-6Al-7Nb alloy exhibited superior mechanical
properties e namely the strength and the fatigue performance
[15,16] which can be attributed to the reduced grain size and
increased concentration of defects in this two-phase material [14].

This work focuses on the investigation of thermal stability of the
UFG microstructure and of the structure of lattice defects in the
ultra-fine grained Ti-6Al-7Nb alloy prepared by ECAP. UFG micro-
structure is characterized by the grain size <1 mm and the high
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density of dislocations. However, the UFG structure is not ther-
modynamically stable and undergoes recovery and possibly
recrystallization when exposed to elevated temperatures.

The thermal stability, i.e. the resistance of a material to ther-
mally activated processes such as changes of the density of lattice
defects, changes in crystallite size, precipitation and dissolution of
particles, element partitioning in UFG Ti-6Al-7Nb alloywas studied.
For that purpose, several experimental techniques were used. In-
situ measurement of electrical resistance during heating provided
the first insight into the recovery of the UFG structure. This method
was previously successfully used for the investigation of the phase
transformations in metastable b-Ti alloys and recovery and
recrystallization in commercially pure Ti [17e19]. The microstruc-
ture of the ECAP deformed Ti-6Al-7Nb alloy was studied by scan-
ning electron microscopy (SEM) post-mortem. Finally, lattice
defects were studied by X-ray diffraction (XRD) and positron
annihilation spectroscopy (PAS). Two different techniques of PAS
were employed: measurement of positron lifetimes [20] and
coincidence Doppler broadening (CDB) [21,22]. Measurement of
positron lifetimes enables us to identify the type and the density of
defects in the material. The chemical environment of the defects
trapping positrons in solids was inspected by CDB.

2. Experimental materials and methods

2.1. Experimental material

Thematerial in the form of a rodwith a diameter of 22mm in as-
rolled condition was supplied by ATI Alvac Ltd. The initial micro-
structure of Ti-6Al-7Nb alloy (not shown here) consists of more
than 60 vol% of primary a-phase particles. Based on previous
experience, a thermal treatment (TT) is necessary for subsequent
successful ECAP processing [15]. The thermal treatment consists of
2 annealing steps: the first annealing at the temperature just above
the b-transus (985 �C) for 1 h followed by water quenching and the
second annealing at the temperature of 780 �C for 4 h. The micro-
structure after TT may be characterized as the standard “duplex”
structure consisting of 18 vol% of primary a-phase particles with
the average grain size of 5.3 mm. This conditionwill be referred to as
the initial condition.

The ECAP die with a diameter of 20mm and channel angles of
F¼ 120� and J¼ 0� was employed. The pressing was repeated six
times (6 passes) at the temperature of 600 �C. ECAPed billets were
finally extruded to 10mmat 300 �C (hereafter for simplicity
referred to as ECAP). The total equivalent deformation imposed by
ECAP was 4 and the extrusion ratio ER¼ 4. More details about the
material and its processing can be found elsewhere [16].

2.2. Electrical resistance measurement

Electrical resistance was measured in-situ during heating of the
sample by a self-made experimental setup. The four-point method
of resistance measurement and rapid commutation of direct cur-
rent were implemented in order to minimize parasitic effects. High
precision Keithley 2182A nanovoltmeters employed for the mea-
surement of voltage and current provide very precise resistance
measurement with a relative error lower than 0.0001 within each
measured point and relatively fast acquisition rate of 2 points per
second. Samples for electrical resistance measurement were
approx. 1mm thick, 10mm wide and 15mm long plates and were
prepared using Struers Accutom-50.

The electrical resistance was measured during linear heating
with a rate of 5 �C/min up to 800 �C. The absolute resistance (R) of
the sample was measured. Note that specific electrical resistivity of
the material cannot be calculated due to the complicated shape of
the sample.
For comparison between different samples, relative resistance

was computed by the formula

Relative resistance ¼ R
R0

; (1)

where R0 is the absolute resistance of the sample at the tempera-
ture of 25 �C. ECAP sample was measured in three runs, i.e. it was
heated to 800 �C, cooled to room temperature in the furnace (un-
controlled cooling) and heated again to 800 �C; altogether three
times.

Based on the results of electrical resistance measurements (see
below in the Results section), three temperatures of interest were
selected. The samples were subsequently heated to three post-
mortem conditions 440 �C, 550 �C and 660 �C using the same
heating rate of 5 �C/min as during in-situ electrical resistance
measurements. After heating to the desired temperature, the
sample was water quenched.

2.3. Scanning electron microscopy

Microstructural changes were observed post-mortem by high
resolution scanning electron microscope Zeiss Auriga Crossbeam
operated at 10 kV using backscattered electrons. Chemical contrast
(Z-contrast) allowed us to distinguish a- and b-phases in Ti-6Al-
7Nb alloy and the channeling contrast revealed the grain struc-
ture. Specimens for SEM observations were prepared by automatic
grinding in Struers Accutom-50 precision cut-off machine (0.3mm
removed), followed by standard metallographic grinding and
vibratory polishing in three 8-h steps using successively 0.3 mm
alumina, 0.05 mm alumina and colloidal silica.

2.4. X-ray diffraction

XRD measurements were performed at room temperature post-
mortem on one ECAPed sample and one ECAPed and heated sam-
ple. XRD measurements were carried out on powder X-ray
diffractometer Bruker D8 Discover in vertical para-focusing Bragg-
Brentano geometry (2.5� Soller slits in both primary and secondary
beam and 0.5� divergence slit) with filtered copper radiation (Ni b
filter in the secondary path), CuKa radiation l¼ 0.15418 nm.
Diffraction patterns were acquired in the angular range 2q from 20�

to 135� with the step ofD2q¼ 0.04�. Themeasured X-ray diffraction
patterns were fitted using thewhole powder pattern fittingmethod
(Rietveld method) employing computer programMStruct [23]. The
X-ray measurement yielded the information about the phase
composition, the lattice parameters, the size of coherently dif-
fracting domains (crystallite size), and the dislocation density in
individual crystalline phases.

2.5. Positron annihilation spectroscopy

The lifetime of positron and coincidence Doppler broadening on
Ti-6Al7Nb alloy was measured by positron annihilation spectros-
copy (PAS). The PAS measurement was performed post-mortem
using the same samples as in XRD measurements. The 22NaCl
radioactive source deposited on a 2 mm thick mylar foil was used
and placed between two identical samples of the studied material.
Positron lifetime was measured by a digital spectrometer with a
time resolution of 145 ps (FWHM 22Na) [24]. The CDB investigations
were performed using a digital spectrometer equipped with two
HPGe detectors having an energy resolution of 0.9 keV at 511 keV
[25]. At least 108 events were collected in each two-dimensional
CDB spectrum, which was subsequently reduced into the one-



Fig. 2. Temperature dependence of the second derivative of the relative resistance of
the Ti-6Al-7Nb alloy for the initial condition and three heating runs of the ECAP
specimen. The highlighted temperatures were chosen for subsequent observations.
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dimensional Doppler profile and instrumental resolution cuts. In
order to inspect the nature of positron annihilation sites, the rela-
tive change of Doppler profile was determined as the ratio of the
measured normalized profile and normalized reference profile of
the well-annealed defect free pure Ti.

2.6. Microhardness measurement

Vickers microhardness measurements were carried out using
the automatic microhardness tester Qness Q10a. The computer
program QPix Control automatically processed and evaluated
microhardness values of individual indents. The force applied by
the indenter to the samples was 0.5 kgf and the dwell time 10 s. The
average values of microhardness, as well as standard deviation,
were computed from 20 indentations.

3. Results

3.1. Electrical resistance measurement

The temperature dependence of the electrical resistance of the
initial and ECAP material is shown in Fig. 1. The relative resistance
increases concavely and, above 650 �C, it starts to decline. The
relative increase of resistance is approximately 10%. More impor-
tantly, the difference between the initial and ECAP samples is well
visible. The ECAP curve shows a small peak at around 550 �C. In
order to accentuate the differences between both conditions, the
second derivative of electrical resistance with respect to tempera-
ture was calculated numerically and is plotted in the Fig. 2. Four
curves are shown in Fig. 2: the initial material and three runs of
ECAP sample. The second and the third run curves of ECAP sample
coincide and differ only slightly from the curve of the initial ma-
terial. On the other hand, the first run of ECAP sample significantly
differs from all other curves suggesting that non-reversible pro-
cesses must have occurred during the first heating run of ECAP
specimen. Based on these results the temperatures of 440 �C,
550 �C and 660 �C (marked also by vertical lines in Fig. 2) were
chosen for subsequent (post-mortem) characterization of ongoing
processes in the material. The above mentioned selected temper-
atures may not coincide exactly with the global extremes of the
second derivation of the electrical resistance. However, they are
consistent with the temperatures selected for microstructural
characterization of commercially pure Ti and Ti-6Al-7Nb in our
Fig. 1. Temperature dependence of the relative resistance of the Ti-6Al-7Nb alloy for
initial and ECAP conditions.
previous work [19].
3.2. Scanning electron microscopy

Note, that ECAP specimens for post-mortem SEM observations
were heated to the respective temperatures (440 �C, 550 �C, 660 �C)
using the same heating rate of 5 �C/min as during in-situ electrical
resistance measurements in order to keep the same thermal pro-
cessing regime. After reaching the desired temperature each sam-
ple was water quenched.

Fig. 3a shows the microstructure of the specimen in the initial
condition after TT. It is a typical duplex microstructure consisting of
primary a-phase grains (appearing dark) and lamellar a þ b region
inwhich a lamellae are divided by thin b-phase that appears white.
Furthermore, distinct darker and lighter areas can be distinguished
within individual primary a-grains. EDS measurement showed that
the content of Al increases by 1.5wt% in the interior of primary a-
phase grains and is reduced by 2wt% in the b-phase. The differ-
ences in Nb content are even more pronounced. The interior of
primary a grains contains less than 5wt% of Nb, while Nb content in
the b-phase exceeds 16wt%.

In Fig. 3b the typical microstructure of refined material after
ECAP is illustrated. The microstructure can be characterized as a
mixture of heavily deformed primary a-phase grains and elongated
and fragmented a þ b region. Fig. 3c corresponds to the ECAP
sample heated up to 440 �C. No significant difference from ECAP
specimen was observed (cf. Fig. 3b and c). Fig. 3d (the sample
heated to 550 �C) shows the onset of globularization of b phase
particles. Continuing b phase particles globularization and also new
bigger a-phase grains are seen in Fig. 3e (the sample heated to
660 �C). SEM micrographs in Fig. 4 compare the microstructures of
an ECAPed sample (Fig. 4a) and the sample subsequently heated to
660 �C (Fig. 4b) using higher magnification. Globularization of b

phase particles is clearly visible and defect free grains (having
uniform contrast) appear.
3.3. Crystallite size and dislocation density by X-ray diffraction
results

X-ray diffraction measurements confirmed the presence of
phases a (hcp, space group P63/mmc, #194) and b (fcc, space group
Fm-3m, #225). All studied samples contained approximately 90% of



Fig. 3. SEM micrographs of Ti-6Al-7Nb alloy in different conditions: (a) initial - after TT, (b) ECAP, (c) ECAP þ heating up to 440 �C, (d) ECAP þ heating up to 550 �C, (e)
ECAP þ heating up to 660 �C.

Fig. 4. Detailed SEM micrographs of Ti-6Al-7Nb alloy in conditions: (a) ECAP and (b) ECAP þ heating up to 660 �C.
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a-phase. The exact quantitative phase analysis was complicated
due to the presence of the rather complex preferred orientation of
crystallites (texture) caused by the ECAP and extrusion sample
processing. The evolution of refined lattice parameters and the
volume of the unit cell are shown in Fig. 5. In both phases, a and b,
the lattice parameters, as well as the volume of unit cell, continu-
ously decreased with increasing annealing temperature. The
shrinkage of lattice parameters with increasing annealing tem-
perature is a consequence of lattice defect annihilation (mainly
dislocations) during the annealing.

Dislocation density and the size of coherently diffracting do-
mains (crystallite size), were determined from peak broadening of
both a- and b-phases. The crystallite sizes were modeled using the
log-normally distributed spherical crystallites [26,27]. The mean
crystallite sizes in both phases increase with increasing terminal
temperature of heating. The most pronounced increase in crystal-
lite size is observed between 550 �C and 660 �C.

The dislocation density was determined using the Wilkens
theory and models given in Refs. [26,28]. The dislocation contrast
factors from Ref. [29] were adopted for the calculation. Dislocation
density in ECAP sample and samples after subsequent heating is
shown in Fig. 6a. In both a- and b-phases the dislocation densities
decrease with the increasing terminal temperature, whereas the
dislocation densities are in the order of rD ~1015m�2 and 1014 m�2

for a- and b-phase, respectively. Similarly to crystallite sizes, the
most pronounced change in the dislocation density is observed



Fig. 5. Evolution of the lattice parameters (a) a and (b) c of the a-phase and (c) the parameter a of the b-phase, and (d) evolution of the unit cell volumes of a- and b-phases. Of the
ECAP sample with subsequent heating to 3 temperatures.

Fig. 6. Evolution of the (a) dislocation density and (b) crystallite size of the ECAP sample with subsequent heating.
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between 550 �C and 660 �C.

3.4. Evolution of lattice defects with annealing of the material (PAS)

The defect structure of Ti-6Al-7Nb alloy after ECAP and subse-
quent heating to selected temperatures was investigated by mea-
surements of positron lifetimes (LT) and coincidence Doppler
broadening (CDB).

Information about defects in the material can be obtained from
the decomposition of the LT spectrum. The lifetimes and intensities
provide information about the type and density/concentration of
lattice defects, respectively. Two types of defects: dislocations and
vacancy clusters were identified in the studied material. The tem-
perature dependence of positron lifetimes and intensities of the
two components is shown in Fig. 7a and b, respectively.

The ECAP sample exhibits so-called saturated trapping in two
types of defects: dislocations and vacancy clusters. Saturated
trapping refers to the situation when short-lived component cor-
responding to the annihilation of free positrons is negligible and
virtually all positrons are trapped in defects before annihilation
[30]. The component with lifetime ~170 ps represents a contribu-
tion of positrons trapped at dislocations. The long-lived component
with the lifetime ~260 ps can be attributed to positrons trapped at
vacancy clusters. If the saturated trapping in defects occurs one can



Fig. 7. Temperature dependence of (a) positron lifetimes and (b) the intensities of the individual exponential components resolved in positron lifetime spectra of the ECAP and
annealed specimens.
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claim that the average dislocation density in the ECAP sample is
higher than rD ~5� 1015 m�2 and the concentration of vacancy
clusters is higher than cV ~20 ppm (see Table 1). From comparison
of the lifetime ~260 ps with theoretical calculations of positron
lifetimes for vacancy clusters of various sizes in Ti [31] one can
conclude that vacancy clusters in the ECAP sample are composed of
two to three vacancies.

During heating to 440 �C vacancy clusters merge into larger
objects (clusters) characterized by increased lifetime of 500 ps (see
Fig. 7a). Simultaneously, their concentration decreases significantly
(cf. Fig. 7b). The increase of dislocation component after heating to
440 �C observed in Fig. 7b is only relative and is caused by a sig-
nificant decrease of concentration of vacancy clusters. Evolution of
dislocation density during heating to the terminal temperature of
440 �C cannot be assessed from this measurement.

After heating to 550 �C, the further decline of the concentration
of vacancy clusters takes place. The density of dislocations
decreased as well and the free positron component appeared in the
spectrum (relative intensity of the free positron component ex-
ceeds 5%). Heating to 660 �C leads to a further decrease in dislo-
cation density and disappearance of the vacancy clusters
completely (the relative intensity decreases below 5%). The abrupt
decrease of the density of defects indicates a partial recrystalliza-
tion of the material.

The concentration of defects (i.e. density of dislocations and
concentration of vacancy clusters) can be estimated from the sim-
ple trapping model (STM) [20] when the free positron component
is present

rD ¼ ID
nD

 
1
tf

� 1
tD

!
; (2)

where tf is the lifetime component of free positrons, tD is the
lifetime component attributed to the positrons trapped at dislo-
cations, ID is the intensity of the positrons trapped at dislocations
and nDz 0.5� 10�4 s�1m2 is the specific positron trapping rate for
Table 1
Dislocation density rD and the concentration of vacancy clusters cV of the ECAPand
annealed samples of Ti-6Al-7Nb alloy calculated using the STM.

rD (1015m�2) Cv(ppm)

ECAP sample >5 >20
ECAP sample heated up to 440�C >5 1.58
ECAP sample heated up to 550�C 2.05 0.26
ECAP sample heated up to 660�C 1.6 0
dislocations [32]. Obtained results are summarized in Table 1.
Dislocation density significantly decreases between 440 �C and
550 �C but even after heating to 660 �C the sample still contains
relatively high dislocation density rD ~2� 1015 m�2. The concen-
tration of vacancy clusters can be calculated from STM as well

cV ¼ IV
n$nV

 
1
tf

� 1
tV

!
: (3)

In the above equation nVz 1014 s�1 is the specific positron
trapping rate for vacancies [33], n is the number of vacancies
constituting the cluster, IV, and tV are the intensity and lifetime of
component of vacancies, respectively. One can see in Table 1 that
the concentration of vacancy clusters drops significantly even after
heating to 440 �C, which can be estimated from the relative in-
tensities of vacancies and dislocations. The concentration of va-
cancy clusters continuously decreases with increasing annealing
temperature and after heating up to 660 �C they completely
disappear.

The CDB technique was employed to characterize the chemical
environment of defects in specimens deformed by ECAP. The mo-
mentum distribution of annihilating electron-positron pairs is ob-
tained from precise coincidence measurement of the Doppler shift
in energies of annihilation of g-rays. Note that the momentum of
the annihilating electron-positron pair is determined by the mo-
mentum of electron since the thermalized positron has a negligible
momentum. In heavily deformed materials, the momentum dis-
tribution is affected by the overall concentration of defects (i.e. the
population of positrons annihilated in the trapped state) and by the
type of atoms surrounding the defects. Therefore, the shape of
momentum distribution acquired from the CDB measurement
carries information about local chemical environment of defects.

Fig. 8 shows the measured CDB ratio curves (related to a well
annealed Ti reference) of ECAP specimen (open blue circles) and the
specimen heated to 660 �C after ECAP (open red circles). Note that
the majority of annihilation events occurs for electrons with very
low momentum p.

At very low momenta p< 5� 10�3 m0c, the ratio curves are
higher than 1, indicating that the fraction of positrons annihilated
by low momentum electrons is higher than in well annealed pure
Ti. Lowmomenta region corresponds to the contribution of valence
electrons forming a band structure in the material. The higher in-
tensity in this region refers to the fact that most positrons annihi-
late in a trapped state in defects and therefore predominantly with
valence electrons. For elemental analysis, the ratio curves can be
compared with those measured for reference samples of pure



Fig. 8. CDB ratio curves (relative to pure Ti) for the specimen deformed by ECAP and the specimen heated up to 660 �C. Ratio curves for well annealed pure Al reference (nAl,B), for
positrons trapped at dislocations in Ti (nTi,D) and Al (nAl,D) are also shown. The solid red and blue lines represent special superposition of aforementioned curves for quantitative
estimation of measured curves of the material (for details see the section Results). (For interpretation of the references to colour in this figure legend, the reader is referred to the
Web version of this article.)
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elements. Fig. 8 presents CDB ratio curves also for the reference
samples: (i) pure Ti with dislocation density high enough for
saturated trapping (solid purple line), (ii) pure defect-free Al (solid
black line), and (iii) pure Al with high dislocation density sufficient
for saturated trapping (dashed black line). Similar curves for Nb
were considered, but it did not improve the modeling of measured
CDB curves and the contribution of the electrons of Nb to the
annihilation of the positrons in the material is negligible.

The ratio curve of the measured ECAP sample (open blue circles)
partially follows the CDB ratio curve of the positrons trapped at
dislocations and annihilated in Ti. However, the peak at p
~20� 10�3 m0c is significantly higher. Near to the p ~20� 10�3 m0c
the measured curve partly follows the CDB ratio curve of the pos-
itrons trapped at dislocations and annihilated in Al.

The CDB ratio curve of the ECAP sample subsequently heated to
660 �C exhibits a similar tendency with respect to the ratio curve of
the ECAP sample. However, the curve is enhanced in the high
momentum region (p> 10� 10�3 m0c) and reduced in the low
momentum region (p< 5� 10�3 m0c). This is consistent with the
recovery of the defects in the material.

Two other curves (solid blue and red line) going through the
measured points are also shown in the Fig. 8. These curves aim on
modeling the measured data and correspond to the superposition
of four reference curves: Ti with dislocations (nTi,D), defect-free bulk
Al (nAl,B), Al with dislocations (nAl,D) and also a constant function
with intensity equal to 1, which technically represents defect-free
Ti (nTi,B). The ratio curve for Ti-6Al-7Nb alloy is expressed as
n ¼ ð1� FDÞ
�
xTi;B þ xAl;BnAl;B

�þ FD
�
xTi;DnTi;D þ xAl;DnAl;D

�
; (4)

where FD is the fraction of positrons trapped at defects and was
calculated from results of LT spectroscopy. The coefficients xTi,B, xAl,B
represent fractions of free positrons annihilated in the vicinity of Ti
and Al atoms, respectively. Similarly, the coefficients xTi,D, xAl,D are
fractions of trapped positrons annihilated in the vicinity of Ti and Al
atoms, respectively. Since these coefficients must fulfill normali-
zation conditions xTi,B þ xAl,B¼ 1 and xTi,D þ xAl,D¼ 1, there are only
two fitting parameters xAl,B and xAl,D. It follows from results of ECAP
sample presented in Fig. 8 that xAl,B¼ 0.11 which perfectly corre-
sponds to the atomic concentration of Al in the Ti-6Al-7Nb alloy. On
the other hand, xAl,D¼ 0.35 is more than three times bigger. It
means that in the vicinity of dislocation core, the Al concentration
is more than three times higher than the average concentration in
the alloy. It can be concluded that either Al atoms tend to segregate
along dislocations or, more plausibly, dislocations are preferentially
stuck on Al atoms.

After heating to 660 �C, (model curve is plotted by red line in
Fig. 8), the parameter Fd corresponding to annihilation at disloca-
tions decreases, but the chemical environment around the defects
is not significantly changed.

3.5. Microhardness

The microhardness of the initial condition and ECAP sample as
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well as the specimens that were subsequently heated at 440 �C,
550 �C and 660 �C was determined. The evolution of Vickers
hardness with the heating temperatures is shown in Fig. 9. The
initial sample exhibits the lowest microhardness (HV ~ 325) and the
microhardness of ECAP sample increases only slightly. Subsequent
heating of the initial sample led to a slight increase of microhard-
ness up to the temperature of 550 �C and to an insignificant
decrease upon further heating. The ECAP specimen is the most
sensitive to subsequent heating and after heating to 550 �C it ex-
hibits the highest microhardness (HV ~ 380). All tested conditions
show a microhardness decrease after heating to 660 �C. The
detailed explanation of the microhardness evolution is described in
the following section.
4. Discussion

4.1. Electrical resistance measurement

The increase of the electrical resistance of Ti-6Al-7Nb alloy in
both initial and ECAP conditions upon heating is concave and at
higher temperatures, it even declines (cf. Fig. 1). The decrease of the
resistance above 700 �C is caused by the increased amount of the b-
phase, which has lower resistance than the a-phase. Similar
behavior was reported in Ti-6Al-4V which contains around 15% of
b-phase at 750 �C and 20% of b-phase at 800 �C [34]. The second
derivative of the evolution of electrical resistance (Fig. 2) indicates
that only the first run of the ECAP sample significantly differs from
the other two runs. This confirms the fact that non-reversible
processes must have occurred during the first heating run of the
material which do not take place during subsequent heating runs.
Recovery processes can be therefore successfully identified by
electrical resistance measurement as it was also shown in our
previous work [19].
4.2. Microstructure and lattice defects after ECAP

SEM observations indicate that the microstructure of Ti-6Al-
7Nb alloy after ECAP is partly refined, but significantly less
deformed then after processing by high pressure torsion (HPT) [14].
Very high dislocation density rD exceeding 5� 1015 m�2 and the
high concentration of vacancy clusters cV> 20 ppm were deter-
mined by PAS.
Fig. 9. Temperature dependence of the Vickers microhardness in the initial and ECAP
conditions. The annealing temperatures were 440 �C, 550 �C, and 660 �C.
The formation of vacancy clusters depends on the crystalline
structure of the material. While vacancy clusters are observed after
severe plastic deformation in the studied Ti-6Al-7Nb alloy which
consists mainly of hexagonal close packed (HCP) a-phase [14], they
are not observed in similarly deformed Ti-15Mo alloy which con-
tains only the body centered cubic (BCC) b-phase [32]. This can be
associated with increased diffusivity of single vacancies in BCC
material which prevents the formation of vacancy clusters.

In summary, defect structure and microstructure after severe
plastic deformation is in thermodynamically unstable condition
and contains excessive amounts of point defects (vacancy clusters),
line defects (dislocations) and planar defects (refined grain
structure).

4.3. Recovery and recrystallization processes

After heating of the ECAP sample up to 440 �C, the concentration
of vacancy clusters decreases, while their average size increases. On
the other hand, the density of dislocations does not change
significantly and no microstructural changes can be observed by
SEM. It is consistent with the fact that point defects recover before
line and planar defects [35]. Note also that electrical resistance
measurement is not sensitive to the recovery of vacancy clusters
[35].

Upon heating to 550 �C and 660 �C, the dislocation density de-
creases significantly as observed both by XRD and PAS. However,
the precise comparison of the results achieved by these two
methods is not straightforward because XRD is influenced mainly
by dislocations in the interior of the sub-grains (crystallites,
coherently diffracting domains) that cause peak broadening. On the
other hand, PAS detects all dislocation (positrons get trapped at
them) disregarding their structure [36]. The crystallite size deter-
mined by XRD significantly increased after heating to 550 �C and
660 �C, which is consistent with dislocation density evolution and
electrical resistance measurement. It can be concluded that
microstructure undergoes recovery processes at temperatures
above 440 �C. However, no apparent microstructure changes were
observed by SEM in the condition after heating even up to 550 �C.
Only SEM observations of the sample heated up to 660 �C showed
defect free a-phase grains and significant globularization of the b-
phase particles. This is consistent with the electrical resistance
measurements and also with the observations of material annealed
at 600 �C for 1 h in Ref. [16].

Distinction between recovery and recrystallization is not
obvious from the achieved results. As reviewed in Ref. [37], severely
deformed materials often undergo process of continuous static
recrystallization (cSRX), which does not include the nucleation of
new grains, but rather a rapid static recovery of dislocations, fol-
lowed by grain boundary migration, spheroidization of grains/
particles and grain growth. This theory is consistent with the
achieved results.

4.4. Microhardness

The annealing of the Ti-6Al-7Nb alloy in the initial condition
leads to the strengthening of the material which is caused by the
precipitation of the Ti3Al particles [9]. This thermo-mechanical
treatment is typical for titanium alloys and results in the superior
strength [38,39]. On the other hand, the decrease of the micro-
hardness of the initial sample after heating up to 660 �C can be
attributed to the dissolution of the Ti3Al particles.

Formation of Ti3Al particles can be experimentally proven
neither by SEM nor by XRD as they are extremely small. The par-
ticles were observed by advanced methods of TEM and 3D atom
probe tomography after 5 weeks of aging of Ti-6Al-4V alloy at
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500 �C [40]. Note, however, that Ti3Al particles affect the strength
and microhardness of the material even though they have not been
directly observed, yet [41]. The kinetics of formation of Ti3Al par-
ticles are strongly dependent on element partitioning in the a þ b

alloy, namely on the content of Al. The formation of Ti3Al is
therefore easier in the primary a phase that contains a higher
amount of Al. In this case, the formation of Ti3Al is enhanced by
thermomechanical processing before ECAP causing significant
element partitioning as it is shown in Fig. 3a and quantified by EDS.
Furthermore, diffusion of Al atoms required for the formation of
Ti3Al particles is enhanced in the severely deformedmaterial due to
increased concentration of vacancies and increased dislocation
density. This results in the significantmicrohardness increase in the
ECAP condition.

In the material prepared by ECAP at 600 �C and subsequent
extrusion at 300 �C (ECAP sample), Ti3Al particles could not pre-
cipitate. This heavily deformed condition exhibits only slightly
enhanced microhardness when compared to the initial condition.
Microstructural refinement itself, therefore, does not provide sig-
nificant additional strengthening in a two-phase a þ b alloy, con-
trary to single phase b-alloys [42]. On the other hand, upon heating,
the strengthening of deformed material is significantly enhanced.

In conclusion, the microhardness level achieved for severely
deformed (ECAP) and subsequently annealed material could not be
achieved by a thermal treatment only.

4.5. Coincidence Doppler broadening

The main conclusion from the unique observation by coinci-
dence Doppler broadening (CDB) is that Al atoms are present at the
dislocation cores with three times higher concentration
(xAl,D¼ 0.35 for ECAP specimen and even xAl,D¼ 0.40 for specimen
after heating to 660 �C) than is the average atomic concentration of
Al in the alloy (11 at.%).

The interaction between Al atoms and dislocation is clearly
proven, however, dislocations can be pinned on substitutionally
solved Al atoms or on the Ti3Al particles or both.

Microhardness measurement suggests that Ti3Al particles are
formed during annealing, which is further partially supported by
the fact that the concentration of Al atoms at dislocation cores xAl,D
is even increased after annealing. Note that utilization of the CDB
method for assessing chemical environment of defects is possible
only for material with very high defect densities, such as severely
deformed materials.

5. Conclusions

The following conclusions can be drawn from this experimental
study:

� The ultra-fine grained condition of biomedical Ti-6Al-7Nb alloy
was achieved by equal channel angular pressing. The duplex
microstructure of this condition is characterized by deformed
primary a-grains and fragmented a þ b region.

� X-ray diffraction and positron annihilation spectroscopy proved
a very high dislocation density and the presence of high con-
centration of vacancy clusters in the material after ECAP.

� Measurement of electrical resistance is capable to detect
microstructural changes during heating and allowed to select
the temperatures of 440 �C, 550 �C and, 660 �C for post-mortem
characterization of the material.

� During heating to the terminal temperature of 440 �C, vacancy
clusters significantly recovered, while dislocation density
remained unchanged. The dislocation density decreased after
heating to 550 �C. The recovery and recrystallization processes
after heating to temperature 660 �C were clearly proven also by
SEM.

� Enhanced microhardness can be achieved by ECAP followed by
annealing treatment.

� Preferential pinning of dislocations by Al atoms was proven by
coincidence Doppler broadening method (CDB) method.
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A B S T R A C T

Two metastable β-Ti alloys, Ti-15Mo and Ti-6.8Mo-4.5Fe-1.5Al (TIMETAL LCB) were solution treated and
subjected to severe plastic deformation by high pressure torsion. The evolution of microhardness, micro-
structure and elastic constants with increasing strain imposed by high pressure torsion was investigated.

Fragmentation of the microstructure with increasing strain was observed by scanning electron microscopy.
Significant twinning in system {1 1 2} < 111 > after high pressure torsion was observed in both studied alloys
by electron backscatter diffraction. Multiple twinning contributes significantly to the fragmentation of grains
and consequently to the overall refinement of the microstructure.

Microhardness significantly increases with increasing strain and was fitted using the Hollomon and Voce
laws. Hollomon's hardenability exponent is much higher for both studied β-Ti alloys than for the commonly
used Ti-6Al-4V alloy. It reflects high capability of strengthening β-Ti alloys by intensive plastic deformation.

The measurement of elastic constants using resonant ultrasound spectroscopy showed that the deformation
by high pressure torsion increases the Young's modulus as compared to solution treated material. On the other
hand, further straining causes subsequent decrease of the Young's modulus.

1. Introduction

The importance of the β-titanium alloys in commercial practice has
been increasing in the last few decades due to successful utilizing their
unique properties such as high strength, low specific density, strength-
ening capability, high fracture toughness, and excellent corrosion
resistance [1,2]. β-Ti alloys are extensively used in aircraft industry
[3] and considered as prospective candidates for biomedical implants
manufacturing due to their excellent biocompatibility and relatively
low Young's modulus preventing the stress shielding [4–8]. However, a
high strength condition is usually achieved by advanced thermo-
mechanical treatment involving precipitation of α-phase particles,
which significantly increases the Young's modulus [9,10].

Severe plastic deformation (SPD) methods strengthen metallic
materials via reducing the grain size and increasing the dislocation
density [11]. Furthermore, Young's modulus can be reduced by the
microstructural refinement. It was also reported that the functional
properties such as corrosion resistance and biocompatibility might be
also improved by the microstructure refinement [12].

Ultra-fine grained (UFG) commercially pure titanium (CP Ti) was
prepared by high pressure torsion (HPT) [13] and equal-channel
angular pressing (ECAP) [14] almost two decades ago. Furthermore,
UFG α+β Ti alloys such as Ti-6Al-4 V alloy and specialized biocompa-
tible Ti-6Al-7Nb alloy were also studied in detail [15,16] and exhibited
significantly improved strength and fatigue resistance [17,18].

On the other hand, there is only limited literature on the UFG
metastable β-Ti alloys. Reports focused primarily on the study of the
enhanced strength, fatigue performance [19,20] and microstructural
refinement [21,22]. The elastic properties of UFG β-Ti alloy were
studied only in alloys containing niobium as the main alloying element
[23,24].

The mechanism of the grain refinement in the β-titanium alloys can
vary widely, depending on the specific alloy composition, grain size,
deformation mode, temperature and pressure [25]. The classical
mechanism of the grain refinement is based on the movement of
dislocations, formation of dislocation walls and sub-grain boundaries
followed by lattice rotation forming high-angle grain boundaries [26].
However, the grain refinement can be also induced by twinning
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followed by lattice rotation. The two main mechanical twinning
systems in bcc materials including β-Ti alloys are {1 1 2}〈1 1 1〉
[27–30] and {3 3 2}〈1 1 3〉[31,32], the latter one being activated
especially at low temperatures and at high strain rates.

Two metastable β-Ti alloys were used in this study: Ti-15Mo alloy
and Ti-6.8Mo-4.5Fe-1.5Al alloy (TIMETAL LCB). Ti-15Mo alloy ex-
hibits good mechanical properties, does not contain any toxic elements
such as vanadium and therefore is suitable for a medical use. The
TIMETAL LCB (low-cost beta) alloy is characterized by lower produc-
tion costs due to the partial replacement of the relatively expensive β
stabilizing alloying elements such as vanadium or molybdenum by iron.
The TIMETAL LCB alloy was commercially used for suspension springs
manufacturing, since the weight of a suspension spring can be reduced
by 60% thanks to the high strength, low density and reduced Young's
modulus of the alloy [9] when compared to previously used steels.

The objective of the present study is to examine the evolution of the
microstructure, mechanical and elastic properties of two metastable β-
Ti alloys with imposed equivalent strain.

2. Experimental

Ti-15Mo alloy was supplied by Carpenter Technology Corp. in a
form of a rod with the diameter of 10.5 mm. Ti-6.8Mo-4.5Fe-1.5Al
alloy was produced on demand by Huizhou Top Metals Ltd. using
magnetic levitation melting and finally wire-cut to the diameter of
20 mm. The as-delivered material was solution treated (1083 K,
20 min) in a protective Ar atmosphere and water quenched. Ti-15Mo
alloy was further cut to cylinders (diameter 10.5 mm, height approx.
5 mm) and pressed in HPT machine at room temperature to obtain the
desired diameter of 20 mm. The principle of HPT method is described
in detail in [33].

Samples with the diameter of 20 mm and the thickness of 1 mm
were prepared by HPT at Ufa State Aviation Technical University
(USATU) Ufa, Russia at room temperature and the pressure of 2 GPa.
A series of samples after N=¼,½, 1, 3, 5 and 10 turns and N =¼,½, 1
and 5 turns of HPT was prepared from Ti-15Mo alloy and TIMETAL
LCB alloy, respectively. The total equivalent strain imposed in the
sample by HPT can be expressed by the von Mises approach, which
utilizes a simple torsion, and the strain is then expressed by the linear
relation [34]:

ε πNr
h

= 2
3

,vonMises
(1)

where N is the number of rotations, r represents the distance from the
sample centre and h is the final thickness of the specimen. The
equivalent strain imposed by pressing is about 1.5, while equivalent
strains imposed by the torsion are by two decades higher. The thickness
is therefore neglected.

Microhardness measurements were carried out using the automatic
microhardness tester Qness Q10a by Vickers method; 1 kg load and
dwell time of 10 s were applied. More than 1000 indents were
automatically evaluated along concentric circles, which allows a
detailed investigation of microhardness variations on both the surface
and the cross-section of the disc.

The scanning electron microscope FEI Quanta 200 FX operated at
10 kV was used for microstructural observations and electron back-
scatter diffraction (EBSD) analysis.

Young's modulus and Poisson's ratio were evaluated by the
resonant ultrasound spectroscopy (RUS) [35] using a fully contactless
laser-based RUS set-up described in detail in [36]. This set-up utilizes
focused laser pulses for generating the vibrations in the examined
sample and the scanning laser beam for the interferometric detection of
the modal response. Five different conditions after different stages of
straining were used for RUS measurements for each alloy. All samples
were rectangular parallelepipeds with the approximate dimensions of
2×2×1 mm3. For the RUS measurements, the materials of all samples
were considered as elastically isotropic, with only two independent
elastic constants: Youngʼs modulus E and Poissonʼs ratio ν.

3. Results

3.1. Microhardness

3.1.1. Ti-15Mo
The microhardness evolution with the increasing number of HPT

turns on the specimen's surface is depicted as a series of color-coded
images in the Fig. 1. The variations of the microhardness in the cross-
section of the specimens are shown in the Fig. 2. The microhardness
increases with the increasing distance r from the centre and with the
increasing number N of HPT turns. In each image in the Fig. 1. two
distinct regions are clearly visible – a central region with a low

Fig. 1. Microhardness of Ti-15Mo alloy after various numbers of HPT turns represented by color-coded polar diagram. (For interpretation of the references to color in this figure, the
reader is referred to the web version of this article.)
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microhardness (blue color) and the peripheral region with an increased
microhardness (red color). The microhardness in the peripheral region
increases with the increasing number of HPT turns. The decrease of the
microhardness near the edge of the sample is caused by the material
outflow during HPT processing. The microhardness is not homoge-
neous through the sample thickness (Fig. 2). However, no systematic
differences were identified.

3.1.2. TIMETAL LCB
The microhardness evolution in the TIMETAL LCB alloy after

different number of HPT turns is presented similarly as for the Ti-

15Mo alloy. Vickers microhardness of the TIMETAL LCB alloy after N
=¼, ½, 1 and 5 HPT turns was measured on the sample surface
(Fig. 3.) and in the cross-section (Fig. 4). Similarly as in the Ti-15Mo
alloy, the microhardness increases with the number of HPT turns and
also with the increasing distance from the centre of the specimen with
exception of specimen edge, where the decreased microhardness is
caused by the material outflow. The microhardness in TIMETAL LCB is
more homogenous than in in the case of Ti-15Mo, especially after 5
rotations.

Fig. 2. Microhardness variations through thickness of Ti-15Mo alloy processed by HPT (vertical axis is extended for better visibility). (For interpretation of the references to color in this
figure, the reader is referred to the web version of this article.)

Fig. 3. Microhardness of TIMETAL LCB alloy after various number of HPT turns represented on color-coded polar diagram. (For interpretation of the references to color in this figure,
the reader is referred to the web version of this article.)
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3.2. Microstructure evolution/refinement

Scanning electron microscopy was used to study initial stages of the
microstructure refinement in both alloys during HPT. Due to the
expected lateral inhomogeneity of the microstructure caused by an
inhomogeneous character of the imposed strain by HPT, the micro-
structure was investigated in three regions, namely in the centre of the
disc, near the half of the radius of the disc (referred to as “middle”) and
near the disc periphery.

3.2.1. Ti-15Mo
Ti-15Mo alloy in the β solution treated condition before HPT

processing (not shown) consists of equiaxed grains with the average
size of 20 – 50 µm. In the Fig. 5. the microstructure of the Ti-15Mo
alloy sample after N =¼ HPT turns is shown. Comparatively large
(~20 µm) heavily deformed grains were observed in the disc centre
(Fig. 5a). In the “middle” region the microstructure is more deformed
and inhomogeneous consisting of bigger grains surrounded by small
grains (Fig. 5b). On the disc periphery, a refined grain structure is
observed (Fig. 5c).

Contrast in the SEM images is given predominantly by the
channelling of electrons along differently oriented crystallographic
planes. However, it was proven by energy dispersive X-ray (EDX)
analysis that the observed bands in Fig. 5c are caused by segregation of
Mo atoms. The average chemical composition of lighter and darker
parts in Fig. 5 is summarized in Table 1. It is obvious that darker parts
contain less Mo. The same segregation of Mo atoms is claimed in [37].
However, the mechanism of element partitioning is unknown.

3.2.2. TIMETAL LCB
The cast and solution treated TIMETAL LCB alloy consists of very

large grains with size up to 1 mm (not shown). The microstructure of
the TIMETAL LCB alloy after N =¼ HPT turn is depicted in the Fig. 6.
In the centre part, original large though deformed grains were observed
(Fig. 6a). In the “middle” part, bigger grains are surrounded by small
grains and the microstructure is clearly heavily twinned [32]. In the

periphery, grains are not clearly distinguishable and lighter bands can
be observed (Fig. 6c).

The microstructure of the specimens with higher imposed strain (N
> 1/4) could not be resolved by SEM due to the strong grain
refinement. Refined microstructure of Ti-15Mo alloy prepared by
HPT was shown by transmission electron microscopy in our previous
study [38].

The initial stages of the microstructure refinement by HPT were
investigated by the EBSD. Fig. 7. shows a high-resolution inverse pole
figure (IPF) map from the centre part of the Ti-15Mo alloy after N =¼
HPT turn. High (θ > 15°) and low-angle grain boundaries (5° < θ <
15°) are highlighted in black and red color, respectively (θ denotes the
misorientation angle).

The microstructure consists of heavily deformed and twinned
grains. The fragmentation of grains and formation of a UFG micro-
structure is visible especially in the right part of the image. Black areas
in IPF map correspond to the points which could not be successfully
indexed due to high deformation.

In the Fig. 8, the IPF image from the middle part of the TIMETAL
LCB alloy after N =¼ HPT rotation is shown. Regular black squares in
the image are indents from the preceding microhardness measure-
ment. Lattice rotation within grains and significant twinning can be
observed. Twinning-induced grain refinement is clearly visible in the
bottom right corner.

3.3. Measurement of elastic constants of β-Ti alloys

Elastic constants of Ti-15Mo and TIMETAL LCB alloys in the

Fig. 4. Microhardness variations through thickness of TIMETAL LCB alloy processed by HPT (vertical axis is extended for better visibility). (For interpretation of the references to color
in this figure, the reader is referred to the web version of this article.)

Fig. 5. SEM images of Ti-15Mo alloy after N =¼ HPT turns (channelling contrast). a) centre. b) “middle”. c) periphery.

Table 1
EDX analysis of bands occurring in the periphery of the sample.

wt% Ti Mo

Darker bands 85.65 14.35
Lighter bands 83.26 16.74
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solution treated (ST) condition and after N =1 and 5 HPT turns were
measured. Table 2 contains results of the Young's modulus and the
Poissonʼs ratio ν of alloy after different number of HPT rotations and in
different regions of the disc. The standard deviations of the Young's
modulus and the Poissonʼs ratio is ± 1 GPa and ± 0.01, respectively.

4. Discussion

4.1. Microhardness

The microhardness of the Ti-15Mo alloy increases from HV ≈310
(solution treated coarse-grained material) to HV ≈450 (heavily de-
formed material after HPT). Maximum strength achieved in a ductile
α+β aged condition is 1150 MPa [39], which corresponds approxi-
mately to HV ≈390. HPT deformation of the β ST condition therefore
results in higher hardness than in the α+β aged condition. Contrary to
the precipitation hardening, SPD increases the strength while retaining
the β phase with lower Young's modulus. Achieving high strength and
low modulus simultaneously is crucial for potential application of the
material in biomedicine as an implant material.

Vickers microhardness of the β ST condition of the TIMETAL LCB
alloy HV ≈340 is slightly higher than that of Ti-15Mo alloy due to solid
solution strengthening by Fe and Al as reported in [40,41]. The
microhardness achieved by HPT deformation exceeds the hardness of
the aged two-phase α+β condition [42].

Three types of strength evolution with increasing strain during HPT
were proposed for different metals and alloys: strain hardening without
recovery, strain hardening with recovery and strain softening [43]. In
the present study, strain hardening without recovery is dominant since
recovery processes in Ti alloys are not activated at room temperature.

The microhardness increase due to imposed equivalent strain can
be modelled by empirical work hardening models such as Hollomon
model [44] or Voce model [45]. The Von Mises equivalent strain by
HPT was calculated according to the Eq. (1) and the evolution of
microhardness was depicted for the Ti-15Mo alloy (Fig. 9) and the
TIMETAL LCB alloy (Fig. 10). All data points were used for the
calculation, i.e. both from the measurement on the disc surface and

Fig. 6. SEM images of TIMETAL LCB alloy after N =¼ HPT turns (channelling contrast). a) centre. b) “middle”. c) periphery.

Fig. 7. Inverse pole figure map from the centre part of the Ti-15Mo alloy after N =¼
HPT turn; misorientation measured along the highlighted black line. (For interpretation
of the references to color in this figure, the reader is referred to the web version of this
article.)

Table 2
Young's modulus and Poisson's ratio of Ti-15Mo and TIMETAL LCB alloys after different
number of HPT turns.

Youngʼs modulus E (GPa) Poissonʼs ratio ν

Centre Periphery Centre Periphery

Ti−15Mo ST 91.0 0.361
Ti−15Mo N=1 98.1 92.8 0.348 0.359
Ti−15Mo N=5 96.6 91.4 0.357 0.367
TIMETAL LCB ST 80.1 0.38
TIMETAL LCB N=1 91.2 88.6 0.362 0.367
TIMETAL LCB N=5 89.7 86.7 0.367 0.377

Fig. 8. Inverse pole figure map of TIMETAL LCB alloy after ¼ HPT turn (middle part).
(For interpretation of the references to color in this figure, the reader is referred to the
web version of this article.)
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cross-section. Data corresponding to the leaking off the material near
the edge of the discs were neglected. Fitting with weighting was
employed.

According to [44], the hardness evolution with strain was first fitted
by the Hollomon-type equation:

HV ε K ε HV( ) = · + ,m H
0 (2)

where ε is the Von Mises equivalent strain, HV(ε) is the measured
Vickers microhardness of the material, m is the hardenability expo-
nent, K is a material constant and HVH

0 is a fitting parameter which
corresponds to the microhardness of the initial material.

The Hollomon model (Eq. (2)) does not account for the microhard-
ness saturation which occurs at high strains. Eq. (3) represents Voce-
type equation, which assumes exponential saturation of microhardness
at a value HVmax

V :

HV ε HV HV HV exp L ε( ) = − ( − ) (− * ),max
V

max
V V

0 (3)

where HVV
0 is a fitting parameter corresponding to the initial micro-

hardness at ε=0, HVmax
V is a fitting parameter corresponding to the

saturation value of the hardness and L can be regarded as the
saturation rate.

The microhardness of the studied alloys increases very fast with
increasing Von Mises strain up to the strain ε ≈ 50. However, the
microhardness does not completely saturate even for very high strains.

Consequently, none of the models resulted in a satisfactory fit.
Therefore, the sum of the Hollomon-type and Voce-type model (here-
inafter referred to as Hollomon-Voce model) was used for modelling of
hardening of studied alloys (Eq.(4)):

HV ε HV HV K ε HV HV exp L ε( ) = + + · − ( − ) (− · )max
V H m

max
V V

0 0 (4)

Resulting fits are shown in Figs. 9 and 10 (red line). The fits by the
Hollomon model (blue line) and the Voce model (green line) are also
displayed. It is clear, that the combined Hollomon-Voce curve matches
the experimental data much better than the individual models. Fitting
parameters observed from Hollomon-Voce model are listed in Table 3.
Initial microhardness HV0 represents the sum of fitting parameters
HVH

0 and HVV
0 . HVmaxrepresents the sum of maximum microhardness of

the fitting function, i.e. HV HV K ε= + ·max max
V

max
m . For comparison, ana-

logous fitting procedure was employed for the microhardness data for
the Ti-6Al-4 V alloy deformed by HPT reported in [43].

Note, that the HV0 values of 358 and 372 HV from the fit for the Ti-
15Mo and the TIMETAL LCB alloys, respectively, are significantly
higher than the values measured for the initial coarse-grained material
(310 and 340 HV for the studied alloys, respectively). The reason is that
the increase of microhardness at low strains is very sharp and HV0
value is sensitive to fitting procedure. Additionally, neglecting the
reduction of sample thickness in the calculation of the Von Mises strain
may also affect the result of fitting at low strains.

Negligible Hollomon hardenability exponent m for the Ti-6Al-4V
alloy [43] means that the microhardness increase in this case can be
completely modelled by Voce model. The strengthening capability of
the studied β-Ti alloys is much higher than that of Ti-6Al-4V alloy and
therefore SPD processing of solution treated β-Ti alloys is even more
beneficial than in the case of pure Ti or α+β alloys. Very high
microhardness of the investigated β-Ti alloys can be attributed to the
increased dislocation density [38] and the grain fragmentation.
Strengthening can be also caused by deformation-induced ω-phase
[46,47]. However, the confirmation of this hypothesis needs further
investigation which is beyond the scope of this paper.

Fig. 9. Evolution of the microhardness with equivalent strain in Ti-15Mo alloy. The red
line denotes the fitted microhardness according to the Eq. (4), blue and green line
according to the Eq. (2) and Eq. (3), respectively. (For interpretation of the references to
color in this figure, the reader is referred to the web version of this article.)

Fig. 10. Variation of the measured microhardness values with equivalent strain of
TIMETAL LCB alloy. The red line denotes the fitted microhardness according to the Eq.
(4), blue and green line according to the Eq. (2) and Eq. (3), respectively. (For
interpretation of the references to color in this figure, the reader is referred to the web
version of this article.)

Table 3
Fitting parameters for Ti-15Mo, TIMETAL LCB and Ti-6Al-4V alloys.

HV0 HVmax m K L

Ti−15Mo 358 458 0.44 2.13 0.13
TIMETAL LCB 372 461 0.46 3.68 0.12
Ti−6Al-4V[43] 311 364 1.4×10−8 3.87 0.06

Fig. 11. Misorientation variations along the highlighted black line in Fig. 9. (For
interpretation of the references to color in this figure, the reader is referred to the web
version of this article.)
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4.2. Multiple twinning as the mechanism of grain refinement

The activity of twinning system {1 1 2}〈1 1 1〉in Ti-15Mo alloy is
clearly documented by EBSD mapping. Moreover, it can be shown that
the primary twins undergo additional secondary twinning. It is
concluded that multiple mechanical twinning significantly contributes
to the microstructure refinement.

EBSD observations prove the common mechanism of the grain
refinement consisting of the combination of dislocation density accu-
mulation, lattice rotation, formation of dislocation walls and subgrain
boundaries. The lattice rotation within a grain was identified by
misorientation variations along the black line shown in Fig. 7. The
point-to-origin and point-to-point misorientations are shown in Fig. 11
by a black and red line, respectively. The misorientation within the
grain increases up to 10° which suggests a high degree of imposed
strain and a high density of dislocations stored in the material
deformed by HPT. In the distances of approximately 42 µm and
55 µm from the selected origin, the point-to-point misorientation
abruptly changes. It corresponds to the position of sub-grain bound-
aries, which are also clearly visible in Fig. 7 (marked by arrows).

Detail analysis of the EBSD observations revealed an alternative
mechanism of grain refinement, namely twinning-induced grain re-
finement.

Fig. 12a shows the detail from the Fig. 7 along with a schematic
illustration of the twin orientation. From the graphic representation it
is clearly visible that twinning occurs in the system {1 1 2}〈1 1 1〉.
Consequently, the misorientation between the parent matrix and the
twin is approx. 55°.

In the Fig. 12b the secondary twinning is shown and graphically

illustrated. It is unambiguously proven that the system of secondary
twinning is again {1 1 2}〈1 1 1〉.

Fig. 13 is a bigger excerpt from Fig. 7 showing that the multiple
twinning in Ti-15Mo alloy contribute to grain refinement of material.
The misorientation values prove that the twin shown in red is a primary
twin formed from the matrix, whereas the twin shown in green is a
secondary twin which was formed from the primary one.

Twinning induced grain refinement was also reported in magne-
sium alloys (hcp structure) [48,49], stainless steel (fcc structure) [50],

Fig. 12. The detail of the inverse pole figure from Fig. 7 (Ti-15Mo, N=1/4) showing the primary and secondary twins. a. Left figure: IPF image - the orientations of the matrix and twins
are indicated. Right sketch: Graphical representation of the twinning system between the matrix and the twin. b. Left figure: The orientation of the primary and secondary twins are
indicated. Right sketch: Graphical representation of the secondary twinning. (For interpretation of the references to color in this figure, the reader is referred to the web version of this
article.)

Fig. 13. Inverse pole figure map of twinned grain of Ti-15Mo alloy after N =¼ HPT
turn. (For interpretation of the references to color in this figure, the reader is referred to
the web version of this article.)
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copper (fcc strucutre) [51]. In commercially pure Ti (hcp structure) the
twinning-induced grain refinement is well documented [52–54]. On
the other hand, to our knowledge, grain refinement by multiple
twinning has not yet been reported in metastable β-Ti alloys (bcc
structure) deformed by SPD.

4.3. Elastic constants of HPT deformed β-Ti alloys

HPT deformation affects the elastic properties of the studied alloys.
The Youngʼs modulus of Ti-15Mo alloy after N=1 HPT turn in the
centre of the specimen (lowest deformation) is 98.1 GPa while the
Youngʼs modulus of initial ST material was 91 GPa. The Youngʼs
modulus decreases with further straining, i.e. with increasing number
of HPT turns and increasing distance from the centre of the sample and
the final Young's modulus (98.4) is comparable to that of ST material.
Similar trend can be observed for TIMETAL LCB alloy: the Youngʼs
modulus of HPT deformed material in the centre of the sample
(91.2 GPa) is higher than the Youngʼs modulus of the ST condition
(80.1 GPa). Increasing deformation leads to a decrease of Youngʼs
modulus, but the final value for (N=5, periphery) remains higher than
that of solution treated material. Alterations in Young's modulus might
be caused by the deformation induced ω-phase observed in [37,55].
The Young's modulus of ω-phase reaches 200 GPa [56] and even a
small fraction of ω-phase affects the elastic properties. According to
[57], 10% ω-phase forms from the β-matrix after 1 HPT turn, while
further deformation by 10 HPT turns leads to a reverse phase
transformation. In the case of TIMETAL LCB, the recovery of the
Young's modulus is not complete, which suggest that the deformation
induced ω-phase is not fully reverted. A decrease of Young's modulus
with increasing deformation might be further caused by increasing
density of free-volume defects such as non-equilibrium grain bound-
aries and the density dislocations (see [57] and other references
therein).

The first HPT turn induces also a measurable decrease of the
Poissonʼs ration, especially in the central part of samples. This can be
again explained by formation of a small volume fraction of the ω-phase,
as the isotropic Poissonʼs ratio for the ω-phase is apparently low,
ν=0.27 [56]. With increasing deformation, the value of ν fully recovers.
The experimental results from the measurement of the Youngʼs
modulus of Ti-15Mo alloy are comparable with the results indicated
in [58].

The increase of Young's modulus due to the formation of ω-phase is
adverse for potential application in biomedicine, where low Young's
modulus is required. It might be beneficial to use alloys less prone to ω-
phase formation, for instance Ti-Nb based alloys if low Young's
modulus is the major concern. However, the Young's modulus of
ultra-fine grained Ti-15Mo and TIMETAL LCB alloys with increased
hardness is still significantly lower than the Young's modulus of Ti-6Al-
4V alloy [6].

5. Conclusions

In the present work, the microstructure and the microhardness
evolution in ultra-fine grained metastable β-titanium alloys prepared
by HPT were investigated. The most important results of this investi-
gation can be summarized as follows:

• Microhardness of Ti-15Mo and TIMETAL LCB alloys increases with
increasing von Mises equivalent strain. The highest microhardness
of β solution treated material deformed by HPT exceeds significantly
the microhardness of commonly used aged two phase α+β condition
of the same alloys.

• The capability of deformation hardening by HPT in both studied β-
Ti alloys is much higher than in common α+β Ti-6Al-4V alloy.

• Scanning electron microscopy demonstrated the increasing grain
fragmentation with the increasing equivalent strain. Bands with

higher Mo content were identified in severely deformed Ti-15Mo
alloy.

• Twinning system {1 1 2} < 111 > is active during HPT deformation.
Multiple twinning contributes to the grain refinement in bcc β-Ti
alloys.

• The Young's modulus’ variations with the strain due in the inves-
tigated β-Ti alloys were nonmonotonous. Young's modulus first
increases after the initial stage of the HPT deformation, while it
decreases with further straining. This can be explained by the
enhanced stress-induced ω-phase formation in the initial stages of
HPT straining and is further supported by the simultaneous
decrease of the Poissonʼs ratio during the first HPT turn.
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A B S T R A C T

Ti-15Mo alloy in a metastable β solution treated condition was processed by equal channel angular pressing
(ECAP) at an elevated temperature of 250 °C. The resulting microstructure is highly deformed, contains twins
and shear bands, but is not ultra-fine grained. Both the initial solution treated material and the material after
ECAP were subjected to ageing at 400 °C and 500 °C in order to study the effect of deformation on phase
transformations, namely the α phase precipitation. The phase composition was studied by X-ray diffraction
measurement; the microstructure was investigated using conventional EBSD and an advanced method of
transmission Kikuchi diffraction (TKD). It was shown that the α phase precipitation is accelerated in areas with
higher density of lattice defects, which provide a dense net of preferred sites for nucleation and also fast diffusion
paths necessary for accelerated growth. Upon further annealing, discontinuous lamellar coarsening occurs,
which had not been previously reported in metastable β-Ti alloys. The microhardness is governed mainly by the
formation of ω phase particles. The fraction of ω phase increases during annealing at 400 °C and the specimen
aged at 400 °C/16 h shows the highest value of microhardness of 520 HV for both ECAP and undeformed
material. Upon annealing at 500 °C, the microhardness is significantly lower.

1. Introduction

Titanium and its alloys are widely used as biomedical materials due
to their light weight, high strength, excellent biocompatibility and
corrosion resistance [1]. Over the last decades, extensive research has
been devoted to the development of metastable β-titanium alloys con-
taining only non-toxic elements and having a low Young’s modulus to
avoid stress shielding [2–5]. The most promising alloys are Ti-29Nb-
13Ta-4.6 Zr (TNTZ), Ti-15Mo or Ti-Zr-based alloys [6,7].

In this study, Ti-15Mo, a binary metastable β-Ti alloy containing
only biocompatible elements was used. This alloy exhibits the tensile
strength of 690 MPa and the modulus of elasticity of 78 GPa in a so-
lution treated (ST) condition [8]. The strength of this alloy can be
further enhanced by methods of severe plastic deformation (SPD) by
introducing a high density of dislocations into the material and redu-
cing its grain size [9,10]. The most widely used SPD methods are equal
channel angular pressing (ECAP) [11] and high pressure torsion (HPT)
[12]. ECAP is capable of producing specimens with a reasonable size for
various biomedical applications [13].

Mechanical properties of metastable β-Ti alloys are significantly
affected by phase transformations during processing and subsequent
thermal treatment. In some metastable β-Ti alloys (including Ti-15Mo
alloy) the thermodynamically metastable ω phase may form during
rapid cooling from the high-temperature single β phase field, referred to
as ωath (athermal ω). The mechanism of ωath phase formation was de-
scribed as a shift of two neighboring (111)β planes along the body di-
agonal of the cubic cell to their intermediate position, while one (111)β
plane between two pairs of collapsed planes is left unchanged [14].
Typically at temperatures in the range of 300–400 °C, the ω phase
particles become stabilized by a diffusion process by rejecting β stabi-
lizer elements [15] and is referred to as ωiso phase. The presence of ω
phase increases both the strength and the Young’s modulus of the alloy
and causes the embrittlement of the material [16]. The size of ωath does
not exceed several nanometers, while the size of ωiso phase particles is
typically in tens of nanometers [17]. It has been reported previously
that the shuffle β → ω transformation is complete only in the central
part of an ω particle [18,19], and advanced XRD measurements in [20]
proved that in small ωath particles, the transformation is incomplete
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throughout the whole volume of a particle.
During ageing at higher temperatures (400 °C–700 °C), α phase

particles form by nucleation and growth. α particles act as barriers for
dislocation motion and strengthen the material without detrimental
embrittlement, which is caused by presence of ωiso phase particles [21].
Nucleation of the α phase is heterogeneous and therefore preferentially
located at grain boundaries, dislocations or other lattice defects
[22–24]. ω phase can also act as nucleation site for α phase precipita-
tion [18,25]. Due to the heterogeneous nature of α phase nucleation, a
dense net of nucleation sites (grain boundaries, dislocations) introduced
by SPD significantly affects its precipitation. Lattice defects in the β
matrix do not only serve as preferred sites for nucleation but also
provide fast diffusion paths necessary for accelerated growth.

The effect of SPD deformation on α phase precipitation has been
rarely studied. Our previous studies [26,27] focused on improved me-
chanical properties and grain refinement in Ti-15Mo alloy deformed by
HPT at room temperature. Enhanced α phase precipitation in more β-
stabilized Ti-20Mo alloy after HPT was reported in [24,28]. The most
relevant study is a detail report by Xu et al. [29] who studied Ti-20Mo
alloy prepared by ECAP and documented α phase precipitation upon
ageing within shear bands in the severely deformed material. Another
study by Jiang et al. reported the influence of equiaxed α phase for-
mation in Ti-5Al5Mo-5V-3Cr (Ti-5553) alloy after HPT on the im-
provement of the ductility of the material [30].

In this study, the effect of the ECAP-deformed microstructure on the
ongoing phase transformations upon ageing is thoroughly investigated.
Successful ECAP processing of Ti alloys is generally challenging due to
their high strength, high toughness and limited ductility. An ECAP die
with the outer angle of 120° (i.e. not the most common 90°) and pro-
cessing at elevated temperatures are usually required [31,32]. Proces-
sing of metastable β-Ti alloys in the metastable β solution treated
condition at elevated temperatures can be associated with ω phase
formation and the loss of ductility. A detailed analysis of the micro-
structure of the ECAP-deformed Ti-15Mo alloy was carried out by
scanning (SEM) and transmission electron microscopy (TEM) as well as
by transmission Kikuchi diffraction (TKD). The change of the phase
content upon ageing was determined by X-ray diffraction (XRD) mea-
surement. The change of mechanical properties was characterized by
microhardness measurements.

2. Experimental materials and methods

The metastable β-Ti alloy used in this study, Ti-15Mo, contains 15
wt % of molybdenum and a negligible amount of other elements [33].
The alloy supplied from Carpenter Co. was solution treated in an inert
Ar atmosphere at the temperature of 810 °C for 4 h and quenched in
water (hereafter referred to as undeformed samples). Subsequent de-
formation by ECAP was carried out at Ufa State Aviation Technical
University (USATU) in the Russian Federation at the temperature of
250 °C in a die with channel angles Ф = 120° and ψ = 0° (see Fig. 1).
The alloy was subjected to N = 2 ECAP passes. The equivalent strain of
N ECAP passes can be calculated according to the von Mises equation
[34]:
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For N = 2 ECAP passes the total equivalent strain is εVM = 1.33.
ECAPed samples were produced in a shape of a rod with the diameter of
10 mm and the length of about 60 mm. Undeformed and ECAPed
samples were aged at 400 °C and 500 °C for 1, 4 and 16 h. The samples
were immersed in a preheated molten salt bath to avoid oxygen con-
tamination and to ensure a high heating rate; the samples were sub-
sequently quenched in water.

Zeiss Auriga Compact CrossBeam scanning electron microscope
equipped with an electron backscatter diffraction (EBSD) camera and

focused ion beam (FIB) was used for SEM analysis. The microscope was
operated at 10 kV for standard back-scattered electrons (BSE) ob-
servations and EBSD analysis, while the acceleration voltage of 20 kV
was used for BSE observations of a thin lamella prepared by FIB and for
transmission Kikuchi diffraction (TKD) analysis also referred to as
“transmission EBSD” (t-EBSD) [35]. EBSD analysis was carried out in
two different planes – parallel to the direction of processing (rolling
direction – RD) and perpendicular to the direction of processing
(normal direction –ND); see Fig. 1. Thin lamella was prepared by FIB
from a selected area for detailed investigation of the deformed micro-
structure using transmission electron microscope JEOL 2200 FS oper-
ated at 200 kV and using the above mentioned TKD method. In the
TKD, primary electrons are forward-scattered in a thin lamella and may
diffract at various plane systems in a crystalline material (similarly to
back-scattered electrons in EBSD analysis). Kikuchi pattern is subse-
quently detected using a standard EBSD camera. The signal of standard
EBSD origins from a narrow layer at the specimen surface while the
TKD signal origins from a narrow layer (50–100 nm) at the bottom
surface of the prepared thin lamella (150–200 nm).

X-ray powder diffraction (XRD) data were measured on a Bruker D8
Advance diffractometer, Bragg-Brentano geometry, Cu Kα radiation,
variable divergence slit, and a Sol-X detector. Diffraction patterns were
collected at room temperature in the 2θ range from 30° to 130° with a
step size of 0.02° and an exposure time of 5 s/step. The patterns were
fitted and refined by the program Jana2006 [36] employing le Bail
algorithm with a pseudo-Voigt profile and ten terms of Legendre
polynomials for the background.

Vickers microhardness measurements were performed by an auto-
matic microhardness tester Qness Q10a; 0.5 kg load and a dwell time of
10 s were applied. Size of a microhardness indent is approximately 20
μm. 20 indents were evaluated for each sample.

Samples for SEM, XRD and microhardness measurements were
prepared by mechanical grinding followed by a three-step vibratory
polishing. Thin TEM foils were prepared by electrochemical thinning
using Tenupol-5 jet polishing unit at −20 °C followed by ion polishing

Fig. 1. Schematic representation of the ECAP process and the orientation of the
sample (rolling (RD) and normal (ND) directions).
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using a Leica EM RES102 ion polisher. A site-specific lamella was cut
and thinned using a gallium FIB.

3. Results

3.1. Initial microstructure of Ti-15Mo alloy

Fig. 2 shows the initial microstructure of the Ti-15Mo alloy after
solution treatment. Coarse-grained structure with the grain size of ∼50
μm is well visible due to channelling contrast. Z-contrast shows che-
mical inhomogeneities observed as wavy features and present every-
where in the initial material. A region containing well visible chemical
inhomogeneity is marked by arrows in Fig. 2. Energy dispersive X-ray
spectroscopy (EDS) point analyses were carried out at different posi-
tions in order to quantify the differences in Mo content. Brighter parts
contain 16.7± 0.5 wt.% Mo, while darker parts 14.5± 0.4 wt.% Mo.
This slight difference may affect the phase stability of the parent β
phase matrix. The nanometer sized ωath phase, which is present in the
ST Ti-15Mo alloy [15], cannot be observed by SEM.

3.2. Ti-15Mo alloy after deformation by ECAP

The microstructure of the ECAPed sample after N = 2 ECAP passes
in both rolling and normal directions (Fig. 3(a) and (b), respectively)
was studied by EBSD. IPF maps in Fig. 3 indicate a highly deformed, but
not ultra-fine grained structure of the material. The orientation of the
black areas could not be successfully indexed due to a poor quality of
diffraction patterns. Grain interiors are significantly deformed as it can
be inferred from continuous changes of orientation (color) within in-
dividual grains. The activity of the twinning process during ECAP de-
formation is also visible in Fig. 3, some twins are highlighted by arrows.
Twinning in the system {112}<111>was confirmed from the inverse
pole figure (IPF) maps using the values of misorientation. This result is
consistent with previous reports in Ti-15Mo alloy [27,37]. Interior of
observed twins is also significantly deformed.

Fig. 2. BSE micrograph of the solution treated (undeformed) sample. The ar-
rows indicate chemical inhomogeneities present throughout the material.

Fig. 3. IPF maps of ECAPed samples in (a) rolling and (b) normal direction of the deformation and the corresponding orientation triangle for BCC structure. The
white arrows indicate twins.

Fig. 4. Bright field TEM image of the microstructure of Ti-15Mo alloy after N =
2 ECAP passes.
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The deformed microstructure of the specimen after N = 2 ECAP
passes in the rolling direction was studied in detail by TEM. In the
bright field (BF) image in Fig. 4, a severely deformed and twinned grain
with a high dislocation density can be observed (one twin is marked by
a yellow arrow). Furthermore, in the upper left corner a highly de-
formed band-like structure consisting of subgrains with a high density
of dislocations can be observed (delimited by a yellow dashed line).

Fig. 5(a) shows the [110] zone axis selected area electron diffraction
(SAED) pattern from the coarse β grain shown in Fig. 4, clearly ex-
hibiting ω phase reflections at the 1/3 and 2/3 {112}β positions. Dark
field (DF) TEM image from one of the ω phase reflections (shown by
yellow circle in Fig. 5(a)) is shown in Fig. 5(b). The appearance of the ω
phase after ECAP is similar to that previously reported for the ST
condition [15]. However, volume fraction and exact size of the ω phase
particles cannot be determined from TEM images.

3.3. Microstructure of the ST and ECAPed Ti-15Mo alloy after thermal
treatment

Fig. 6 shows SEM micrographs of the microstructure of undeformed
specimens after ageing at 400 °C and 500 °C for 4 and 16 h. α phase is
not observed after ageing at 400 °C for 4 and 16 h (Figs. 6(a) and (b)).
On the other hand, ageing at 500 °C (Fig. 6(c) and (d)) resulted in
precipitation of thick and continuous α phase along grain boundaries
(indicated by the white arrow in Fig. 6(c)). Apart of large grain
boundary α particle, lamellar α phase particles precipitated in the ma-
terial aged at 500 °C/16 h (Fig. 6(d)). Recently it has been proven by
TEM [38] that elliptical particles in the undeformed material after
ageing (Fig. 6(d)) are ωiso particles similar to those observed in [15].
This result is also consistent with XRD measurement presented below.

Fig. 7 shows BSE micrographs of the ECAPed specimen after the
same ageing treatment. Deformation contours in large β grains are seen
in Fig. 7(a) and (b). Small polygonal equiaxed α phase particles can be
observed already after ageing at 400 °C for 4 h (Fig. 7(a), marked with
an arrow). The particles are arranged in chains in areas with a higher
concentration of lattice defects. After a longer ageing time (400 °C/16
h, Fig. 7(b)), α phase particles became larger and their overall volume
fraction increased; however, they are still found only inside the bands.
An increased amount of the α phase is observed after ageing at 500 °C/4
h (Fig. 7(c)). Ageing of the ECAPed material at 500 °C for 16 h
(Fig. 7(d)) resulted in an abnormal growth of the β grains in shear bands
(SBs). These β grains with size exceeding 1 μm contain significantly
coarser α lamellae when compared to α particles in undeformed aged
material.

3.4. Microstructure observation of the aged ECAPed samples by TKD

In Fig. 7(b), the area selected for the site-specific lamella

preparation by focused ion beam (FIB) is shown. A thin lamella was cut
in the position of the green rectangle (perpendicular to the sample
surface) intentionally across a fine-grained strip containing α phase
particles. A detailed investigation of the lamella was carried out using
TKD.

In Fig. 8(a) the BSE micrograph of the analyzed area within the thin
lamella is shown. Darker areas can be associated with Mo depleted α
phase particles. Fig. 8(b) shows the phase map of refined β matrix and
small α particles. Black areas could not be indexed by TKD method
(indexing procedure is equivalent to common EBSD) due to poor quality
of diffraction pattern. This is caused by induced severe deformation and
by overlapping of α phase particles and β matrix within thickness of the
lamella. Figs. 8(c) and (d) show the TKD IPF maps of the β phase and α
phase, respectively. The microstructure within the observed α+ β layer
(shear band) is ultra-fine grained composed of refined β phase matrix
and equiaxed α phase particles. TEM analysis presented in our previous
study [39] proved that observed UFG bands contain also ω phase.
However, ω phase particles could not be identified by TKD due to their
small size and similarity of Kikuchi patterns of ω and β phases.

Note that the theoretical interaction depth for generation of back-
scattered electrons (> 200 nm) is larger than the thickness of the la-
mella, which is approximately 150−200 nm. Thus, the observed che-
mical contrast (Fig. 8(a)) is averaged over the full thickness of the
lamella, while small α-particles may not span through the whole
thickness. On the other hand, the signal from TKD arises only from the
(bottom) surface layer having the thickness of approximately 50−100
nm [40,41]. Hence, BSE micrograph and IPF maps do not coincide
perfectly.

A TKD IPF map from a coarse β grain outside the refined layer is
shown in Fig. 9. The coarse grain was determined as a pure β phase by
TKD. However, the material contains also ω phase particles [39] which
could not be resolved by TKD. The observed β grain is strongly de-
formed and contains low-angle grain boundaries. The degree of the
deformation within one β grain was measured by the change of the
point-to-origin orientation along the red line highlighted in Fig. 9(a)
from the origin of the red line marked as O. Fig. 9(b) shows the de-
pendence of the misorientation on the distance from the origin (point-
to-origin misorientation). The misorientation increases to 25° within 2
μm distance which indicates a highly deformed microstructure, how-
ever, without presence of high angle grain boundaries. Achieved ma-
terial therefore cannot be referred to as ultra-fine grained (UFG).

3.5. Evolution of phase composition with ageing

The evolution of phases in the aged undeformed and ECAPed sam-
ples was determined using XRD measurement. Measured (black curves)
and fitted (colored curves) XRD patterns of ST and ECAPed samples are
compared in Fig. 10 (note, that the vertical axis is displayed in the

Fig. 5. (a) Diffraction pattern of the parent β
matrix in the direction [110] containing ω
phase particles and; the yellow circle indicates
the ω phase reflection selected for dark field
TEM image (b) dark field TEM image of ω
phase particles (For interpretation of the re-
ferences to colour in this figure legend, the
reader is referred to the web version of this
article).
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Fig. 6. BSE micrographs of the undeformed samples aged at (a) 400 °C for 4 h, (b) 400 °C for 16 h, (c) 500 °C for 4 h, (d) 500 °C for 16 h. The white arrow indicates
the grain boundary α phase.

Fig. 7. BSE micrographs of the ECAPed samples aged at (a) 400 °C for 4 h, (b) 400 °C for 16 h (with the highlighted area of site-specific thin lamella preparation), (c)
500 °C for 4 h, (d) 500 °C for 16 h.
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Fig. 8. (a) BSE micrograph, (b) phase map from α and β phase (c) IPF map from the β phase and (d) IPF map from the α phase of the shear band of the ECAPed and
aged sample at 400 °C for 16 h.

Fig. 9. (a) IPF map from the βmatrix with a highlighted line, along which the dependence of the misorientation on the distance from the origin (O) was measured (b).

K. Bartha, et al. Materials Today Communications 22 (2020) 100811

6



logarithmic scale in order to accentuate small peaks). Both specimens
contain large grains with the size of hundreds of micrometres, and have
preferred orientation of grains, as can be inferred from the relative
intensity of the peaks. These facts complicate the quantitative analysis
of the XRD patterns and only qualitative conclusions can be made.

The ST Ti-15Mo alloy contains β and ω phase, which can be iden-
tified in the XRD pattern only by a tiny peak at 79°. The XRD pattern of
the material after ECAP deformation exhibits significantly broadened
peaks due to an increased dislocation density and reduced crystallite
size in the severely deformed material. Furthermore, due to residual
stresses in the ECAPed material, the peaks are slightly shifted to higher
2θ angles, i.e. to shorter interplanar distances. The intensity of ω peaks
indicates increased volume fraction of the ω phase in the ECAPed ma-
terial due to deformation at the elevated temperature of 250 °C which is
sufficient for the irreversible formation of the diffusion stabilized ωiso

phase.
In Fig. 11(a) and (b), the evolution of the XRD patterns with ageing

is shown for undeformed and ECAPed specimens, respectively. The
vertical axis is again displayed in logarithmic scale. The most sig-
nificant peaks, where the evolution of emerging phases is most ap-
parent, are marked with arrows – filled and open arrows for α and ω
phase, respectively. Note, that for better visibility only fitted data are
shown in Fig. 11(a) and (b).

Ageing of undeformed material at 400 °C/1 h (red curve in
Fig. 11(a)) causes an increase of the intensity of the peaks of ω phase
(open arrows). Small peaks from the α phase are also visible in the
pattern (full arrows). XRD patterns of undeformed material aged at 400
°C for 1, 4 and 16 h and at 500 °C for 1 h are very similar. After ageing
at 500 °C/4 h, the α phase is clearly present (filled arrows in Fig. 11(a))
and its volume fraction increases after ageing at 500 °C for 16 h, which
is consistent with SEM observations. Even after ageing at 500 °C for 16
h, ω phase is still present according to XRD.

In the ECAPed material, volume fraction of the ω phase increases
after ageing at 400 °C/1 h, similarly to the undeformed material (red
curve in Fig. 11(b), open arrows). Contrary to the undeformed material,
volume fraction of α phase is significantly higher in the ECAPed sam-
ples aged at 500 °C for 1 h and increases with the time of ageing (green
curve in Fig. 11(b), full arrows). Volume fraction of α phase is even
significantly higher in samples aged at 500 °C and increases with time
of ageing. Increased amount of α phase is accompanied by a decrease of
volume fraction of ω phase. After ageing at 500 °C for 4 and 16 h the
ECAPed material does not contain ω phase.

3.6. Evolution of the microhardness with ageing

The evolution of the microhardness of undeformed and ECAPed

condition with ageing time is shown in Fig. 12 for both ageing tem-
peratures. The microhardness of the ST Ti-15Mo alloy is approximately
∼280 HV, while the ECAPed condition exhibits an increased micro-
hardness of ∼380 HV. At the lower ageing temperature the micro-
hardness increases with increasing ageing time both in the undeformed
and ECAPed conditions. However, the microhardness values are the
same in both materials. Ageing of both types of the material at 500 °C
leads to a lower microhardness compared to ageing at 400 °C. Contrary

Fig. 10. XRD patterns of the Ti-15Mo alloy in ST and ECAPed conditions. The
patterns are shifted vertically for clarity.

Fig. 11. XRD patterns of the (a) undeformed and (b) ECAPed specimens alloy
and their evolution with ageing of the material. Black and white arrows indicate
significant α and ω peaks, respectively (see the text). The patterns are shifted
vertically for clarity.

Fig. 12. Dependence of the microhardness of undeformed and ECAPed samples
aged at 400 °C and 500 °C on the ageing time.
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to 400 °C, the microhardness decreases with increasing ageing time at
500 °C. ECAPed aged at 500 °C exhibit slightly higher microhardness
than their undeformed counterparts.

4. Discussion

4.1. Deformation by ECAP

The deformation of initial β solution treated alloy by ECAP results in
the formation of deformed and twinned structure, however, the grain
fragmentation is insignificant. The equivalent deformation after N = 2
ECAP passes according to von Mises (Eq. 1) is approx. 1.33 which is not
sufficient for pronounced grain fragmentation of the β matrix.
Nevertheless, according to TEM observations (Fig. 4) areas with higher
concentration of the lattice defects (particularly dislocations) appear in
the ECAP deformed microstructure. Formation of shear bands (SB) in
ECAP deformed materials has already been reported elsewhere [28,42].

XRD results suggest that the amount of the ω phase may have in-
creased after ECAP either due to severe deformation [43] or due to
processing at elevated temperature of 250 °C. In order to assess the
effect of temperature, solution treated benchmark sample was annealed
at 250 °C for 30 min, which corresponds approximately to the time of
ECAP processing by N = 2 passes including pre-heating of material.
The achieved microhardness of 340 HV (compared to 280 HV of ST
material and 380 HV of ECAP material) suggests that processing at the
elevated temperature of 250 °C is sufficient for the formation of ωiso

phase particles stabilized by diffusion [44].

4.2. Effect of ageing on phase composition and microstructure

Both undeformed and ECAPed materials were subjected to ageing
treatment in order to reveal the differences between ongoing phase
transformations and the morphology of α phase particles. According to
the XRD measurement, the amount of the α phase is slightly increased
in the undeformed material after ageing at 400 °C for 1 and 4 h. On the
other hand, in the material after ECAP, the α phase precipitation is
already significant after ageing at 400 °C for 1 and 4 h. Indeed, small
equiaxed particles were observed in SEM images of ECAPed and aged
specimens (see Fig. 7).

Accelerated and localized precipitation of the α phase in the de-
formed β-Ti alloy is strongly correlated with the pre-existing SBs cre-
ated by ECAP deformation. Such SBs with a high density of lattice de-
fects are favorable areas for preferential nucleation of the α phase
because less energy is required for nucleation at defects [45]. Once
nucleated, the growth of α nuclei is diffusion-controlled [46] and the
coarsening of the α phase is therefore controlled by the diffusion of Mo
(β stabilizing element) in the β matrix. It is known, that diffusion rate
along grain boundaries and pipe diffusion along dislocation cores are
several orders of magnitude higher than the volume diffusivities
[45,47]. Therefore, in the ECAPed material the heterogeneous pre-
cipitation (both nucleation and growth) of the α phase is accelerated.

Enhanced diffusion should also promote diffusional stabilization
and growth of ωiso particles. However, ω particles do not form by the
standard nucleation mechanism and therefore the overall effect of de-
formed microstructure on ωiso phase evolution might be weaker.
Furthermore, α phase precipitation is a competitive process to ωiso

phase growth. Mo atoms are expelled from α phase particles causing the
thermodynamic stabilization of surrounding β phase and the reduction
of the volume fraction of metastable ω phase [22].

In the deformed material, equiaxed morphology of α phase pre-
cipitates is observed after ageing at 400 °C. The growth of individual α
phase particles is limited by the high amount of α nuclei via two pro-
cesses. First, each α nucleus forms a barrier for the growth of another α
precipitate due to impingement. Second, each α nucleus forms a barrier
for diffusion of Mo which limits the growth of α particles due to addi-
tional β stabilization of surrounding β matrix. As a result, after ageing,

α phase particles remain equiaxed in shear bands of the ECAPed ma-
terial, which is similar to α particle precipitation in a highly deformed
material after HPT [24,29,48].

A significant difference in the evolution of the phases in undeformed
and ECAPed specimens can be found after ageing at 500 °C. While the ω
phase is retained in the undeformed material, volume fraction of the ω
phase in the ECAPed material decreased after ageing at 500 °C. It can be
attributed to α phase precipitation causing additional thermodynamic
stabilization of the β matrix due to expelling of Mo atoms. The presence
of incoherent α phase precipitates also relieve internal elastic stresses in
the matrix which may otherwise also promote ω phase formation [49].
Similar preference of α phase precipitation over ω phase formation was
observed in cold-rolled Ti-25Nb–2Mo–4Sn alloy [50].

Heterogeneous growth of α phase lamellae occurs in the material
after ECAP (see Fig. 7(d)). The resulting microstructure resembles a
discontinuous coarsening of the lamellar structure which was observed
in various alloying systems [51–53]. Discontinuous coarsening typically
originates at grain boundaries [51] and arises from lowering the total
energy of the system by simultaneous decreasing of amount of grain
boundaries and interfaces between phases. Parallel α lamellae are ob-
served in Fig. 7(d) which suggests that only one variant of α lamellae
evolved in each β grain. It is typical for discontinuous coarsening
[54–56]. As the result the microstructure of aged ECAP is coarser, at
least in some areas, than in the aged undeformed counterpart.

4.3. Microhardness

The microhardness of the Ti-15Mo alloy increases from HV ≈ 280
of the solution treated coarse-grained material to HV ≈ 380 of the
deformed material after ECAP. The increase is attributed to strength-
ening by grain fragmentation, twinning, the high dislocation density
[9,10] and importantly to the evolution of ωiso phase particles as dis-
cussed above.

Despite limited knowledge of interaction between ω particles and
dislocations, it can be assumed, that dislocations overcome ωath parti-
cles in the ST material by cutting through precipitates. These particles
are small, coherent and moreover, the β→ωath transformation may be
incomplete - only small shifts of atomic planes may take place after
quenching [20]. The shear stress required for a dislocation to pass
through a precipitate increases with the size of the particle and, in
particular, with the obstacle strength [57,58].

During ECAP processing at 250 °C, ω particles become stabilized by
expelling Mo and the shift of atomic planes associated with β→ω
transformation is more pronounced [15,19]. The evolution of ω parti-
cles may increase the obstacle strength for dislocation motion and
hardening by ω phase is more pronounced in the ECAPed material than
in the ST material despite the overall volume fraction of the ω phase
and the average size of ω particles might be comparable.

The values of microhardness after ageing at 400 °C for 1 h sig-
nificantly increased to ∼ 480 HV for both undeformed and ECAPed
materials. As the α phase is not present in the material, the increase of
the microhardness can be attributed to the evolution of ω phase parti-
cles as discussed above. With further ageing at 400 °C for 4 and 6 h, a
slight increase of the microhardness was observed and the microhard-
ness would possibly eventually saturate similarly as in metastable
Ti–6.8Mo–4.5Fe–1.5Al alloy [59]. The microhardness of the ECAPed
material does not exceed the microhardness in the undeformed material
after ageing at 400 °C. In comparison, the maximum microhardness of
the Ti-15Mo alloy after one HPT turn attains very similar value of ∼
500 HV [60].

Microhardness of the specimens aged at 500 °C is significantly in-
creased when compared to initial ST and ECAPed conditions. This is
attributed to the presence of ω phase and also to the α phase pre-
cipitation, which is observed both by XRD and SEM. On the other hand,
microhardness after ageing at 500 °C is significantly lower than after
ageing at 400 °C, see Fig. 12. This decrease is related to the lower
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amount of the ω phase, as observed in XRD patterns, especially for
ECAPed material (see Fig. 11(b)). Lower amount of ω phase in the aged
ECAPed material is attributed to a massive increase of the content of
thermodynamically stable α phase. A slight decrease of the micro-
hardness with the ageing time is associated with coarsening of both ω
and α phase particles. Recovery of the defects and possible re-
crystallization can also play a role in the microhardness decrease in
ECAPed material. A positive effect of ECAP processing on microhard-
ness is suppressed by subsequent ageing and concurrent phase trans-
formations.

5. Conclusions

Ti-15Mo alloy in a β solution treated condition was subjected to
deformation by ECAP. Undeformed and ECAPed materials were sub-
jected to ageing at temperatures 400 °C and 500 °C. The effect of the
deformation on microhardness and phase transformations, namely the α
phase precipitation was studied. The most important results of this
study can be summarized as follows:

• ECAP processing performed at an elevated temperature of 250 °C
results in the formation of deformed but not ultra-fine grained
structure and in an increased amount of the ω phase in the material.

• Contrary to the undeformed material, small and equiaxed α phase
particles precipitate already after ageing at 400 °C for 1 h in the
ECAPed material in shear bands containing a high density of lattice
defects.

• ω particles play a major role in hardening of the alloy. Upon ageing
at higher temperatures and longer times, the ω phase content de-
creases and the microhardness evolution is governed by α phase
precipitation.
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Abstract: Ti15Mo metastable beta Ti alloy was solution treated and subsequently deformed by
high-pressure torsion (HPT). HPT-deformed and benchmark non-deformed solution-treated materials
were annealed at 400 ◦C and 500 ◦C in order to investigate the effect of UFG microstructure on the
α-phase precipitation. Phase evolution was examined using laboratory X-ray diffraction (XRD) and by
high-energy synchrotron X-ray diffraction (HEXRD), which provided more accurate measurements.
Microstructure was observed by scanning electron microscopy (SEM) and microhardness was
measured for all conditions. HPT deformation was found to significantly enhance the α phase
precipitation due the introduction of lattice defects such as dislocations or grain boundaries, which
act as preferential nucleation sites. Moreover, in HPT-deformed material, α precipitates are small and
equiaxed, contrary to the α lamellae in the non-deformed material. ω phase formation is suppressed
due to massive α precipitation and consequent element partitioning. Despite that, HPT-deformed
material after ageing exhibits the high microhardness exceeding 450 HV.

Keywords: β titanium alloys; severe plastic deformation; α phase precipitation; phase composition;
high energy synchrotron X-ray diffraction

1. Introduction

The interest in metastable β-Ti alloys has gradually increased due to their high specific strength,
which make them ideal for applications in the aerospace industry [1]. Manufacturing of medical
implants and devices is another high-added-value field and constitutes a prospective application of
metastable β titanium alloys [2]. These alloys offer higher strength levels than commonly used α + β

alloys due to controlled precipitation of tiny particles of α phase [3]. The strength of titanium and
Ti-based alloys can be further improved by achieving an ultra-fine grained (UFG) structure via severe
plastic deformation methods (SPD) [4–7]. Manufacturing of UFG metastable β-Ti alloys is of significant
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interest as demonstrated by recent reports [8–11]. This study focuses on the effect of microstructure
refinement by SPD on the precipitation of α phase upon subsequent thermal treatment.

The α phase forms in metastable β Ti alloys by a standard mechanism of nucleation and growth.
The kinetics of α phase formation in a solution-treated material is generally given by chemical
composition of the alloy and the temperature of ageing. However, α phase precipitation also strongly
depends on the microstructure since α phase particles nucleate at preferential sites such as grain and
subgrain boundaries and dislocations [12,13].

In some β-Ti alloy, nanosized ω phase particles can also act as preferential nucleation sites for
precipitation of α phase, although the exact mechanism of ω formation has not been fully resolved
yet [14–18]. It is therefore of significant interest to investigate α phase precipitation in the presence
of high concentration of lattice defects (UFG material) in an alloy prone to the ω phase formation.
Binary metastable Ti15Mo alloy used in this study consists, similarly to other β-Ti alloys with similar
degree of β stabilization, of a mixture of β andωath (athermalω) phases in the solution-treated (ST)
condition [19,20]. Thisωath phase forms during quenching of the alloy from the temperatures above β
transus by a displacive diffusionless mechanism [21]. However, it was also reported that ω phase can
form as a result of high deformation, and is referred to as deformation inducedω [8,22]. The β→ωath

transformation is reversible up to a temperature of 110 ◦C [23]. Upon ageing at higher temperatures,
theωath particles become stabilized by diffusion i.e., in Ti15Mo alloy by expelling Mo. This phase is
referred to asωiso (isothermalω) [24]. The size of particles ofωiso phase is typically in the range of
few nanometers up to 100 nm [19,24].

Solution-treated Ti15Mo alloy was processed by high-pressure torsion (HPT) [5] in order to achieve
ultra-fine grained (UFG) microstructure with a high density of lattice defects. The equivalent von
Mises strain achieved by HPT is heterogeneous and can be calculated according to Equation (1) [25]:

εvM =
2πNr
√

3h
(1)

where r represents the distance from the center of the sample, h is the thickness of the specimen, and N
is the number of revolutions. The equivalent inserted von Mises strain after a single HPT rotation (N =

1, r = 10 mm and thickness h of 1 mm) ranges from 0 (the exact center) up to 35 = 3500% (periphery).
Such extreme strain results in a dislocation density exceeding ρ = 5 × 1014 m−2 and grain size in the
range of hundreds of nanometers [11,26].

The objective of this study was to investigate the effect of SPD on the mechanisms and kinetics of
α phase precipitation and to compare it with the precipitation in the non-deformed solution-treated
material. Both laboratory X-ray diffraction (XRD) and high-energy XRD using synchrotron radiation
(HEXRD) were employed for this experimental study.

2. Materials and Methods

Ti15Mo (wt%) alloy was supplied by Carpenter Co. (Richmond, VA, USA) in the form of a rod with
the diameter of 10 mm. The as-received material was solution treated (ST) in an inert Ar atmosphere
at the temperature of 810 ◦C for 4 h and subsequently water quenched. The cylindrical samples
of the length of 5 mm were first cut from the rod and pressed with 6 GPa to achieve disk-shaped
samples with the diameter of 20 mm and the thickness of approximately 1 mm. Disk samples were
subsequently subjected to HPT deformation at room temperature at Ufa State Aviation Technical
University (USATU), Russian Federation. Note that this pre-HPT deformation induced deformation of
about 75% is significantly lower than the actual HPT deformation. The detailed description of the HPT
method can be found elsewhere [5]. For this study, samples after N = 1 HPT rotation were prepared.

ST and HPT deformed samples (hereafter referred to as non-deformed and HPT-deformed,
respectively) were aged at temperatures of 400 ◦C and 500 ◦C for 1, 4, and 16 h. The ageing was
performed by immersing the samples to preheated salt-bath (i.e., with very high heating rate) without
air access and subsequently water quenched. HPT samples for scanning electron microscopy (SEM)
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and microhardness study were prepared from the periphery part of the disks (>5 mm from the center)
where the imposed strain is maximum. For XRD measurements, a quarter of a disk-shaped sample
was used. All samples were mechanically grinded and polished by standard methods followed by a
three-step vibratory polishing.

The microstructure of the specimens was observed using SEM Zeiss Auriga Compact Cross Beam
(Jena, Germany) equipped with the energy dispersive spectroscopy (EDS) detector operated at 4 kV.
K-line and L-line for Ti and Mo, respectively, were used for quantification of EDS data.

XRD measurement of the non-deformed Ti15Mo alloy was performed employing a Bruker
D8 Advance powder X-ray diffractometer using Cu Kα radiation (Bruker AXS GmbH, Karlsruhe,
Germany), with a variable divergent slit and a Sol X detector. The width of the beam was 6 mm and
the sample was rotated, allowing it to probe the whole specimen surface. XRD measurements of the
HPT-deformed Ti15Mo alloy were carried out on Bruker D8 Discover powder X-ray diffractometer.
Vertical Bragg-Brentano geometry (2.5◦ Soller slits in both primary and secondary beam and 0.24◦

divergence slit) with filtered Cu Kα radiation was used. Beam size of 20 mm × 5–15 mm (depending on
the θ angle) was used. Note that the beam size is comparable to the size of the HPT disk. Diffraction
patterns in both cases were collected at room temperature in the 2θ range from 30◦ to 130◦ and were
analyzed using LeBail approach in the program Jana2006 (Václav Petríček, Michal Dušek and Lukáš
Palatinus, Institute of Physics Academy of Sciences, Prague, Czech Republic).

The HEXRD measurement was carried out at the P07-HEMS beamline of PETRA III (Deutsches
Elektronen-Synchrotron, Hamburg, Germany) [27] using the energy of 100 keV (λ = 0.124 Å) in a
transmission mode perpendicular to the HPT surface. Patterns of entire Debye–Scherrer rings were
acquired ex-situ from the bulk of Ti15Mo samples at room temperature. A PerkinElmer XRD 1621
image plate detector was used. The samples were kept fixed during the acquisition and measured
5 mm from the center of the sample with an incident beam of slit size of 1 × 1 mm2. The acquired
diffraction patterns were processed by Rietveld structural refinement using FullProf software (Juan
Rodriguez Carvajal, ILL Grenoble, France). Azimuthal averaging over 360◦ was performed first.
HEXRD diffractograms after azimuthal averaging were treated by the March–Dollase approach in
order to obtain at least rough estimates of volume fractions of individual phases. In fact, β phase peaks,
which are the most intensive, could be fitted without the March–Dollase ‘adjustment’. Nevertheless,
diffractions of evolving α andω phases had to be treated by the March–Dollase approach to achieve
reasonable agreement with the measured data [28]. Even with the use of the March–Dollase approach
the resulting R-factors of the fit accuracy range between 15–20 for α andω phases, while R-factor for β
phase is around 10.

The microhardness of the samples was measured using the Vickers method with the use of
microhardness tester Qness Q10a (Golling, Austria). Note that all samples from HPT disks were cut
from the area at least 5 mm distant from the center where microhardness of HPT N = 1 condition is
saturated [8]. For each specimen 0.5 kg load and the dwell time of 10 s were applied. At least 20
indents were evaluated for each sample in order to get satisfactory statistical results.

3. Results

3.1. Initial Conditions

Microstructure

The initial microstructure of the ST Ti15Mo alloy is shown in Figure 1. A coarse-grained (CG)
structure consisting of grains of the average size of ~50 µm is well visible due to the channeling
contrast. In addition, brighter and darker and areas are also visible in the material due to the chemical
contrast (marked by yellow arrows in Figure 1). These chemical inhomogeneities were investigated by
EDS. Table 1 summarizes the results of the EDS point analysis. Note that results were obtained by
standardless EDS in which the measured spectra are compared to the data collected from standards
by the EDS manufacturer under different conditions (namely different beam conditions). Such data
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are therefore subjected to systematic error and as such they are not fully reliable in terms of exact
quantitative Mo content determination. However, the relative difference in chemical composition
between different areas is accurate and unambiguous.
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composition differences, which were also confirmed by EDS. Darker areas with lower Mo were 

Figure 1. Scanning electron microscopy–back-scattered electrons (SEM–BSE) micrograph of the
solution-treated (ST) Ti15Mo alloy (the yellow arrows indicate chemical inhomogeneities in the
material).

Table 1. Chemical composition of the darker and brighter bands (marked by yellow arrows in Figure 1)
as determined by energy dispersive spectroscopy (EDS) point analysis.

Element Brighter Part (wt.%) Darker Part (wt.%)

Ti 83.3 ± 0.5 85.7 ± 0.4
Mo 16.7 ± 0.5 14.3 ± 0.4

Local chemical inhomogeneities in the ST material were also investigated by EDS mapping. In
Figure 2a, several β-grains and darker and lighter areas (visible especially in the top left corner of the
image) are visible due to channeling contrast and chemical contrast (Z-contrast), respectively. EDS
mapping confirms the chemical inhomogeneity—darker areas in Figure 2a contain less Mo as shown
in Figure 2b. Variations in the local content of Mo (β stabilizing element) may affect the phase stability
of the β phase matrix.
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Figure 2. Local chemical inhomogeneities in ST Ti15Mo alloy: (a) scanning electron microscopy–
secondary electrons (SEM–SE) micrograph of the area of interest, (b) corresponding element map of
Mo using EDS.

The chemical inhomogeneities were also studied in the HPT-deformed sample. The SEM–BSE
micrograph in Figure 3 clearly shows lighter and darker bands corresponding to the chemical
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composition differences, which were also confirmed by EDS. Darker areas with lower Mo were formed
from curly bands in the non-deformed material (Figure 1). In HPT deformed material, they are
elongated in the direction of the deformation (Figure 3).
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3.2. Non-Deformed and HPT-Deformed Material after Ageing

3.2.1. The Evolution of Microstructure during Ageing

SEM–BSE micrographs in Figure 4 show the evolution of the microstructures of the non-deformed
material after ageing at 400 ◦C and 500 ◦C for 1–16 h. The microstructure consists of coarse-grained β
matrix. At least one triple-junction is shown in each image. After ageing at 400 ◦C for 1 and 4 h, only β
matrix is observed. In the specimen aged for a longer time (400 ◦C/16 h), nanometer-sized precipitates
are seen in the SEM–BSE micrograph (note the higher magnification of this micrograph). These small
ellipsoidal particles are particles of ω phase, which are visible due to chemical partitioning—ω phase
particles are slightly Mo depleted [29]. Ageing at the higher temperature of 500 ◦C resulted in a
precipitation of continuous and coarse α phase along grain boundaries (hereafter referred to as grain
boundary α or GB α), which is also Mo depleted and appears as a long dark particle along the former
β/β boundary (indicated by a yellow arrow). In the vicinity of the β grain boundaries, α phase particles
with a typical lamellar morphology precipitated. Small ellipsoidal particles in the grain interior belong
to ω phase. The contrast of these particles increases with the increasing ageing time due to ongoing
chemical partitioning. After ageing at 500 ◦C for 16 h, tiny ellipsoidalω particles are clearly seen in
grain interiors, GB α is visible along the former β/β grain boundaries and α lamellae span from the
GB α to the grain interiors. In conclusion,ω particles with ellipsoidal morphology can be observed
by SEM in the grain interior after ageing at 500 ◦C and the fraction of α phase particles with lamellar
morphology increases with increasing time of ageing at 500 ◦C. The coexistence of all three β, α, andω
phases is observed.

Figure 5 shows the microstructures of the HPT-deformed samples after ageing. Already after
ageing at 400 ◦C/1 h, significant differences between the non-deformed and HPT-deformed specimens
can be observed. In the non-deformed material, there is no evidence of α phase particles. On the other
hand, small and equiaxed α particles already precipitated in HPT sample. In specimens aged at 400 ◦C
for longer times of 4 h and 16 h, the volume fraction of the α phase increased and, simultaneously, α
precipitates coarsened. Moreover, the precipitation is not homogeneous—some areas contain clearly
more α phase particles. Ageing at 500 ◦C resulted in the formation of larger α particles, which are
generally equiaxed, but not round—rather polygonal and sharp edged.
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Figure 5. SEM–BSE micrographs of the samples deformed by high-pressure torsion (HPT-deformed
samples) after ageing.

3.2.2. Evolution of Phase Composition during Ageing

The phase composition of the non-deformed and HPT-deformed samples before and after ageing
is shown in laboratory XRD patterns in Figures 6 and 7, respectively. Both the measured (thin black
curves) and fitted (colored curves) XRD patterns are shown. The interplanar distance is displayed
on the horizontal axis for the comparison to the HEXRD data, while the y-axis shows the intensity in
a logarithmic scale, allowing one to distinguish small peaks. The most important peaks, which best
describe the evolution of emerging phases, are marked with arrows—full and open arrows for α andω
phase, respectively. A quantitative determination of phase content is not possible. The non-deformed
specimen contains large grains with the size of hundreds of micrometers while HPT-deformed material
is severely plastically deformed with high dislocation density and high internal stress resulted in the
broadening of XRD peaks. Moreover, in both conditions, the grains have a preferred orientation as can
be revealed from the relative intensity of the peaks. Therefore, laboratory XRD patterns could not be
successfully fitted by any other method than the simple LeBail approach. However, several qualitative
comparisons can be made.
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is still present in the specimen aged 500 °C even for the longest time of 16 h reported in [29]. 

Figure 6. X-ray diffraction (XRD) patterns (in log-scale) of aged conditions of the non-deformed Ti15Mo
alloy. Black thin curves correspond to data, colored curves are numerical fits. Non-deformed without
ageing (red curve) and aged conditions (other colored curves) are displayed. The patterns are vertically
shifted for clarity. The most important peaks are marked by full and open arrows for α andω phase,
respectively. Two unfitted peaks around dhkl = 1.9 originated from the sample holder.

The non-deformed Ti15Mo alloy contains a mixture ofβ andω phases. However, the identification
of the ω phase content is difficult due to overlapping peaks of β and ω peaks. Nevertheless, ω peaks
(11–22)ω and (11–21)ω can be observed at the inter planar distances dhkl ≈ 1.2 Å and dhkl ≈ 1.8 Å,
respectively, as shown in Figure 6. Ageing of the non-deformed specimen at 400 ◦C/1 h (red curve in
Figure 8) resulted in an increase of the intensity and narrowing of ω peaks (open arrows). In addition,
small α phase peaks are also visible (full black arrows). XRD patterns of the non-deformed material
aged at 400 ◦C for 1, 4, and 16 h are very similar. In the specimen aged at 500 ◦C for 1 h, the α phase
is clearly present (full arrows in Figure 6). Moreover, its volume fraction increases with increasing
ageing time (4–16 h), as also confirmed by SEM observations (cf. Figure 5); ω phase is still present in
the specimen aged 500 ◦C even for the longest time of 16 h reported in [29].
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Figure 8. High-energy synchrotron X-ray diffraction (HEXRD) pattern of the HPT-deformed sample.

The XRD pattern of the HPT deformed specimen exhibits significantly broadened peaks due to
enhanced dislocation density and reduced crystallite size in this specimen. Moreover, the peaks are
slightly shifted to different values of interplanar distances due to residual stresses in the deformed
material—the direction of the shift depends on the type of the residual stress [30].
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Theω phase content in the HPT sample seems to be inferior to that in the non-deformed sample;
only a tiny peak can be resolved at the interplanar distance dhkl ≈ 1.2 Å. However, the most intensive
peaks of theω phase coincide with the peaks of the β phase.

In order to obtain more precise information about volume fraction of individual phases, HEXRD
measurement was carried out on the HPT-deformed sample. In contrast to the laboratory XRD, HEXRD
provides a better signal-to-noise ratio and the simultaneous measurement of the scattering signal in
various directions due to the use of a 2D detector and subsequent azimuthal averaging. Consequently,
a better resolution of small peaks, namely those of the ω phase, is achieved. Figure 8 shows the
HEXRD pattern of the HPT specimen. Both the measured and fitted intensities as well as the difference
curve between the fitted and measured intensity are shown in Figure 8. The results indicate that the
HPT-deformed alloy is a two-phase material with volume fractions of the β andω phase of 72% and
28%, respectively (the error of the volume fractions estimation is approximately ±5%).

In order to get more accurate results, the selected HPT-deformed specimen after ageing at 400
◦C/1 h was examined using HEXRD. Both the measured and fitted intensity and the difference between
the fitted and measured data are displayed in Figure 9.
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Figure 9. HEXRD pattern of the HPT-deformed sample after aging 400 ◦C/1 h.

The volume fractions of individual phases in HPT-deformed sample before and after ageing at
400 ◦C/1 h are summarized in Table 2. The non-aged HPT-deformed material contains a high-volume
fraction of theω phase (28%). After ageing, the volume fraction decreases to approximately 9%. This
is caused by enhanced volume fraction of the α phase, which reaches 23% in the aged condition.

Table 2. Volume fraction of individual phases in HPT-deformed Ti15Mo alloy as determined from high
energy synchrotron X-ray diffraction (HEXRD). The experimental errors are also shown.

Material Volume Fraction of the
β Phase

Volume Fraction of the
ω Phase

Volume Fraction of the
α Phase

Ti15Mo HPT 72% ± 5% 28% ± 5% -
Ti15Mo HPT + ageing

400 ◦C/1 h 67% ± 5% 9% ± 3% 23% ± 4%

3.2.3. Microhardness Evolution during Ageing

Figure 10 shows the dependence of Vickers microhardness on ageing of the non-deformed
and HPT-deformed samples. Ageing of both samples at 400 ◦C resulted in an abrupt increase of
microhardness. In the non-deformed specimen, the microhardness increases with increasing ageing
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time at 400 ◦C. On the other hand, in the HPT-deformed sample aged at 400 ◦C for 1 h the microhardness
reaches the maximum (500 HV). With increasing ageing time at 400 ◦C the microhardness continuously
decreases. Specimens aged at 500 ◦C exhibit lower microhardness than specimens aged at 400 ◦C. The
microhardness of HPT sample aged at 500 ◦C for 16 h even drops below the microhardness of the
non-aged HPT specimen.
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4. Discussion

4.1. Enhanced α Phase Precipitation

A significant difference in the evolution of α phase in the non-deformed and the HPT-deformed
conditions was observed. α phase is known to precipitate preferentially along the grain boundaries
as so-called grain boundary α (GB α) [31]. Enhanced α phase precipitation was also found in
pre-deformed materials due to the high dislocation density [32,33]. High concentration of defects in the
HPT-deformed condition reduce the energy barrier for the nucleation of α phase. The growth of an α
nuclei and its coarsening is controlled by the diffusion of Mo (β stabilizing element) in the βmatrix [34].
It is well-known known that the pipe diffusion along dislocation cores as well as the diffusion rate
along grain boundaries are several orders of magnitude higher than the bulk diffusion [35]. As a
consequence, the growth of the α precipitates along grain boundaries is also accelerated. The enhanced
precipitation of the α phase in severely deformed metastable β Ti alloys was reported in several
studies [36,37]. In the coarse-grained material, α phase particles precipitate in the form of lamellae,
because certain mutual orientations of neighboring α and β lattices are associated with the significantly
lower interfacial energy and therefore, lamellar shape is optimal for the reduction of the total interfacial
energy of a precipitate [38]. On the other hand, α particles in the HPT-deformed materials are equiaxed,
but not round—detailed inspection of Figure 5 reveals that particles are rather polygonal and sharp
edged. It is assumed that α phase particles nucleate at triple junctions and all observed α particles are
in fact GB α.

Ageing of HPT-deformed material (particularly at 400 ◦C/16 h) resulted in an inhomogeneous
precipitation of α particles. Such inhomogeneity was reported to be caused by shear bands formed
in the HPT deformed material [36,37,39,40]. However, we did not find any shear bands in the HPT
material. On the other hand, we observed chemical inhomogeneities both in the non-deformed and
in the HPT-deformed sample. In the latter case, the inhomogeneities are extended in the direction
of HPT deformation (cf. Figure 3). As a consequence, the nucleation of the α phase particles may
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be therefore promoted in the areas depleted in Mo, even if the shape and the scale of precipitation
inhomogeneities in Figure 5 cannot be directly compared to Mo-depleted regions in Figure 3 due to
very different magnification (zone of observation).

In the specimen aged at 500 ◦C, ω phase was retained in the non-deformed material while it was
completely absent in the HPT-deformed specimen. Enhanced precipitation of the α phase results in the
rejection of the β stabilizing Mo to the surrounding βmatrix causing a thermodynamic stabilization of
the β matrix and suppression of the formation of the ω phase HPT deformed material [26]. Similar
behavior, i.e., the preferred α phase precipitation over the formation of theω phase, was observed in
Ti-25Nb-2Mo–4Sn alloy deformed by cold-rolling [41].

4.2. Microhardness Evolution

Microhardness is significantly increased by HPT deformation as discussed in detail in [8] due to
the microstructural refinement, the introduction of high dislocation density, and increased content ofω
phase. Ageing of both non-deformed and HPT-deformed materials at 400 ◦C resulted in microhardness
increase. Moreover, similar microhardness values were observed in both conditions. However, the
similar increase of the microhardness can be attributed to different effects in both conditions.

The hardening of the non-deformed material aged at 400 ◦C is caused by the ω particles—the
nano-sizedω particles are stabilized by diffusion, their size increases, and they act as much stronger
obstacles for motion of dislocations. One may assume that a moving dislocation can pass through (cut)
ωath particles (known as Friedel effect [42]) as they are small and coherent. It is well known that the
shear stress required for a dislocation to pass through a precipitate increases with its increasing size
(within the Friedel’s limit) and/or with increasing strength of the obstacle to dislocation motion [42,43].
Due to this and also because of the increasing volume fraction of ω phase, the hardness of the
non-deformed material increases with increasing ageing time at 400 ◦C.

In HPT-deformed material, ageing at 400 ◦C already for 1 h results in the precipitation of tiny
α phase particles, which are incoherent and cause significant Orowan strengthening. On the other
hand,ω phase content is relatively low. The decreasing microhardness of the HPT material aged at 400
◦C for longer times (4 and 16 h) may be related to the coarsening of the α + βmicrostructure. Both β
matrix grains and α phase precipitates coarsen with increasing ageing time. The same process is even
more pronounced during ageing at 500 ◦C. The microhardness was found to monotonically decrease
with increasing ageing temperature and time. The maximum microhardness is therefore achieved in
the HPT specimen aged at 400 ◦C. In a recent study [44], HPT deformation of Ti15Mo/TiB composite
was performed at 400 ◦C and very high microhardness values (650 HV after N = 1 HPT revolution)
were achieved.

The microhardness of the non-deformed material aged at 500 ◦C is inferior to that of the material
aged at 400 ◦C for all ageing times. The relative decrease of microhardness of the non-deformed
material with increasing temperature of ageing may be attributed to the decreasing volume fraction
and increasing size ofω particles, whose size is well beyond the Friedel’s limit.

Severe plastic deformation of the parent β phase and the introduction of high density of defects
significantly accelerates theα phase precipitation. An important additional effect of this enhancement is
the reduction of the content ofω phase and its disappearance at comparatively low ageing temperatures.

5. Conclusions

Metastable β titanium Ti15Mo alloy was prepared by HPT and subsequently aged at 400 ◦C and
500 ◦C. Phase transformations were observed by XRD and SEM. The following conclusions can be
drawn from this study:

Precipitation of the α phase in the HPT-deformed material is significantly enhanced by the high
density of lattice defects such as dislocations or grain boundaries, which act as preferential nucleation
sites for α phase precipitation.
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α phase particles in the non-deformed material precipitate in the form of lamellae, while in the
HPT-deformed material, α precipitates are small, equiaxed, and polygonal in shape suggesting that
they all formed as grain boundary α at the β grains triple junctions.

Two-phase α + β microstructure continuously coarsens with increasing temperature and time
of ageing.

Deformation by HPT significantly increases the microhardness due to microstructural refinement,
but also due to the formation ofω phase.

During annealing, the microhardness of the non-deformed material is governed mainly by the
evolution of ω phase. In the HPT-deformed material, the main strengthening mechanism is the
precipitation of fine α phase particles.
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Abstract: Recent years have witnessed much progress in medical device manufacturing and the
needs of the medical industry urges modern nanomaterials science to develop novel approaches for
improving the properties of existing biomaterials. One of the ways to enhance the material properties
is their nanostructuring by using severe plastic deformation (SPD) techniques. For medical devices,
such properties include increased strength and fatigue life, and this determines nanostructured Ti
and Ti alloys to be an excellent choice for the engineering of implants with improved design for
orthopedics and dentistry. Various reported studies conducted in this field enable the fabrication of
medical devices with enhanced functionality. This paper reviews recent development in the field of
nanostructured Ti-based materials and provides examples of the use of ultra-fine grained Ti alloys
in medicine.

Keywords: nanostructured Ti alloys; severe plastic deformation; enhanced strength and fatigue life;
medical implants with improved design; shape-memory NiTi alloy; functionality

1. Introduction

Presently, Ti and its alloys represent the top choice when a combination of high strength, light
weight, and affordable cost are required, such as in the area of medical device manufacturing. However,
the clinical demands for implantable medical devices are growing rapidly, and nowadays new Ti
alloys are being investigated in terms of their chemical composition optimization, manufacturing
processes and modification of surface to meet the appropriate medical standards and comply with
regulation [1,2]. One possibility to design and manufacture new materials with enhanced properties
focuses on nanostructuring of metallic materials using the so-called severe plastic deformation
(SPD) techniques, which have become a cutting edge and promising area in materials science and
engineering [3,4].

Different SPD techniques are applied to refine grains in metallic materials to below micrometer
range or even to the nanosized range. SPD techniques are also efficient for the formation of nanoclusters
and nanoprecipitates of secondary phases, enhancing the mechanical and functional properties of
the materials [4,5]. A whole variety of SPD techniques have been developed and put forward to
provide very high strains (ε > 5) under high applied pressure, such as accumulative roll bonding
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(ARB), including multiple forging, twist extrusion, and others [6–8]. However, equal channel angular
pressing (ECAP) and high pressure torsion (HPT), introduced already in the pioneering works [3],
remain the most used methods for the production of ultrafine-grained (UFG) materials. Principles of
these techniques, developed devices and microstructure evolution during processing steps have been
thoroughly reviewed in numerous studies [3–7,9,10]. Recently, these deformation techniques have
been further upgraded for practical application [11,12].

Nanostructuring of metallic materials increases material strength due to work hardening and
grain refinement [13,14], consequently, fatigue life can be also significantly increased by microstructure
refinement [15]. Understanding material processing by SPD techniques is essential for designing of
medical devices with improved functionality as it not only improves mechanical properties but also
affects corrosion and biomedical properties [16–18]. Improved strength and enhanced biomedical
response of a nanostructured material can be efficiently used in dental implants; a stent of such
permanent implant manufactured from nanostructured Ti can be significantly smaller due to the
increased strength and therefore less harmful for a patient [19].

Recently, materials scientists have been exploring possibilities of improved interaction of
nanostructured materials with body tissues, for instance bones. In this respect, surface modifications of
bulk nanomaterials demonstrate encouraging results [17,18,20,21]. These improvements provide the
possibility for development and design of implantable medical devices that perform better and provide
improved functionality in comparison to their counterparts manufactured from common coarse-grained
materials. This review article outlines the progress in engineering of advanced nanostructured Ti alloys
and medical implants/devices manufactured from those advanced materials.

2. SPD Processing of Nanostructured Titanium Materials

2.1. Commercially Pure Ti

The first studies devoted to Ti-based materials potentially applicable in medicine were applied to
commercial purity titanium (CP Ti) due to its high biocompatibility with living tissues [22]. Unparalleled
biocompatibility of Ti was the main interest of many clinical studies of medical devices and tools
applied in traumatology, orthopedics, and dentistry. Unfortunately, CP Ti is characterized by reduced
strength when compared to other metallic materials used in biomedical devices such as steels or
cobalt-based alloys. Achieving higher strength level is possible by alloying or thermo-mechanical
processing, but then the Ti-based materials usually lose their biometric response or fatigue performance.
Therefore, SPD processing was considered as an alternative strategy proving that nanostructuring of
CP Ti may become a novel approach to improve the mechanical properties of this material to achieve
its high-performance [13,17,19,20,23]. Apart from enhancing mechanical properties, this strategy
is also advantageous in improving the biological response of the surface of the CP titanium based
products [18,20].

The first results on nanostructured CP Ti Grade 4 (O–0.34%, Fe–0.3%, C–0.052%, N–0.015%, all
in wt.%, balance–Ti] were achieved by Valiev et al. aiming on manufacturing rods with significantly
enhanced mechanical properties and superior biomedical response for the fabrication of dental
implants [19]. The processing route involved equal-channel angular pressing (ECAP) as an SPD
technique [9] followed by thermo-mechanical treatment by forging and, finally, drawing. Continuous
SPD processing by ECAP-Conform (ECAP-C) and subsequent drawing, was capable of producing rods
with the diameter of 7 mm and the length of 3 m with homogeneous ultrafine-grained (UFG) structure
along the entire length of the rods [23,24]. Furthermore, ECAP-Conform represents an economical
SPD-based fabrication procedure for mass production of ‘nanoTi’.

After combined severe plastic deformation and thermo-mechanical processing, the grain size was
significantly reduced from 25 µm in the initial Ti rods to 150 nm in the processed material. Figure 1
illustrates the effect of ECAP-C strain on the density of high-angle boundaries (HAB) and mechanical
strength of CP Ti Grade 4 [21].
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Figure 1. Influence of ECAP-C strain on (a) grain boundary (GB) density, (b) yield strength and (c) the
contribution of various strengthening mechanisms [21].

Table 1 shows the improved mechanical properties of CP Ti after nanostructuring by ECAP and
subsequent thermomechanical treatment. The strength of the nanostructured titanium is doubled when
compared to the conventional CP titanium. The increase in strength was achieved without reduction of
ductility (total elongation to failure is above the limit of 10%), which is otherwise commonly observed
after intensive drawing or rolling.

Table 1. Mechanical properties of coarse-grained (CG) and nanostructured CP Grade 4 Ti. Annealed
Ti-6Al-4V ELI (extra low interstitials) alloy for comparison.

State Processing UTS, MPa YS, MPa Elongation, % Reduction
Area, %

Fatigue
Strength at
106 Cycles

1 Initial CG Ti 700 530 25 52 340

2 nanoTi 1240 1200 12 42 620

3
Annealed
Ti-6Al-4V

ELI
940 840 16 45 530

Fatigue tests of conventional and nanostructured CP Ti were conducted in air at room temperature
in accordance with ASTM E 466-96 with the loading frequency of 20 Hz and R = 0.1. Table 1 shows
that the fatigue strength of nanoTi [17,24] after one million cycles is almost doubled when compared to
the conventional CP titanium and even exceeds the fatigue performance of the Ti-6Al-4V alloy [22,25].
Significant enhancement of fatigue properties and improved strength of nanostructured Ti allow us to
produce smaller sizes of implants and therefore to reduce the extent of a surgical intervention (see also
Section 3).

CP Ti is known for its considerable biocompatibility which results from the presence of the
protective oxide film. Titanium dioxide TiO2 forms naturally on the surface of CP Ti and represents a
stable protective layer on that a mineralized bone matrix can be attached. This film is usually 5–10nm
thick and biologically inert, thus it prevents a potentially negative reaction between the surrounding
body environment and the metal [22].

NanoTi with UFG structure containing high density of non-equilibrium grain boundaries achieved
by SPD is also characterized by significantly increased internal energy of the material [3]. This fact may
result in considerable change in the morphology of the oxide film on the material surface. NanoTi with
polished surface exhibits improved biological reaction of the surface as confirmed by recent studies
in a series of experiments through cytocompatibility tests using mouse fibroblast cells [20,26–29]. At
the same time, additional improvement of biomedical properties of nanostructured titanium can be
achieved by dedicated surface modifications such as chemical etching or bioactive coatings [17,18].
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2.2. Titanium Alloys

Two-phase (α + β) titanium alloys such as Ti-6Al-4V and Ti-6Al-7Nb continue to be the most
important metallic materials in the dental and orthopedic fields due to their excellent mechanical
properties and satisfactory biocompatibility [2,22,30,31].

Several recent studies reported improved mechanical and functional properties of nanostructured
titanium alloys.

Microstructure and mechanical properties of Ti-6Al-4V ELI (extra low interstitial alloys for medical
applications) prepared by SPD are reported in [15,32,33]. Round rods of the two-phase alloy with
the diameter of 40 mm (Intrinsic Devices Company, San Francisco, CA, USA) and with chemical
composition: Ti–base, Al–6.0%; V–4.2%; Fe–0.2%; O–0.11%; N–0.0025%; H–0.002%, C–0.001% (wt.%)
had the grain size of about 8 µm in a cross-section and 20 µm in a longitudinal section. X-ray diffraction
analysis proved that the volume fractions of α and β phases were approximately 85% and 15%,
respectively. 250 mm length rods were processed in two steps. The rods were subjected to ECAP via
route Bc at 600 ◦C and subsequently extruded, altogether with total strain of 4.2 [33]. The extrusion
steps were carried out at 300 ◦C with the last pass at room temperature for additional strengthening.
The rods with the diameter of 18 mm and length up to 300 mm were produced. The rods were finally
annealed in the temperature range from 200 ◦C to 800 ◦C for 1 h and subsequently cooled in air.

Transmission electron microscopy (TEM) studies showed that SPD leads to a complex UFG
structure containing refined grains and subgrains with a mean size of about 300 nm.

Stress–strain curves for the initial coarse-grained and UFG material shown in Figure 2 demonstrate
that the alloy after grain refinement by SPD underwent significant strengthening. Tensile elongation of
the UFG material (curve 2) is reduced from 17% to 9%. Strength/ductility trade off, however, improved
after subsequent annealing at 500 ◦C. The results of tensile tests correspond to the measurement of
microhardness [32,33].
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Figure 2. Engineering stress−strain tensile curves of the Ti-6Al-4V ELI alloy: coarse-grained material
(initial) (1); UFG condition (2) and UFG condition after annealing at 500 ◦C (3).

In accordance with [10], enhancement of the ductility in the UFG material by annealing is clearly
associated with a decrease of internal elastic stress and dislocation density. Simultaneous additional
strengthening of the alloy can be explained by the observed decrease in content of metastable β-phase
after cooling from the annealing temperature. Its volume fraction in the UFG alloy annealed at
500 ◦C can be higher than before annealing, as shown in [10], due to quenching from the annealing
temperature. Despite no visible particles of any secondary phase, aging processes might have caused
grain boundary segregations associated with additional improvement of the properties of the annealed
UFG material [34].
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Fine tuning of mechanical properties by annealing after the SPD processing is limited mainly by
grain growth occurring at elevated temperatures. Thermal stability of UFG structure of commercially
pure Ti follows classical grain growth depending on temperature via Arrhenius equation [35] and
limited to approximately 450 ◦C [36]. Nanostructured α + β exhibit enhanced thermal stability up to
550 ◦C [37].

Fatigue properties of the Ti-6Al-4V ELI alloy with UFG structure were investigated. High strength
and enhanced ductility (1370 MPa and 12%) after SPD processing and subsequent annealing at 500 ◦C;
resulted in an enhancement of fatigue limit to 740 MPa after 107 cycles in comparison to 600 MPa in
the initial coarse-grained condition (Figure 3) [32].
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The fatigue limit of the Ti-6Al-4V alloy in UFG condition reported in [32] tested by rotating
bending was slightly higher than the values in [32,38] proving that measured fatigue properties depend
on the choice of the measurement technique.

Achieved results show that high strength can be achieved in UFG Ti-6Al-4V ELI alloy by processing
by ECAP and subsequent thermo-mechanical treatment. Selection of SPD regimes and adjustment
of processing parameters of SPD processing such as temperature, strain rate and strain allow us to
manipulate the grain boundary structure and phase morphology in the two-phase UFG alloy. As
the result, the best combination of strength and ductility can be achieved along with the improved
fatigue endurance limit. Enhancement of strength and ductility of the biomedical Ti-6Al-7Nb alloy
was reported in another comprehensive study [39]. In comparison to Ti-6Al-4V, the Ti-6Al-7Nb alloy
represents a better choice for biomedical use due to avoiding the toxic vanadium [40]. This study
shows that processing by ECAP and consequent thermo-mechanical treatment causing formation of
UFG structure results in high strength (1400 MPa) and ductility (elongation of 10%). These achieved
properties are attractive for designing, developing and manufacturing of high-performance medical
devices and implants.

Considering that vanadium and partly also aluminum are rather toxic elements and,
simultaneously, that reducing of the Young’s modulus is required for avoiding so-called
stress-shielding [39], the development of brand new biomedical alloys represents a current relevant
challenge for researchers. A new generation of titanium alloys must provide improved strength, better
biocompatibility, and lower Young’s modulus than Ti6Al4V alloy. Current research focuses on new
alloying systems, in particular Ti-Nb and Ti-Mo.

Given the above mentioned requirements, the interest is drawn to titanium alloys containing high
content of the β phase, because this phase is characterized by lower Young’s modulus in the range of
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55–90 GPa, and thus exhibit lower stress shielding [39,41–43]. Moreover, these Ti alloys are designed
to contain only non-toxic constituents such as Nb, Mo, Zr, and Ta. On the other hand, these materials
are characterized by comparatively low strength, because the lowest Young’s modulus is obtained
only in solution treated single phase β-Ti alloys. Achieving low Young’s modulus and high strength
simultaneously is a challenging task. Ageing treatments that induce a fine and uniform precipitation
ofω and α phase components provides significant strengthening. On the other hand, this inevitably
increases the Young’s modulus of the alloy [41–43]. Only few studies present successful results in
development of thermal treatments without detrimental effect on some of the relevant mechanical
properties [44,45].

Advancements in the areas of orthopedics and dentistry called for new strategies for development
of new generation ofβ-Ti alloys with reduced Young’s modulus and high strength, which would be more
suitable for such applications. Recently, SPD processing has been proposed to fabricate nanocrystalline
β-Ti alloys with high strength, low modulus of elasticity and excellent biocompatibility [46–51].
Nanostructuring of these alloys leads to improved strength due to grain refinement and substructure
evolution [52]. In particular, solution treated β-Ti Ti15Mo alloy, which is qualified for medical use,
can be significantly refined by HPT as demonstrated in Figure 4a. Grain size can be decreased well
below 100 nm [53]. Significant disadvantage, apart from limited size of HPT samples, is formation
of deformation induced ω phase causing sharp increase of elastic modulus [54]. Subsequent aging
of UFG Ti15Mo alloy leads to two-phase α + β structure which is also characterized by increased
modulus of elasticity [55–57]. More promising is using Ti-Nb-Ta-Zr based alloys which are less prone
toω phase formation. Ti-29Nb-13Ta-5Zr alloy prepared by HPT exhibited increased yield stress from
550 to 800 MPa with unchanged elastic modulus [58,59]. Significant microstructure refinement was
recently also achieved in Ti-35Nb-6Ta-7Zr biomedical alloy by ECAP (Figure 4b).
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Microstructural refinement in β-Ti alloys can be also enhanced by multiple twinning and/or
martensitic transformation β → α” [60]. The nanocrystalline β-Ti alloys also display excellent
in vitro biocompatibility as shown by enhanced cell attachment and proliferation [48]. These novel
nanocrystalline β-Ti alloys have high chances to meet the challenge of next-generation implant material
with significant prospects in load bearing biomedical applications.

2.3. Nanostructured NiTi Shape Memory Alloys

NiTi alloys exhibit unique mechanical behavior—shape memory effect (SME) and superelasticity,
which arise from a transformation between martensite and austenite phases [61,62]. NiTi alloys are
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important materials which are already used in advanced medical devices due to the above mentioned
mechanical properties and, additionally, due to functional properties such as good biocompatibility and
corrosion resistance in vivo [61,63]. At the same time, new, advanced applications will require enhanced
properties (higher strength, higher recovery strain and stress, etc.) of NiTi shape memory alloys.

During the past two decades, there has been interest in the application of SPD methods to NiTi
alloys because the formation of nanocrystalline and UFG structures allows enhancing mechanical and
functional properties in comparison to coarse grained materials [63,64].

HPT processing of NiTi alloys leads to a transformation from crystalline to amorphous
phase. Microstructural changes in deformed NiTi during thermal treatment are of key interest
as they are responsible for the shape memory effect [65,66]. During following thermal treatments
nanocrystalline (NC) structure can be obtained in NiTi alloys via crystallization process (Figure 5) [64,67].
Nanocrystalline NiTi alloys with grain size about 20 nm demonstrate very high strength up to
2000 MPa [64].
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Equal channel angular pressing is another SPD processing technique applied for producing
uniform UFG structure in bulk NiTi alloys. The ECAP processing of NiTi at 400–450 ◦C results in
formation of UFG structure with grain size of about 200 nm (Figure 5).

UFG structure formation leads to significant improvement of mechanical and functional properties
of NiTi-based alloys [64,68–70]. The ultimate tensile strength (UTS) of UFG NiTi alloy attains 1400 MPa,
which is 50% higher than in CG alloys; and the yield stress (YS) increases after ECAP from 500 MPa
to 1100 MPa (Figure 6a). The functional shape-memory effect of NiTi after ECAP is also improved
(Figure 6b). The maximum completely recoverable strain εr

max increases from 6% (in CG state) to 9%
after ECAP and the maximum recovery stress σr

max reaches 1120 MPa, which is twice more than the
level of CG alloys (about 500 MPa) [69]. UFG structure formation in Ni-rich NiTi alloys by ECAP results
in an emergence of superelasticity at temperature close to the human body temperature. Superelasticity
in UFG NiTi is characterized by a narrow mechanical hysteresis and low residual strain [71].

The high-strength NC and UFG NiTi alloys with improved functional characteristics are very
promising for medical applications in particular for manufacturing of stents, embolic protection filters,
guide wires, and other peripheral vascular devices (see Section 4).
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3. Design of Miniaturized Implants

Enhanced mechanical properties of nanostructured metals allow development of medical implants
with better design, for instance with a more subtle design which is less harmful for human body [17].

Application of stronger nanostructured CP Ti instead of common CG Ti, allows for altering the
design of devices. Recently, detailed computations were conducted to analyze the possible geometries
of miniplates for maxillofacial surgery manufactured from nanostructured Ti [72].

CP Ti miniplate specified by ASTM F 67, was considered by Conmet Company (Moscow,
Russia) as the benchmark for redesigning the product dimensions of mini-plates manufactured from
nanostructured CP Ti. The mechanical properties in a cross-section of a newly designed plate were
calculated with the use of estimates of the fatigue performance limit for coarse-grained Grade 4 CP Ti
and nanostructured Grade 4 CP Ti. In practical use, the mini-plates are subjected to bending loads,
therefore bending strength of mini-plates from conventional and nanostructured CP Ti was compared.
The result indicates that the plate from nanostructured Ti has significantly improved bending strength
and therefore, it is clearly advantageous over the standard device currently manufactured from CG Ti.

Recently, three-dimensional finite element models (FEM) were developed using CAE software
(KOMPAS-3D v15, ASCON Group, Saint Petersburg, Russia) and then imported into ANSYS Workbench
18.2 (ANSYS Inc., Canonsburg, PA, USA) [73] for geometry analysis of nanoTi dental implants. In
addition to static strength, calculations of virtual fatigue testing were carried out using the built-in
fatigue module. For all tested models, mesh sensitivity testing was performed in order to obtain
mesh-independent results.

The following procedure was used to assess possible ways to miniaturize the implants. The device
with a standard geometry was assumed to be made from the conventional coarse-grained CP Ti. The
model was designed in a way to obtain nearly critical stress state both in terms of static and fatigue
failure. Afterwards, the same loading was applied to a model with reduced dimensions but with the
properties of nano CP Ti.

A one-stage dental implant with generic geometry was considered in the study. The shape of
the implant is similar to the implant geometry produced from nano CP Ti by company Timplant s.r.o.
(Ostrava, Czech Republic) [74]. Figure 7 shows a technical drawing of the geometry of this nanoimplant
with a corresponding numerical model.
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Recently, manufacturing and successful testing of several medical implants fabricated from 
nanostructured Ti have been considered in detail [17]. Another example of the innovative 
development is the manufacturing and testing of the implant pins designed for surgery in the bone 
tissue of the hip, which increases bone strength and prevents its fracture (Figure 9) [75]. The pins of 
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model; (c) enlarged FEM mesh.

The applied loading scheme was inspired by the testing procedures used in the ISO 14801 standard.
The performed calculations revealed that application of the nanoTi allows reduction of the diameter
of implant by at least 10%, while 20% diameter reduction leads to an unacceptable decrease of the
device’s fatigue strength. Maximal principal stress zone for the implant with the diameter reduced by
10% loaded with a 67.75 N force is shown in Figure 8.
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4. Fabrication and Tests of Medical Nanoimplants

Recently, manufacturing and successful testing of several medical implants fabricated from
nanostructured Ti have been considered in detail [17]. Another example of the innovative development
is the manufacturing and testing of the implant pins designed for surgery in the bone tissue of the
hip, which increases bone strength and prevents its fracture (Figure 9) [75]. The pins of two types
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(Figure 10) were produced from nanostructured Ti rods of 3 mm diameter with very high strength
(σ = 1300 MPa). These implants were used to study their effect on the bone strength of the hip, which
was evaluated by means of bench testing [76]. For this purpose, a special device (Figure 11) was used
to analyze the mechanical properties of implant systems under compression along the axis of the hip.
Such systems were subjected to a defined load along the axis of the hip, as well as in the perpendicular
direction with a force directed to the region of the greater trochanter to complete fracture at a rate of
5 mm/min using the INSTRON 5982 (Instron®, High Wycombe, Buckinghamshire, UK) multipurpose
one pin dynamometer. A total of 3 systems were studied: three pins, a spiral, and a spiral + pin system.
As a result [76], the use of different implants demonstrated high efficiency in improving the strength of
bone tissue in the hip. In particular, the use of a spiral and a pin in the bone-implant system made it
possible to increase the axial load resistance by 72.6% in comparison to the tests excluding implants.
This demonstrated the prospect of integration of surgical reinforcement of the hip made of nano CP Ti
into clinical practice to prevent broken bones.
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Another interesting example of the innovative application is the removable clipping device
for blood vessels, tubular structures, and soft tissues fabricated from UFG NiTi with enhanced
shape-memory effect and designed for bleeding control during laparoscopic operations. This device
has been created and tested in collaboration between Ufa State Aviation Technical University (USATU)
and National University of Science and Technology “MISIS” [24].

The conducted tests demonstrated that the removable clipping devices produced from UFG NiTi
alloy obtain several advantages when compared to the standard counterpart. Table 2 provides the most
important properties of the clipping device for the UFG and conventional CG alloy. The maximum
opening angle of the jaws, at which no residual deformation was observed, increases up to 160◦, which
is significantly higher than that of benchmark CG alloy. The value of the reversible shape memory
effect (up to 4 mm) and the maximum rated force that develops at triggering the clipping device (up to
0.9 N) also doubles in the product from UFG alloys.

Table 2. Service characteristics of the clipping device produced from the NITi alloys.

Material Opening Angle of the
Jaws, ◦

Opening of the Jaws at Reversible
Shape Memory Effect, mm

Max Rated Force of the
Clipping Device, H

CG <110 2 0.44

UFG 160 4 0.9

Higher completely recoverable strain allows for a more convenient shape of the clipping device
to be used for laparoscopy and manipulation; it also helps to reduce the diameter of a laparoscope
tube, i.e., to create more comfortable surgery conditions for a doctor and a patient. Due to higher
deformation with a reversible shape memory effect, it is possible to improve non-invasiveness when
removing the clipping device. Increased maximum recovery stress provides high force that develops
at triggering the clipping device, high reliability of tissue crimping and fixation, and also makes it
possible to reduce the weight of the clipping device.

5. Conclusions

Recent studies have proven that nanostructuring of titanium materials by means of severe plastic
deformation (SPD) techniques achieving grain refinement, increase of dislocation density, dissolution,
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and formation of secondary phase precipitations allows for considerable improvement of the strength
and fatigue properties. In the present paper the advantages of nanostructuring were demonstrated for
CP Ti, Ti alloys including new β-Ti alloys as well as the NiTi alloy with shape memory effect. The
approaches to computer design of a number of miniaturized medical implants made from high-strength
nanomaterials have been suggested. In addition, the paper includes the examples of manufacturing
and tests of selected advanced medical devices for traumatology and surgery from Ti nanobiomaterials.
Taking into account the results of recent studies on surface modification, including chemical etching
of nanometals and deposition of bioactive coatings, it is assumed that the developments of Ti-based
nanomaterials opens new possibilities for advanced medical implants and devices with improved
design and functionality.
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